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FOREWORD 


Tue newer branches of science generally develop at the points of 
contact of the older disciplines and in the fringe areas between science 
and technology; the union between physics and metallurgy has been 
particularly fruitful and has resulted in the growth of the now distinct 
study of Metal Physics. Because of the hybrid pedigree of this new 
branch of science, original publications relating to it are appearing in a 
very large number of different journals, and because of its recent origin 
it is sometimes difficult to digest the new material as it appears. 
Experience in the more rapidly developing branches of science has 
shown that no individual can read, appraise and assimilate all the 
papers that are of interest to him, and it is found that the necessary 
perspective on a topic can usually be most efficiently realized by the 
aid of a review prepared by someone who is himself active in that 
particular field. The purpose of the series is to provide such reviews 
in the general area of the Physics of Metals. It is the hope of the 
Editors that all the significant aspects of the subject will be discussed 
and that those that are advancing rapidly will be reviewed at appro- 
priate intervals. 
B. Cuatmers and R. Kine 


we 
| 
= ‘ 
| 
a 
iJ 
f 
7 
4 
=) 
; 
: 
3 
a 
i 
y 


ACKNOWLEDGEMENTS 


THe authors and the publishers wish to thank the many scientists and 
authorities concerned for permission to make use of previously published 
illustrations. The relevant source is indicated by a reference number 
or quoted in the caption to the illustration. 


a 
aa 
= 
7 
a 
a 
ane 
i 
3 
| 
> 


a 
= 
4 3 
= 
he 
4 
aa 


] 


THE EFFECT OF HYDROSTATIC PRESSURE 
ON THE ELECTRICAL RESISTIVITY OF 
METALS 


A. W. Lawson 


INTRODUCTION 


SLIGHTLY over three years ago when this article was planned, it was 
intended to be a review article focusing attention on the conclusions 
which could be drawn from measurements on the resistance of metals 
subjected to hydrostatic pressure. The enormous body of experimental 
material which has been made available recently through the prodigious 
efforts of P. W. BripgMan* has exposed many new and somewhat 
bewildering facets of the problem. Accordingly, the discussion presented 
here may only be considered as an interim progress report, which hope- 
fully will stimulate more intensive theoretical speculation. 

Generally speaking, the effect of hydrostatic pressure on the resis- 
tance of metals may be separated into four broad categories, which, 
however, are not independent. One effect, always present and often 
predominant, is the change in the interaction between the electrons 
and the lattice waves caused by the stiffening of the lattice induced by 
external pressure. As we shall see, this effect would be the predominant 
effect in a free electron gas model of a metal and, for purposes of con- 
venience, we shall designate metals in which this effect is predominant 
as “‘normal,”’ 

A second effect, which plays a minor role in most cases but is also 
present in the normal metals, is the change of the Fermi energy with 
pressure. 

A third effect, which occurs with more and more frequency as the 
pressure range is extended, is the appearance of the new crystallo- 
graphic modifications. 

A fourth effect is the result of changes produced in the band structure 
of the metal, owing either to changes in overlap between various bands 
or to more radical changes effected in the electronic structure of the 
atoms. 

In the past, the two latter effects have been treated as exceptions. 
They were apparent mainly in the very soft metals which suffered 
comparatively large volume changes under moderate pressures. As the 


* See Table 7. 
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range of pressure available for these investigations has been increased, 
the number of anomalies has increased correspondingly, to the point 
where such behaviour is more of a rule than an exception. In fact, on 
the basis of both theoretical and experimental evidence, for sufficiently 
high pressures (at present unattainable) we must expect this behaviour 
in all metals. 

Since the experimental information available far outstrips our 
theoretical understanding, we must organize this progress report on a 
more or less empirical basis. Accordingly, we shall describe briefly the 
progress in technique and record the data accumulated thereby. We 
shall then discuss the so-called normal metals and illustrate the many 
types of deviation from normal behaviour which are observed. Where 
specific mechanisms have been suggested to account for abnormal 
behaviour, these will be outlined in brief. Finally, a number of unre- 
lated experiments on special systems, such as ordered alloys and 
superconductors, will be described with some effort to interpret their 
significance. 


EXPERIMENTAL TECHNIQUES 
The most important recent experimental development in the study of 
resistance as a function of pressure has been the extension of the avail- 
able pressure range to 100,000 kg/em*, more than double the pre- 
viously available range. This advance 

r has been accomplished by a simple and 


| | ingenious scheme developed by P. W. 

a | Bripemay.* 
| A schematic diagram of the appar- 
ee —— atus is shown in Fig. 1. A thin strip 
= “~~ of the metal to be studied is mounted 
| 9 | . between two discs of silver chloride 


| which serve as the pressure-trans 
—__— wmitting medium. The silver chloride is 
retained by a ring of pipestone. Elec 
a trodes of freshly amalgamated copper 
are threaded through each dise and 


Fig. 1. Schematic diagram ofappar- make contact with one end of the 
atus for studying relative resist- 


specimen and one of the carboloy pis 
tons A or B. The carboloy pistons are 
enhanced in strength by having tips in 
the form of obtuse truncated cones and by the steel collars C and D which 
are shrunk around their bodies. The whole assembly is mounted in a 
sturdy hydraulic press with an 8-in. diameter ram. The disc assembly 
is 0-5 in. in diameter so that a pressure of 400 kg/cm* on the press ram 
* See Table 7. 


ance of metals under pressure up to 
100,000 kg/em*. (After BripGMAN) 
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is sufficient to produce 100,000 kg/cm* on the carboloy tips. The silver 
chloride sandwich is only 0-010 in. in thickness, so that friction against 
the carboloy tips and the pipestone ring is sufficient to prevent the sand- 
wich from squeezing out from between the pistons. 

The silver chloride has two properties which are essential to the 
success of this technique. Firstly, it flows under mechanical stress at 
room temperature sufficiently readily to transmit the pressure to the 
metal strip in a quasi-hydrostatic manner. Secondly, it is a sufficiently 
good insulator so that its own resistance change under pressure does 
not introduce any error in the measurement of the resistance of a good 
conductor such as a metal. 

The technique has certain obvious drawbacks. In the first place, the 
pressure is not truly hydrostatic and the sample is subject to some 
shearing stresses which may produce plastic flow and alter the shape 
of the sample. This tendency has been minimized by BripemMan by 
the use of a thin resin coating on the surface of the sample. With the 
use of this coating, BRIDGMAN was able to check the pressures at which 


TABLE 1 


Relative Resistances and Volumes of the Group I Metals as a Function of 
Pressure. Upper figures are R,/R,; lower figures V,/V,. (After Bripoman) 


| 


P in 
nofem? Ru Cu Ag u 


0 1-000 1-000 1-000 1-000 1-000 1-000 1-000 1-000 
1-000 1-000 1-000 1-000 1-000 000 1-000 1-000 
10,000 =1-073 0-618 0-303 0-326 1-09") 0-966 0-971 
928 SSS O-s14 0-802 0-76 99304 0-99062 0-99442 
20,000 “152 0-182 309 2-13 “965 0-936 0-944 
‘873 ‘S16 0-723 708 0-656 ‘9830 0-98180 0-98899 
30,000 239 413 O-178 455 201) 944 0-910 0-919 
“833 770 0-668 652 571 ‘97990 0-97381 0-98374 
40,000 305 392 0-203 695 5-96 034 0-885 0-896 
gO] 737 0-628 612 521 
50,000 366 252 924 90 “920 0-864 0-874 
773 708 578 431° 
60,000 28 399 B09 218 9-32‘) 907 0-846 0-855 
748 683 0-568 551 
70,000 487 412 0-370 504 7-5! “BOS 0-831 0-840 
727 661 0-546 528 
80,000 551 430 0-439 972 5! . 0-819 
707 (528 HOT 
90,000 623 52 514 2-38 0-809 
623 0-513 
100,000 704 0479 80-596 2-05 
-672 0-606 0-500 0-473 


Minimum of 0-800 at 2,500 kg/cm 

' Transition at 23,000, resistances 2-44 and 2:70, AV = 0-0026 
Transition at 45,000, AV 0-056 

Maximum of 11-2 at P 54,950 kg/cm" 
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the transformations in bismuth and thallium occur to within a few per 
cent. A second difficulty is the distortion of the tips of the carboloy 
pistons into a lenslike contour. In order to correct for errors introduced 
by this effect, BrrpeMan tried to effect a smooth joining between the 
data taken with this apparatus and that obtained by more conventional 
techniques in the range of pressures up to 30,000 kg/cm*. These 
corrections vary in size and require a certain amount of experience and 
judgment on the part of the investigator. In general, the correction is 
of the order of magnitude of 15 per cent. As a consequence, the data 
cannot be regarded as highly precise but almost certainly reflect 
accurately the general behaviour of the materials investigated. Another 
disadvantage of the technique, more a source of annoyance than error, 
is that the application of pressure is irreversible, the pipestone ring in 
general failing upon reduction of pressure. 


TABLE 2 


Relative Resistances and Volumes of the Group II Metals as a Function of 
Pressure. Upper figures are #,/R,; lower figures are V,/V,. 
(After BripGMaAn) 


P in 
kg/cm? | 


uv 1-000 1-000 1-000 1-000 1-000 1-000 
1-000 1-000 1-000 1-000 1-000 1-000 
10,000 0-984 0-953 0-937 0-927 1-107 1-56 
00-9906  0-9737 0-9846 0-978 0-942 0-925 
20,000 «60-969 0-916 0-887 0-872 1-000 1-258 2:38 
00-9501 O-9707 0-958 U-897 0-878 
30,000 0-886 0-847 0-828 0-895 1-450 3°47 
0-9744 0-931 0-9580 0-940 0-861 0-828'°) 
40,000 «0-941 0-859 0-812 0-792 0-803") 1-686 4-58 
0-9671 0-924 0-832 0-791 
50,000 =0-929 0-837 0-783 0-762 0-652 1-981 3-96") 
0-904 0-925 0-909 0-805 0-761 
60,000 | 0-917 0-817 0-756 0-736 0-627 2-318 2-37 
0-890 0-912 0-896 0-780'°) 0-734 0-682") 
70,000 «60-906 0-800 0-733 0-713 0-606 2-710 1-89 1-744 
0-878 0-900 0-884 0-748 0-702 0-639 
80,000 896 0-786 0-713 0-693 “587 3-187 1-82 2-485 
0-865 0-889 0-873 0-732 0-683 0-618 
90,000 0-884 0-776 0-695 0-675 *57 3-753 1-81 2-549 
0-856 0-878 0-862 0-716 0-665 0-598 
100,000 0-876 0-767 0-679 0-658 . 4-399 1-81 2-618 
0-945 0-847 0-868 0-852 0-702 0-648 0-580 


'*) Maximum of 5-05 in R,/R, at 46,000 kg/cm* 

‘> Transition at 40,000 kg/cm* 

©) Transition at 64,000 kg/cm’, V, 0-771 and 0-758 
@ Transition at 65,000 kg/cm’, V, 0-721 and 0-713 
Transition at 25,000 kg/cm", 0-857 and 0-845 
Transition at 17,000 kg/cm", V,/V, 0°865 and 0-859 
‘® Transition at 60,000 kg/cm", 
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Utilizing this technique to its utmost, Brrpgman has examined the 
resistance as a function of pressure of a large number of metals, alloys, 
and semiconductors. The data on the metallic elements are presented 
in Tables 1-6, along with the volume compressions determined in 


TABLE 3 


Relative Resistances and Volumes of the Group III and IV Metals as a Function 
of pressure. Upper figures R,/R,; lower figures V,/V,. (After Brrpeman) 


P in : | 
kgjemn* Al | In Tl Sn 


1-000 | 1-000 | 1-000 . . 1 . 1-000 
1-000 1-000 | 1000 1 1-000 
0-959 0-891 0-882 f 0-9977 | 0- . 0-910 
0-9869 0-977 0-973 0-9901  0-9889 0-982 
0-923 | 0-810 | 0-799 | 0-979 | 0-9954 | 0- . 0-837 | 
| 0-9748 | 0-954 | 0-957 | 0-9815 | 0-9780 | . 0-966 | 
0-892 0-746 | 0-727 | 0-970 | 0-9933 | 0-9773 | 0 0-775 
0-9636 | 0-936 | 0-939 0-9739 | 0-9688 0-951 | 
0-865 | 0-694 | 0-665" | 0-961 | 0-9914 | 0-9721 | 0 | 0-724 | 
(0-958 | 0-919 | 0-9216 | 0-9668 | 0-956 0-936 
0-843 0-650 | 0-436 0-953 | 0-9894 | 0-9684 | 0- 0-683 
0-951 | 0-903 | 0-897 | 0-946 | 0-923 
(0-824 | 0-610 | 0-391 | 0-945 | 0-9874 | 0-9652 | 0- 0-647 | 
0-044 | 0-888 0-881 | 0-937 | 0-909 | 
0-808 | 0-578 | 0-352 (0-938 | 0-9856 | 0-9626 | 0-850 | 0-618 
0-937 | 0-874 | 0-868 | 0-929 10-904 | 0-897 | 
0-794 | 0-548 | 0-319 | 0-931 | 0-9836 | 0-9604 | 0-840 | 0-592 
(0-929 | 0-860 | 0-855 0-922 | (0-897 | 0-886 
(0-782 | 0-520 0-290 (0-924 | ™ | 0-9592 | 0-831 | 0-569 
0-922 | 0-847 | 0-843 0-916 0-891 | 0-875 | 
0-770 | 0-493 | 0-265 | 0-916 0-9581 | 0-821 | 0-548 | 
0-915 | 0-835 | 0-831 | 0-937 | 0-910 | 0-886 | 0-864 


‘® Transition with 16-17 per cent drop in resistance at 80,000 kg/cm* 
‘> Transition at 40,000 kg/cm’, V,/V, 0-921 and 0-914 


separate experiments. Attention is called to the fact that the data 
present resistances and not resistivities. The latter may be estimated, 
however, by making corrections for the change in volume of the sample. 
The tables also contain indications of those instances where abrupt 
transitions occur or discontinuities in the slope of the resistance versus 
pressure curve occur. Examples of such instances will be discussed in 
more detail below. 

In order to give some idea of the overall accuracy of the data, we 
have included Fig. 2, which shows the comparison of BripGMAN’s 
data, corrected and uncorrected for distortional effects, with previous 
data obtained at lower pressures. For details in individual instances, 
reference should be made to the original literature. For the convenience 
of investigators who desire to make such references, we include here a 
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guide to BrIDGMAN’s more recent work which pertains primarily to the 
metallic elements. This guide is presented as Table 7. 
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ARBITRARY UNITS 


—~ UNCORRECTED 

ICORRECTED 


RESISTANCE 


2 6 8 10 
PRESSURE x 10* 


Fig. 2. Data on relative resistance of sodium as a function of pressure 
showing the order of magnitude of various corrections for distortion of 
pistons, shearing forces, etc. (After BRIDGMAN) 


NorRMAL METALS 


In a solid, resistance arises from disorder in the crystalline array of 
atoms. Disorder may be caused by thermal agitation, random distri- 
bution of impurities, vacancies, dislocations, or grain boundaries. At 
ordinary temperatures in many one-component metallic systems, the 
major cause of resistance is the scattering of electrons by phonons, or 
lattice waves. This process may be understood in a crude way as 
follows: 
Classically," the conductivity o of a metal is given by 


(1) 


where .V,, is the effective number of free electrons per unit volume, e 
the electronic charge, m the mass of an electron, and 7 the relaxation 
time or reciprocal of the probability per unit time that an electron be 
scattered. For free electrons, whose wave functions may be written in 
the form e“-’, we have NV.» N, the number of free electrons per unit 
volume, and k = mvr/h. Consequently equation (1) may be written as 

a = Ne*V,/mvA oe 
where J’, is the atomic volume, v is the velocity of the electrons at the 
top of the Fermi distribution, and A is the effective scattering cross 
section of an atom. The bar over the product vA indicates a suitable 
averaging process over the electron distribution. The scattering cross 
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section is given in terms of the probability /(6) of scattering an electron 
through an angle @ by the relation 


A = {(1 — cos 6)1(0)dwm 


TABLE 7 


Abbreviated Guide to Data on Metallic Elements in Tables 1-6 


Vol nm 
Proc Am Acad 


Arte Sei.” 


Pressure Range | 


nolo? Measurement Substances 


70 (1935) 7: 20,000 Vol. Compression Li, Na, K 
1935) 7: 20,000 Resistance Au, Ag, Fe 
2 (1938) 1! 30,000 Resistance Cu, Ag, Au, Fe, Pb, Li, 
Na, K, Rb, Cs, Ca, Sr, 
Ba, Mg, Zn, Sn, Sb, Bi 
(1940) 30,000 . Compression Fe 
(1940) : 50,000 Compression In, Sb, Bi 
1942) 42! 100,000 Compression Li, Na, K, Rb, Ca, Sr, Ba, 
Zn, Cd, In, Tl, Sn, As, 
Sb, Bi 
100,000 . Compression Li, Na, K, Rb, Cs, Be, Mg, 
Al, Ti, Mn, As, Zr, La, 
Ce, Pr, Nd, Th, U 
30,000 . Compression Mg 
30.000 . Compression Ir, W, Ru, Pt, Mo, Rh, Ta, 
Co, Ni, Pd, Au, Cb, Fe, 
Cu, Ti, Ag, Be, Al, Sb, 
Zn, Th, Sn 
100,000 Resistance Li, Na, K, Rb, Ca, Cu, Ag, 
Au, Be, Ca, Sr, Ba, Mg, 
Zn, Cd, Hg, Al, Ga, In, 
Th, La, Ce, Pr, Nd, Ti, 
Zr, Th, Sn, Pb, Va, Cb, 
Ta, As, Sb, Bi, Cr, Mo, 
W, U, Mn, Fe, Ni, Co, 
Rh, Pd, Ir, Pt 
83 (1954) 1 40,000 Vol. Compression La, Ce, Pr, Nd, Sm, Gd, 


Dy, Ho, Er, Tm, Yb, Lu 


lsu 


100,000 Resistance 
Also Amer. J. Sci. 50,000 Vol. Compression Li, Na, K, Rb, Cs, Cu, Sr, 


37 (1939) 7 Ba, Sn, Pb 


where the factor (1 cos #) gives extra weight to large angle collisions. 
The quantity /(@) may be estimated by elementary Born collision 
theory and is given by 


. 
in which AV is the difference in potential between the actual lattice 
and the potential which would exist if the lattice were perfect. 
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Considering now only one dimension, we may write in a crude 


aX’ 
vibration of an atom. Thus, in this approximation, we have 


1(0) « X? « & 


Einstein approximation AV = X where X is the amplitude of 


For sufficiently large temperatures, so that equipartition is complete, 


where £ is an appropriate stiffness constant for the atomic vibration, 
which is related to the Debye temperature 6 by the relation 


E = M6*K2/h? 


in which M is the atomic mass. Combining equation (2), equation (5), 
and equation (6), we see that 


o = AP/T v, 
where A is a constant and 
Uy . . .. (9) 


From this crude model it appears that the effect of pressure on 
electrical resistance in pure metals will be controlled by the variation 
of 6, Uy, and v. 

For practically free electrons, lying wholly in one zone, as, for 
instance, in the alkali metals, the crude calculation carried out above 
may be refined. Betrue® gives the following expression for the con- 
ductivity in the case 7’ > 6 

k (dF \* M 
ne* 
dk 


= (2 


ha, T (10) 
where n is the number of electrons per atom, F is the Fermi energy, ay 
is the Bohr radius, C is an energy of the order of several volts obtained 
by carrying out the integration indicated in equation (9) using complete 
Bloch wave functions for the electronic states k and k’. 

Equations similar to equation (10) have been the starting point of 
discussions by Morr, by Lennsen and Micue.s,™ and by Frank.“ 
Since resistance rather than specific conductivity as a function of pres- 
sure is usually the readily available data, it is convenient to convert 
equation (10) into an expression involving resistance R. Thus, for 
nearly free electrons, where F = «*h*k*/2M, in which « is the ratio of 
the free electron mass to the effective mass, 


where g is a constant independent of the volume \’. 
ll 
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For the variation of the resistance with volume, we have from 
equation (11) 


din V Oiné dinV “OinV 3 


In equation (12), in order to allow for a small correction in the cases 
Jin R 6 

where 7' ~ 6, we have not taken 3] 7 - 2. Actually, for T < 4, 
in 


as shown by Morr and also by LENNSEN and MicHe.s,"*) we may set 


To evaluate yin ¥” we use GRUNEISEN’S relation, 
in 


XU op 

where f is the coefficient of thermal expansion, C,, the specific heat per 
unit mass, 7 the compressibility, and p the density. 

For perfectly free electrons, we may neglect the last term of equation 

—— arises from 
dln } 
the term involving C. The value contributed by this term depends on 
the model used in calculating the interaction constant C and the nature 
of the approximations used in evaluating the resulting integrals. In 
the crude model outlined above, we have used the Bloch deformable 
ion model, which may be described as an intelligent guess concerning 
the nature of the interaction. Depending on the physical approxima- 
tions used in carrying out the calculations, WILson‘® estimates C to be 
% the kinetic energy of an electron plus its mean potential energy, 
whereas Serrz'” estimates C to be the kinetic energy of electron in its 
lowest state at the boundary of an atomic polyhedron. Another 
calculation by Pererson and Norpuet" leads to a proportionality 
between C and the Fermi energy. The value of a should be—1 

} 

according to Serrz, and — % according to Peterson and NORDHEIM. 

LENNSEN and Micue ts) have used NorpHeErm’s formula for con- 
ductivity which is based on a rigid ion model. They derive a formula 
for the pressure coefficient of resistance which is equivalent to equation 
dine 
dln 
olnR 
anv \ 


12 


(12) involving «, and the only other contribution to 


(12) if the value of - is taken to be — 1, namely 
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LENNSEN and MIcHELs have also used the rigid ion model in conjunc- 
tion with a tight bonding approximation and reach the conclusion that 
from this point of view 


olnV 


2 
: (2 - + (16) 
In either case, the effect of pressure on Debye temperature is the 
predominant term and we should expect the resistance of normal 
metals to decrease with increasing pressure, as the disorder arising from 
lattice vibration is decreased. Such a decrease of resistance is in fact 
found in many cases, as may be observed by referring to Tables 1—6. 
However, there are frequent unexpected and striking exceptions, for 
example, the alkali metals (in particular Li) and the alkaline earths, in 
addition to the expected abnormal behaviour of the more complicated 
semi-metals Bi and Sb. Such abnormal behaviours are discussed 
separately below. 

In the more normal cases, the quantitative predictions of equations 
(15) and (16) are borne out reasonably well. Referring to Table 8, 
Oink, 

lie between those 
Oln 
calculated on the bases of the free electron model and tight bonding. 
In view of the uncertainty regarding C in the present state of the theory 
and our neglect of the pressure variation of «, better agreement could 
hardly be expected. In fact, the agreement is probably somewhat 
misleading, when one considers that it is best for the transition metals 
where scattering of electrons from one band to another must play a role, 
a phenomenon not considered in the elementary theory. 

Our confidence in the dependence of the resistance on the Debye 
temperature term is bolstered by a consideration of the temperature 
dependence of the pressure coefficient. Analyses of this effect have 
been carried out by Morr, and more completely by Gritwetsen,'® 
using BrrpGMan’s"”) low temperature data. The analysis is somewhat 
complicated by the residual resistance arising from impurities. In 
general, we may write 


we see that in general the observed values of 


R=[(R)+Z « 


where # is the actual resistance of the impure metal, [ #] is the resis- 
tance of the ideally pure metal, and Z is the contribution of impurity 
scattering. Then, if we write y for 0 ln R/OP, it may be shown from 
equation (12) that the difference Ay between y at two different tempera- 
tures is given approximately by 
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TABLE 8 
Change in Resistance with Compression* 


228 2p 


Substance - 
| 


92 
{2 + ama) Eq. 15 | Eq. 16 
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2 
3 
3 
3 
3 
3 
3 
3 
3 
3 
l 
2 
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Ny 
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Cb 


wo 


* The values differ slightly from those given by Mort, owing to use of different data and to the inclusion 
of the 7 term in the calculation. 


(1) P. W. Bripoman; Proc. Amer. Acad. Arts Sci. 72 (1938) 157; (2) P. W. Bripeman; Proc. Amer. 
Acad, Arts Sci. 70 (1935) 71; (3) P. W. Bripoman; Proc. Amer. Acad. Arts Sci. 79 (1951) 125 


in which Jin[R]/2in7 is a universal function of 6/7’ which 
approaches unity for 7’ > 6 and approaches the value 4 for 7’ < 6. 
This function is tabulated by Grtnersen.’” The derivation of equation 
(18) involves the following assumptions: first, the pressure dependence 
of Z is independent of temperature; second, the pressure dependence of 
the Fermi energy and the effective electronic mass is temperature- 
independent; third, the ratio 8V/C, is independent of temperature. 
The first two assumptions are eminently reasonable and the third is 
found to be true empirically (GRUNEISEN’s Law). 

From BripGMan’s observations on the pressure coefficient of resis- 
tance at 0°C, Griineisen calculated the coefficients to be expected at 


14 


| | a 
Li 510233 | 13 3:3 99 
Na 172-235 1-2 3-2 3-2 
1260-27 7 1-4 3-4 48 
as Cs 68 2-7 7 1-4 34 1-6 
Ba 110 0-4 
a Be 1000 1-8 
Al 396 4-3 4:7 5-4 3-1 
In 0-5 JOL. 
Fe 453 3-6 43 40 
vi Co 385 3-7 4-0 4-7 7 | 
Ni 375 38 +1 48 3-5 
Pd 23045 46 53 40 
Pt 225 5-1 5-2 5-9 51 
Rh 370 44 = a 
Mo 379 34 21 +1 3-5 
Ta 245 3-5 3-6 2-3 4-3 3-3 
W 320 3-2 34 2-1 41 4-0 
Pb 5S 55 39 5-6 
Ca 310, 3-9 +1 2-8 48 2-6 
A 215 48 49 3-6 5-6 3-6 
Au 175 6-1 6-2 49 6-9 5-1 
Pr 0-4 3 
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other temperatures from equation (18) and compared these estimates 
with BrripGMANn’s data obtained at lower temperatures. This compari- 
son is reproduced in Table 9. In view of the approximate nature of 


TABLE 9 


Observed and calculated temperature dependence of the pressure 
coefficient of resistance (after GRUNEISEN) 


10° 


0-004 2-94 - 13-05) - 12-76 — 13-5) 

0-010 ~ 4°80 “16 - 7-48 

0-003 3°45 - 3-62 - — 4-64) 

0-014 2: : 3-03 3-43 

0-008 - . - 2 - 201 - . 3-12 

0-059 - - 1-98 

0-068 2-2 — 2-42 

0-019 - 2 2-33 - 2-22 

0-009 


-42 “50 
“42 1-43 


» 

0-044 6 86 - 1-74 
- 


* P. W. BripemMaNn; Proc. Amer. Acad. Arts Sci. 67 (1932) 305 
‘* Computed as if the residual resistance Z were zero 


the theory, the agreement is remarkable even tor relatively impure 
substances such as Fe, Rh, Ta, and W. Alternative data obtained by 
Fiscuer”” on W and Mo do not agree with theory as well as Bripe- 
MAN’S. The former’s values for Cu and Fe agree fairly well and his 
values for Pb, which extend to lower temperatures, are in excellent 
agreement. Deviations from the theory are in both directions, but in 
many cases improvement is obtained by making estimates of terms 
neglected in the various approximations. Pure metals have a larger 
pressure dependence of resistance at lower temperatures. The effect of 
impurities is to decrease the temperature dependence of the pressure 
coefficient and may be large enough to reverse the slope of y versus 7’. 


ABNORMAL METALS 


Although many metals appear to be more or less normal, striking 
anomalies occur, notably in the alkali metals, the alkaline earths, the 
rare earths, and in the semi-metals of Group V. We shall now consider 
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these various anomalies and the theories which have been advanced to 
explain them. 


Alkali Metals 

This group has traditionally been considered as the classic example of 
where the free-electron model might be expected to be a reasonable 
approximation. A glance, however, at Fig. 3 and Fig. 4 is sufficient 
to reveal that the behaviour of the resistance of alkali metals is quite 
complex and far from normal. Lithium, for example, has a positive 


RESISTANCE 


REL ATIVE 


Fig. 3. Relative resistances of the Fig. 4. Relative resistance of caesium 

alkali metalsas a functionof pressure. as a function of pressure showing 

(After BRIDGMAN) large cusp-like maximum near phase 
transition. (After BRIDGMAN) 


pressure coefficient of resistance over the whole range of pressures so far 
investigated. Sodium, potassium, rubidium, and caesium, although 
possessing a negative pressure coefficient of resistance at low pressures, 
have a positive coefficient of resistance at higher pressures. In addition, 
caesium has two phase transitions, the higher of which is characterized 


by a large cusp-like maximum in resistance. 

Frank” was the first to suggest an explanation of the anomalous 
behaviour in lithium by considering the dependence of the energy bands 
on interatomic distance. This dependence is shown in Fig. 5 and may 
be contrasted with that of sodium which is shown in Fig. 6. In the case 
of lithium, compression to smaller interatomic spacing than the 
equilibrium value decreases the overall width of the first band which is 
only half full. This decrease in band width has the effect of increasing 
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the curvature of the energy versus wave number curve and, accordingly, 
the effective mass of the electron increases so that « decreases. 
BARDEEN”) has subsequently carried out more elaborate calculations 


of « and his results are shown in Fig. 7. The Fermi energy would 


(atomic units) 


==. 


Fig. 5. Energy bands in lithium as a function of interatomic 
distance. (After FRANK) 


appear to vanish at about r, = 1-15A. This value is somewhat different 
from the interatomic distance at which the extrapolated conductivity 
vanishes, but the calculation is no longer valid when the band width 
becomes so small. In any case, it is extremely unlikely that the 


conductivity of lithium would actually vanish. Before such a situation 


r (atomic units) 


8 9 10 


Fig. 6. Energy bands in sodium as a function of interatomic 
distance. (After FRANK) 


arose, it is very likely that lithium would transform to a close-packed 
structure, 

The band energies for sodium are somewhat different from those for 
lithium, so that, as pressure is increased, the width of the first band 
increases, passes through a maximum, and subsequently decreases. 
FRANK argues that this behaviour of the band will give rise to the 
minimum in resistance actually observed by BripGMan in sodium. 
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BARDEEN’s more detailed calculations illustrated in Fig. 8, however, 
show no trace of a maximum in « in the appropriate volume range and, 


w 
LITHIUM fo 


-0 45 0140 


-o4 
° -O4 


4 re 


mA 


Q, 
Fig. 7. Behaviour of W, the total energy per atom, &, the energy of 
an electron in its lowest state, « the ratio of the effective mass of 


the electron to the mass of a free electron, and F the Fermi energy, 
as a function of interatomic distance in lithium. (After BARDEEN) 


. therefore, FRANK’s explanation of the minimum must be accepted with 
some reservation. 

On the basis of his early experiments BripGMAN at one time suggested 

that the existence of the minima in resistance of the alkali metals might 

imply that at sufficiently high pressures all metals ultimately become 


$00 UM 


-O 44 
-~0-45 040 fo | 
w | 
-O46 


Fig. 8. Behaviour of W, &,. a, and F as a function of interatomic 
distance in sodium. Compare Fig. 7 for lithium. (After BARDEEN) 


insulators. His later experiments, however, convinced BripGMAN that 
such extrapolations were dangerous. Indeed, there appears to be no 
valid reason why the electrical resistance of a metal should not pass 
through a whole series of maxima and minima as its electronic structure 
is gradually broken down by increasing interaction. From the point of 
view of the band theory, one expects that at infinite pressure the bands 
would become infinitely wide and would all overlap so that every 
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electron could contribute to the conductivity more or less as if it were 
free. In this connection it is interesting to speculate whether the 
normal behaviour of many metals does not arise from the possibility 
that sufficient overlap between bands already exists at atmospheric 
pressure so that electrons behave in a relatively free manner. 

The phase transitions in caesium are of some theoretical interest. 
The first phase transition, with a relatively small change in volume, is 
presumably a transition from the body-centred cubic structure to a 
more closely packed structure, presumably face centered cubic. The 
second transition, with a relatively large change in volume, has been 
attributed by Sternnemer”” to an electronic rearrangement in the 
shell structure of the atom. STEeRn- 
HEIMER believes this rearrangement 
involves the promotion of a 6s electron 
into the 5d shell. From this point of 
view, the maximum in the resist 
ance might be explained as the result 


of resonant scattering of electrons 
between two bands. NSTERNHEIMER 
suggests that the high pressure modifi- 
cation of caesium might be ferromag 
netic. However, his theory neglects the 
effect of repulsive forces between ion 
cores and accordingly this suggestion, 
while interesting, needs experimental 
confirmation. 


2345 678 910 
PRESSURE 10000 nf UNITS 


{lkaline Earths Fig. 9. Relative resistances of stron- 
tium, calcium, and barium as a func- 


Both strontium and calcium have large tion of pressure. (After BripGMaAN) 
positive pressure coefficients of resist- 

ance initially. Strontium has a maximum in resistance at about 
50,000 kg/em?*, which is not apparently associated with any polymorphic 
transition. Barium has a minimum of resistance around 10,000 kg/cm? 
in addition to a discontinuity in resistance at higher pressures, the 
latter presumably the result of a new crystallographic modification. 
These anomalies are illustrated in Fig. 9. 

Morr has attempted to explain the behaviour of calcium in a 
fashion somewhat analogous to the theory for lithium. The divalent 
metals calcium and strontium are cubic and the first Brillouin zone, 
which can contain two electrons, would be just filled if there were no 
overlap into the second zone. Such overlap presumably does exist since 
otherwise these materials would be insulators. Morr proposed that the 
band structure of these metals was such that the effect of pressure 
would be to decrease the overlap between bands and thus to decrease 
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the conductivity. Since Morr first made this suggestion, however, 
detailed calculations have been carried out for the case of calcium by 
Mannine and Krvurrer,” whose results indicate that Mort's 
mechanism cannot be operative, at least in calcium. They find that the 
overlap between bands is increased by pressure rather than decreased. 
MANNING and Krurtrer believe that the increased overlap increases 
the density of vacant d states near the top of the Fermi distribution 
more rapidly than vacant states are produced in the lowest band. In 
this case, the increased scattering of the electrons by vacant d states 
might have a larger effect on the conductivity than the increase in 
effective number of carriers owing to increased overlap, and hence the 
resistance would increase with increasing pressure. 


Group V Metals 


Most of the Group V metals exhibit anomalous behaviour of one 
variety or another. By way of illustration, we have included Fig. 10, 
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Fig. 10. Relative resistances of antimony and bismuth as a 
function of pressure. (After BRIDGMAN) 


which shows the variation of resistance with atomic spacing in Bi and 
Sb. Both these substances have low symmetry and relatively low 
conductivity. In both cases, the conductivity along the particular 
crystal directions measured increases with increasing pressure. The 
dependence is quite different in different directions, and in general 
obeys no simple law. In fact, the phenomena are so complicated that no 
explanation has been attempted. 

In certain materials abrupt kinks appear either in the slopes of the 
resistivity versus pressure curves or in the pressure coefficient of resis- 
tance versus pressure. Such kinks are found in Pd, Pr, Nd, Ni, Cr, and 
As. The nature of these kinks is illustrated in Figs. 11, 12, and 13. In 
certain cases the breaks in slope are so small that extreme care must be 
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exercised in detecting them lest they be smothered in experimental 
error; in other cases they proclaim themselves dramatically and 
unmistakably. Associated with the kinks in the resistivity curves, in 


cmi/kg NICKEL 
180 


j 1 
10000 20000 30000 kg/cm? 
PRESSURE 


Fig. 11. The pressure coefficient of resistance of nickel as a 
function of pressure. (After BRIDGMAN) 


2 
CHROMIUM 
30 


2000 4000 6000 kg/cm? 
PRESSURE 


Fig. 12. The pressure coefficient of resistance of chromium as a 
function of pressure. (After BRIDGMAN) 


ARSENIC 


2000 4000 6000 8000 
PRESSURE kg/cm? 


Fig. 13. The pressure coefficient of resistance of arsenic as a 
function of pressure at two different temperatures. 
(After BRIDGMAN) 


certain cases, at least, such as Ni and Pd, are breaks in the slope of the 
compressibility versus pressure curves. In other cases (Nd and Pr) the 
breaks are not evident if resistance is plotted against pressure, but 
appear clearly when resistance is plotted against volume. In the case 
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of As, the break in slope of resistance versus pressure has been detected 
at several temperatures. The transition temperature is a linear function 
of pressure and extrapolation indicates that the transition would occur 
at zero pressure very near absolute zero. 

The kinks occur with sufficient frequency to arouse theoretical 
interest in their origin. Considering the number of transition elements 
involved, one is tempted to seek a connection with magnetic properties. 
However, the existence of a similar kink in such a noteworthy dia- 
magnetic as y-brass (see below) appears to weigh heavily against such 
a unique correlation. In view of the complexity of the band structures 
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kgm/cat 


=40 
TEMPERATURE °C 


Fig. 14. The relative resistance of chromium as a function of 
temperature and pressure. (After BRIDGMAN following PuRsEyY) 


of these materials, it seems highly probable that the kinks are associated 
with the onset of overlap of electrons into a higher band or when 
overlap reaches a critical zone boundary. As critical overlap conditions 
are passed, the density of states available for scattering or the number 
of electrons available for conduction will change at a different rate for a 
given volume change and hence may affect the slope of the resistivity 
curve versus pressure. Owing to the interaction of electrons near a 
zone boundary with the boundary, one would also expect anomalies in 
the compressibilities of these substances. In favour of the preceding 
argument is the absence of kinks in simple metals such as gold, copper 
and silver. 

It should be mentioned, however, that the kink in the resistance versus 
pressure curves of chromium are possibly magnetic in origin. Neutron 
diffraction studies by SHULL and WILKrNson"®) have established the 
existence of antiferromagnetism in both Cr and Mn. Both these ele- 
ments exhibit anomalies in resistance and specific heat. Unfortunately, 
these anomalies are not unambiguously associated with the onset of 
this phenomenon as the temperatures at which the various anomalies 
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appear are different. By plotting BrrpGman’s resistance data (accord- 
ing to a privately communicated suggestion of H. Pursry) as a function 
of temperature for different pressures, as in Fig. 14, one may see clearly 
that, if the resistance anomaly is associated with antiferromagnetism, 
the Néel temperature is decreased by increasing pressure. 


The Rare Earths 


Among the so-called 4f elements, there are some which exhibit anoma- 
lous valency in the metallic state. Associated with these anomalous 
valencies are anomalies in the metallic radii. These phenomena are 


TABLE 10 
Metallic Radii of the 4f Elements 


(after ZACHARIASEN*) 


Element Radius A Valence Element Radius A Valence 


‘S71 
-818 
“824 
“804 
2-084 


* W. H. ZACHARIASEN; J. Amer. Chem. Soc. 75 (1953) 5650 


illustrated in Table 10, which reveals that the elements which deviate 
most are cerium, europium, and ytterbium. 

ZACHARIASEN"® has pointed out that the deviations from normal 
trivalency in the 4f elements reflects the tendency of cerium to retain 
an empty 4f shell and the tendency of europium and ytterbium to 
attain a half-filled and full 4f shell, respectively. The relative stability 
of the half-filled shell is a consequence of Hunp’s rule. 

In the case of cerium and ytterbium, the anomalies are reflected in 
the behaviour of their resistance as a function of pressure. This 
behaviour is illustrated by Figs. 15 and 16, As may be seen, the two 
cases are somewhat different and will be discussed separately. In 
addition to the anomalous resistance variation, the compressibilities 
of both cerium and ytterbium are considerably larger than those of the 
other 4f elements. Unfortunately, neither the resistance nor the 
compression of europium as a function of pressure has yet been 
measured, It would, however, be quite surprising if this element was 
not also anomalous. In fact, there is reason to believe that europium 
might become ferromagnetic under high pressures. 
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Further experiments on cerium have cast some light on the nature 
of the transformation. In particular, X-ray powder diffraction 
studies”) have been made on the high pressure modification of cerium 
using a special technique"* involving a beryllium or diamond high 
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Fig. 15. The relative resistance of lanthanum and cerium as a 
function of pressure. (After BRIDGMAN) 


pressure vessel. These studies reveal that the initially face centred 
cubic modification of cerium stable at atmospheric pressure is con- 
verted abruptly in the neighbourhood of 10,000 atmospheres to 

another face-centred cubic lattice. The 
volume change at the transition is 
approximately 10 per cent, but an 
additional anomalous contraction of 
about 5 per cent occurs progressively 
with increasing pressure below the 
transition. This prescience of the tran- 
sition is reflected by the fact that 
cerium’s compressibility is an increas- 
ing function of pressure. 

The observed lattice constants of the 
two modifications correspond to ionic 
radii of 1-82 + 0-02A and 1-71 + 
0-02 A respectively. It is interesting 
to compare these with estimated radii 
Fig. 16. The relative resistance of of the trivalent and quadrivalent 
ytterbium asa function of pressure, C@rium with a coordination number of 

(After BrRipGMAN) 12, which are 1-85 + 0-01 A and 1-71 

+ 0-02 A, respectively. These num- 

bers suggest that pressure converts trivalent metallic cerium to a 
quadrivalent form, presumably by promoting the 4f electron to a 5d 
state. This model is supported by the magnetic studies of TRoMBE 
and Forx" on the high pressure modification, which is stable at 
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atmospheric pressure at sufficiently low temperatures. They showed 
that the contracted modification had an anomously low paramagnetic 
susceptibility. 

As pressure is applied to cerium, its resistance initially increases, then 
begins to decrease more and more rapidly up to the transition, where 
there is an abrupt decrease in resistance. The initial decrease may be 
associated with increased amplitude of thermal agitation arising from 
the increase in compressibility. The resultant decrease is presumably 
partially owing to the greater freedom of the 5d electron and decreased 
scattering of electrons between the 4f and 5d bands. It is of interest to 
note that the transformation has not been found in the close-packed 
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Fig. 17. The pressure coefficient of resistance of lanthanum as a 
function of increasing and decreasing pressure, showing hysteresis 
effects. (After BRIDGMAN) 


hexagonal structure of cerium which is metastable at atmospheric 
pressure and room temperature. 

Extrapolating the model used to interpret the case of cerium to 
that of ytterbium suggests that the anomalous behaviour of the latter 
is a result of a 4f electron being squeezed into the 5d shell. The large 
increase in resistivity with pressure presumably results from resonance 
scattering between the 4f and 5d bands, the resistance returning to a 
more normal value when the 4f band contains a hole and thus can 
conduct more easily scattering mechanism. The transition in ytterbium 
appears to be gradual in nature, no evidence for an abrupt transition 
being found. 

Another rare earth element which exhibits an anomalous behaviour, 
although not as striking as those in cerium and ytterbium is lanthanum. 
In the latter the resistance is very nearly constant to about 
25,000 kg/cm? where it begins to drop with a cusp-like rapidity to pass 
through a shallow minimum near 90,000 kg/cm*. The cusp occurs near 
a transformation at 23,700 kg/cm? with a fractional volume change of 
0-0036 and is presumably associated with it. The behaviour of the 
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resistance of lanthanum shows marked hysteresis with increasing and 
decreasing pressure, as shown in Fig. 17, and to cold work as shown in 
Fig. 18. It seems plausible that the transition is from a face centred 
cubic structure to a close packed hexagonal structure, the hysteresis 
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Fig. 18. The relative resistance of lanthanum as a function of 


pressure. The upper curve is for a cold-worked sample, the lower 


for an annealed. The ordinates for the two curves are unrelated. 
(After BripGMAN) 


and sensitivity to cold work being associated with the occurrence of 
stacking errors. 


ALLOYS 


Although the electrical resistance of a number of alloys as a function 


of pressure has been measured by BripGMAN and others, no systematic 


survey has been made. In fact, most of the measurements are on alloys 
with relatively complex structures—data on alloys composed of elements 
miscible in all proportions being notably absent. In general, for those 


alloys studied, positive pressure coefficients are much more common 


than in the case of simple metals. In the latter, the pressure coefficient 


is practically independent of temperature in most cases; in alloys, 
however, the pressure coefficient may reverse sign with temperature. 
For instance, as Bripoman® found in some early investigations, the 


coefficient of Ag,Zn, is negative at 30°C and positive at 75°, whereas in 
Ag,Al the situation is just reversed. In many cases, irregularities in 
the resistance measurements indicate a shifting internal equilibrium 
which beclouds the theoretical interpretation. 

Again, both Morr and also Lenssen and Micue cs have offered 
brief theoretical discussions. The latter, using Norpuer's rigid ion 


model and assuming no change in scattering power of the atoms as a 


function of pressure, calculated that the fractional increase with 
pressure of the contribution to the resistance of impurity atoms is 
two-thirds of the compressibility of the medium. The LEeNNsEN- 
MICHELS theory is based on the assumption of free electrons and that 
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distortions surrounding impurity atoms are responsible for the increase 
in resistance. They also assume that these distortions are compressed 
in proportion to the compression of the lattice. A smaller compres- 
sibility of the distortions would lead to a bigger pressure coefficient 
arising from impurities than the estimate given above. They have also 
reached the conclusion that effect of mechanical strains should be the 
same. Actual experiments carried on gold annealed at various tempera- 
tures indicate that the pressure coefficient of lattice strain resistance is 
approximately twice as large as the theoretical value, assuming the 
compressibility of the strains to be the same as that of the perfect 
lattice. These results are in accord with BriIpGMAN’s empirical 
observation that small amounts of impurity invariably increase the 
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Fig. 19. The pressure coefficient of resistance of y-brass as a 
function of pressure. (After BRripGMAN) 


magnitude of the pressure coefficient of a metal algebraically, i.e. makes 
it more positive. 

It is noteworthy that the pressure coefficient of resistance curves of 
alloys also exhibit kinks similar to those observed in pure metals. Such 
a kink is found in y-brass (Cu,Zn,) and is illustrated in Fig. 19. Bripe- 
MAN!) measured two samples in 1935, one of which exhibited a break 
at 75°C and 8000 kg/cm?*, the other of which was more or less normal. 
Noticeable irregularities and hysteresis were observed in both samples. 
The abnormal sample showed no break in the pressure coefficient at 
30°C, but associated with the break at 75° was a discontinuous change 
in relative length of 0-0032. A further abnormality in the behaviour of 
this specimen was exhibited by the fact that it had an appreciably 
higher initial compressibility at 30° than at 75°. Both samples were 
annealed for over 10 days after casting, and X-ray examination 
indicated that these were homogeneous. The existence of hysteresis 
indicates, however, inadequate metallurgical preparation. The data 
shown in Fig. 19 were taken on a sample especially prepared for 
BripGMAN by C. 8. Smrru. This sample evinced none of the signs of 
lack of internal equilibrium and the break appears to be quite repro- 
ducible, occurring now at 24°C and 5000 kg/em*. Presumably, some of 
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the discrepancies among the data arise from differences in composition, 
as many physical properties of y-brass are strongly dependent on 
composition within the limits of stability of the phase. 

Other y-structures have also been studied by Bringman“*) namely 
Ag,Cd,, Ag,Zn,, Cu,Cd, and Cu,,Sn,. Ag,Cd, has a definite anomaly 


TABLE 11 


Relative Resistances of Some Intermetallic Systems as a Function 
of Pressure (after BripGmMan) 


| 
P in kg/cm? | CuZn | AgZn | AuZn | Cu,Zn, | Ag,Zn, | Ag,Cd, | Cu,Cd, | Ag,Al 


0 1000 1000 1-000 1-000 1-000 1-000 1-000 | 1-000 
10,000 0-980 ©6060-9063 | 0-967 0-969 0-996 0-974 0-908 1-001 
20,000 0-961 0-932 0-938 0-951 0-994 0-953 0-836 1-003 
30,000 O-944 0906 8690-912 0-936 0-994 0-935 0-777 1-005 ‘ 
40,000 0-928 0883 | 0-889 0-922 0-995 0-921 0-729 | 1-008 f 
50,000 0915 0-861 0-869 0-911 0-999 0910 | 0-604 1<0ll 
60,000 0-003 «600-840)—)—O-851 0-902 1-004 0-901 | 0-664 1-015 
70,000 0-892 O819 0-835 0-894 1-012 | 0-894 | 0-639 1-019 
80,000 0-883 0-797 | 0-822 £40888 1-022 0-889 | 0-619 1-023 
90,000 0-875 0775 £0809 0-883 1-034 0-885 0-600 1-029 
100,000 0-868 | 0-755 | 0-799 | 0-879 1-050 | 0-884 | 0-585 | 1-035 
TABLE 12 


Relative Resistances of Fe-Ni Alloys as a Function of Pressure 
(after 


. Fe 60 Fe 30 
5 | Nido Ni 70 


Pin kelem: | | Fes | Fe75 | Fe 70 
in kg/cm NilO | Ni20 | Ni25 | Ni30 | Ni 


0 1-0000 1-0000 1-0000 1-0000 1-0000 1-0000 1-0000 
10,000 0-9997 0-9609 1-0273 1-0866 1-0243 1-0849 1-0045 
20,000 0-9945 | 00547 1-0640 1-1998 1-0327 1-1592 1-0082 
30,000 00-9858 0-9550 1-0987 1-3166 1-0269 1-2154 1-0107 
40,000 0-9781 0-9566 1-1272 1-4381 1-0128 1-2540 1-0132 
50,000 0-9716 | 0-9587 1-1513 1-5160 0-9953 1-2771 1-0169 
60,000 0-9661 0-9598 1-1746 1-5986 0-9784 1-2854 1-0205 
70,000 09614 0-9618 1-1934 1-6690 0-9640 1-2858 1-0265 
80,000 0-9575 0-9642 1-2116 1-7310 0-9523 1-2819 1-0330 
90,000 00-9540 06-9664 1-2287 1-7820 0-9480 1-2747 1-0408 

100,000 060-9510  0-9680 1-2514 1-8262 0-9293 1-2650 1-0482 


in the pressure coefficient at 5950 kg/cm*, both at 30° and 75°C. The 
plot of pressure coefficient of resistance versus pressure is fitted by two 
straight lines which join at the anomaly. Ag,Zn, exhibits no breaks up 
to 30,000 kg/em?, but, as remarked above, the pressure coefficient of 
resistance has a marked temperature dependence, being — 4-0 x 10-7 
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at 30° and + 10-4 x 10~’ at 75°C. Cu,Cd, likewise exhibits no breaks 
up to 12,000 atmospheres. Cu,,Sn, exhibits very large hysteresis and 
one out of four samples had an appreciably lower compressibility at 
75° than at 30°C. However, no irregularities in the resistivity curves 
were apparent. Because of the similarity of the structures and the 
irregularities in Ag,Cd, and Cu,Zng, it is tempting to seek an explanation 
in their band structures. Unfortunately, these are exceedingly compli- 
cated as the unit cell contains 52 atoms. Under these circumstances, 
critical overlap from one band to 
another should be fairly common 
and may account for the anoma- SS ei 
lies in the electrical resistivity and 
compressibility. Obviously, more 
experimental work is needed. 

The corresponding e-phases of 
a number of the above systems 
have also been studied by Brina- 
MAN, @2) in particular CuZn, 
AgZn, AuZn and Ag,Al. Breaks in 
the compressibility curves were 
found in both AgZn and Ag,Al, 
but no marked irregularities in the 
pressure coefficient of resistance 
were recorded. The compressibility 
measurements are more sensitive 99-405% 81,051S% 
and it is possible that hysteresis 30} —+-—} —+— 
effects smothered the electrical D000 20000 
phenomena. PRESSURE kg/cm’ 

More recently, BrripeMan has Fig. 20. The specific resistance of dilute 
extended his measurements on a solutions of tin in bismuth as a function 
number of intermetallic phases up of pressure. (After BRIDGMAN) 
to 100,000 kg/cm*. These data are 
included in Table 11 and Table 12 for the sake of completeness. 
Unfortunately, all the systems studied hitherto are relatively complex 
systems; it would be of considerable interest to have data on simple 
solid solutions such as Ag-Au available for purposes of comparison. 

Another interesting occurrence which induces drastic changes in the 
electrical resistance of materials under high hydrostatic pressure is the 
formation of intermetallic compounds from eutectic mixtures of other- 
wise insoluble metals. BripamMan‘*) recently has made an extensive 
study of the bismuth-tin and bismuth-cadmium systems. No 
spectacular changes, other than the usual phase changes of bismuth, 
are found in the Bi-Cd system, either electrically or volumetrically. 
But in the Bi-Sn system the behaviour of the system depends markedly 
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on the composition of the system. Fig. 20, Fig. 21 and Fig. 22 display 
the behaviour of the resistance of systems with three different com- 
positions as a function of pressure. 
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Fig. 21. The specific resistance as a function of pressure for a 
bismuth-tin alloy of intermediate composition. CI and CII are 
probably two modifications of the compound BiSn. 
(After BRIDGMAN) 
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Fig. 22. The specific resistance as a function of pressure of a 
tin-rich bismuth-tin alloy. CI and CII are probably two 
modifications of the compound BiSn. (After BrrpGMaAN) 
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Dilute solutions of Sn in Bi reveal the normal behaviour of 
pure bismuth, showing two transformations below 30,000 kg/cm?, 
with increasing pressure. When the pressure is released, however, 
the system behaves as if the Sn stabilized the Bi III phase, 
which then may be partially retained for some time at atmospheric 
pressure. 

For compositions of about 30 per cent Sn, a new phase appears, 
which Brip@Man concludes is the compound BiSn. This compound 
itself has a reversible transformation at lower pressures to a modifi- 
cation which is metastable at room pressure. It does not appear 
possible, however, to generate the low pressure modification of BiSn 
directly from the mixture but only through an intermediate step 
involving the high pressure modification of the compound. 

For compositions of more than 50 per cent Sn, the bismuth trans- 
formations disappear but the compound formation persists. 

The over-all complexities of the system are numerous, and, for 
exhaustive detail, Brip@MAan’s original paper should be consulted. 
Suffice it to say in this short review that X-ray analysis indicates that 
the Bi-Sn compound appears to differ structurally from the individual 
compounds, but not radically. The total volume of the system, at low 
pressures, may be calculated approximately by assigning to the bis- 
muth, whether in compound or eutectic, an atomic radius of pure low 
pressure bismuth. Above the transition, the bismuth atom appears to 
have an atomic radius, whether in compound or eutectic, equivalent 


to that of Bi IIL. 


Errect OF PRESSURE ON OrRDER-DISORDER PHENOMENA 


Another type of transformation which affects the electrical conductivity 
in a striking manner is the disordering of a superlattice. The effect of 
pressure on the electrical conductivity of ordered structures has been 
studied in CuAu, Cu,Au, and CuZn by Wison.) The results for 
Cu,Au, which are typical of his data, are shown in Fig. 23. The shift 
of the transformation temperature in this case is 1-2 x 10~-% °C/kg/em*. 
The corresponding values for CuAu and CuZn are 1-7 x 10-% and 
1-8 x 10-3°C/kg/cm?, respectively. Using these values in conjunction 
with thermodynamics, WILSON estimates the configurational specific 
heat AC, just below the critical temperature to be several times that 
predicted by the simple Brage-WILLIAMs theory of the order-disorder 
transformation. 

Ersenscuitz® has suggested that this discrepancy arises from a 
large difference between the experimentally observed specific heat at 
constant pressure and the theoretically predicted specific heat at con- 
stant volume. This suggestion may be tested by using the EHRENFEST 


31 


5 
bikes 
ae 
¥ 
: 
2 


> 


PROGRESS IN 


METAL PHYSICS 


equations in conjunction with Witson’s data. For a pure phase 
change of the second kind, the pertinent relations are 
dT A) 
dP AC, As 
in which 7’, is the critical temperature, P is the pressure, V is the molal 
volume, Af the discontinuous jump in the volume expansion coefficient 
which occurs at the transition, AC, the corresponding jump in the 
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Fig. 23. Resistivity versus temperature for two different 
pressures in Cu,Au alloys. (After WILson) 


specific heat at constant pressure, and Ay the jump in the isothermal 
compressibility. 

Actually, refined experiments indicate that 8, C,,and yz are con- 
tinuous through the transition. The procedure adopted is to estimate 
the quantities involved as if their behaviour were that in an ideal phase 
change of the second kind, by subtracting the extrapolated normal value 
above the transition from the peak value just below. This procedure 
involves a decision concerning an appropriate choice for the normal 
value above the transition. However, if all the quantities are handled 
in an analogous fashion, uncertainties so introduced are minimized, 
since the errors tend to compensate each other. 

Fortunately, the specific heat of 8-brass is well documented. Three 
independent investigators ‘*’~*” agree extraordinarily well in finding 
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AC, to be 0-145 cal/gm at the critical temperature, 741°K. The molal 
volume of CuZn is 7-7 em’, From equation (19) we calculate a value of 
1-22°C for Af and 2-22 x 10-3 for Ay. To find f_ and y_ just below 
the transition temperature, we must add the normal values of f, and 
%+ just above. The value of #8, may be estimated from the data of 
Merica and Scuap® to be 8-1 x 10-5 °C", From the compressibility 
determinations of Lazarus” and the known temperature coefficient 
at room temperature, we estimate 7, to be 11-20. Unfortunately, 
correct direct determinations of 7, are not available. Goop’s'*) value 
for C,, appears to be grossly in error. ArrmMan’s‘® determinations of 
1/E 1/E and 1/Z,,, are not independent and consequently do not 
yield a value for 7,. However, Stecet’s work on Cu,Au indicates 
that, although S,,, S,., and S,, vary sharply with temperature, the 
variation in compressibility is quite normal. 

The corresponding values of f_ and y_ are 2-03 x 10-*°C-! and 
11-96 x 10-% cm*/dyne. Then, by using the thermodynamic relation 


_ 
x 


we may calculate the specific heat at constant volume. The results are 
tabulated in Table 13. 


(20) 


TABLE 13 


Comparison of Observed and Theoretical Specific Heats in 


cal/mole/°C for f-brass 


| Observed | Theoretical Source 


Sykes and WILKINson'®”) 


~ 


” ” 


Equation (20) 
Equation (20) 


and Kirxkwoop" 
CowLey'”? 


ow 


‘* H. A. Berue and J. G. Kinkwoop; J. Chem. Phys. 7 (1939) 578 

J. M. CowLey; Phys. Rev. 77 (1950) 669 

R. Kikocnt; Phys, Rev, 81 (1951) 988 

The calculation reveals that there must be an appreciable difference 

between C, and C, at the critical temperature. Two large uncertainties 
mar the accuracy of the value for AC,. One is the uncertainty in y 
which tends to increase the value; the other is the large uncertainty of 
about + 0-2 x 10-8 °C/kg/cem? in d7’,/dP for 8-brass, which arises from 
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the necessity of extrapolating WiLson’s results from 400° to 468°C. 
The value for AC, appears to be somewhat larger than that estimated 
by Kirkwoop and Betrue™ but of the order of magnitude to be 
expected from Kixucut’s®? theory. 

By neglecting the interaction of the configurational entropy with the 
vibrational entropy, Kirkwoop and Berue have derived the following 
approximate equation of state for an ordered alloy: 


(21) 


where p is the total pressure, p, the pressure arising from non-configura- 
tional terms in the free energy, £/v the mean configurational energy 
per unit volume, and 


Oln V 


Inv 


where V is the energy required to interchange two atoms of different 
species in the ordered lattice. By differentiating equation (21) with 
respect to v and 7’ (assuming 0 In V/0 v is constant), one obtains two 


further relations: 


(23) 


(24) 


Four useful relations, first given by Kirkwoop and Berne,’ may 
be derived from equation (23) and equation (24) by solving these 
simultaneously with the Enrenrest relations. These are: 


It follows immediately that 
dT. 
dP 


dy, TJ(1 4+ of, T.) 


from which the value of d may be found by estimating 7, and #,. For 


8-brass, the value of ¢ is found to be 2-5. 
The change in entropy in CuZn in passing from an ordered state to 
just above the critical temperature is 0-51 2, as estimated by integrating 
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the specific heat curve. This value is somewhat lower than the value 

0-65R estimated by Kirkwoop and Berns. These values are not 

strictly comparable, however, because of the contraction of the lattice 

between 7’, and the state of perfect order. The experimental value 
as 


should be altered by a term | = Av, where Av is the change in volume 


v . . 
on ordering. Since is approximately | per cent, the change in 


entropy at fixed volume should be only 0-452 up to the critical tem- 
perature, leaving about 30 per cent of the configurational entropy 
change to occur above this temperature. This is considerably greater 


12-0 @-BRASS 

755 ATAC 

244 AT% 72 


¥ 


] 
100 200 300 400 


Fig. 24. Pressure coefficient of resistance as a function of 
temperature in «-brass. (After WILSON) 


than estimated by Kirkwoop and Berne, but Krkucut’s approxima- 
tion is such as to reduce the discrepancy between theory and 
experiment. Unfortunately, detailed calculations have not been 
carried out for the body-centred lattice, so no direct comparison is 
possible. 

WILSON also studied the effect of pressure on the electrical resistance 
of «-brass. His results are shown in Fig. 24. He believes that the 
which occurs in the neighbourhood of 200°C is 
Ry, oP 
connected with disruption of local ordering in this system. At this 
temperature, Sykes and WILKINSON have reported a small anomaly 
in the specific heat which they ascribe to such a process. The evidence 


upward swing in 


or this mechanism, although highly suggestive, is hardly convincing. 
for tl I Ithough highl: t hardly 

Another alloy system studied by WiLson®” in a separate investiga- 
tion is the #-phase of Li-Pb. At atmospheric pressure there is a cusp- 
ike minimum in the electrical resistance near 150°C. The origin of this 
lik the elect | t I 150°C, Th gin of thi 
peculiar behaviour is unelucidated. Wi_tson found that pressure 
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depressed the minimum to lower temperatures in the manner illus- 
trated in Fig. 25. He suggested that the minimum was evidence for an 
order-disorder transformation in which the high temperature phase was 
ordered. This situation appears to be highly improbable from a 
statistical point of view and, indeed, the specific heat behaves in a 
normal way in the neighbourhood of the “critical’’ temperature. 
Lazarus has found that just above 100°C, the thermoelectric power 
of this alloy reverses sign. It seems not unlikely that the behaviour of 


* INCREASING TEMP 


DECREASING 


TEMP 


Fig. 25. Resistivity versus temperature for several different 
pressures in LiPb alloys. (After WILson) 


the electrical resistance is associated with a peculiar arrangement of 
overlapping Brillouin zones. The situation is reminiscent of the 
cusp-like behaviour of the pressure coefficient of resistivity in certain 
systems described above. Unfortunately, the discrepancy in atomic 
number of lead and lithium makes an X-ray determination of the 
structure virtually impossible. and Lazarus believe the struc- 
ture is such that the lead atoms lie in a body-centred cubic lattice, but 
this conclusion is not unambiguous. A neutron diffraction determina- 
tion of the structure would be highly desirable. 


CHANGE OF RESISTANCE ON MELTING 


Morr has treated melting from an elementary point of view and 
obtained a relation between the latent heat of melting and the 
difference in resistance between a solid and its melt. He writes for the 
free energy of both phases 


kT 
3RkT In « « 
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He assumes that the natural frequency of vibration in the solid », is 
higher than that of the liquid »,. At the melting point, 7’,,, the free 
energies of the two phases must be equal so that 

E,—E 
3In— = 


30 
RT,, 


where H is the latent heat of melting. Since the conductivity varies 
as v* (provided there are no complicated electronic rearrangements) we 


have 
H 


2/3 

— ¢ RT. (32) 
This formula is correct for 7',, > 6,, the Debye temperature, but must 
be altered slightly when 7',, ~ 6,. A formula which may be used for a 
series of successive approximations in the latter case is 


o, 1+496,/T,, -(2+ 
(33) 


Considering the crudity of the model, Morr’s theory seems to give 
reasonable agreement with experiment, as may be seen from Table 
14. Further, from the data on sodium, it may be seen that the 
ratio o,/a, is essentially independent of pressure in agreement with 
Morrt’s theory. A similar pressure independence of a,/o, is observed 
in Li, K, Rb and Cs. 


s 


TABLE 14 


Observed and Calculated Values of 0,/e, for Metals at their 
Melting Temperatures 


obs | cale 


Metal | T,°K 


1-68 


Incidentally, although the resistance of liquid Li is higher by a 
normal amount than that of the solid, nevertheless the pressure 
coefficient of resistance is positive in liquid Li and somewhat greater 
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in magnitude than that observed in the solid. It is difficult to reconcile 
the increase in resistance accompanying the expansion on melting 
with the positive pressure coefficient in both the melt and the solid. 
In fact, the two apparently contradictory observations raise the 
suspicion that FranxK’s theoretical explanation of the behaviour of solid 
Li may be coincidental. 


RESISTANCE IN THE NEIGHBOURHOOD OF THE CRITICAL POINT 


Using an ingenious experimental arrangement, Brrcu® has deter- 
mined the critical point of mercury. The essence of the measurement 


MERCURY 
R SO kq/ca? 
20°C 


1000 
PRESSURE 


Fig. 26. The relative resistance of mercury as a function 
of temperature and pressure near its critical point. 
(After Brrcn) 


is the determination of the resistance of a volume of Hg (contained in a 
quartz capillary) as a function of temperature and pressure. The critical 
temperature and pressure found by Biren was 1460°C and 1640 atm. 
The ratio of the resistance at various temperatures and pressures to the 
resistance at 0°C is shown in Fig. 26. At low pressures, the resistance 
of the vapour is approximately 10° times as great as that of the liquid 
and decreases with increasing temperature. At high pressures, the 
resistance of the vapour approaches that of the liquid and increases 
with increasing temperature. At sufficiently high pressures the con- 
ductivity of the vapour is essentially metallic in nature, illustrating 
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again the similarity in physical properties of highly condensed gases, 
on the one hand, and liquids, on the other. 

The specific volume of Hg along the boiling curve has been measured 
by Benper.“” It does not increase as rapidly as the resistivity. 
Using this data in conjunction with his own, Brrcu estimates the critical 
density to be about 5. This corresponds to a ratio of RT’,/P,V, of 2-18, 
which is much lower than the value of 2-66 predicted by VAN DER 
Waav’s equation. In general, this ratio exceeds 3, although the value 
for H, is 2-86. 

It is noteworthy that the electronic band structure is not radically 
altered until the density is reduced to almost $4 the density at N.T.P. 


ELECTRICAL PRESSURE GAUGES 


Electrical pressure gauges are of two types: the first is a coil of wire 
immersed directly in the pressure transmitting fluid; the second is a 
bonded-type wire gauge which is attached externally to a pressure 
retaining wall. Both operate on the basis of change of resistance 
induced by strain, the first by changes of resistance induced by pure 
hydrostatic compression, the second by tensions and shears. Confining 
our attention here to gauges of the former type, we find that as the 
result of extensive search for suitable coil materials, two alloys have 
been developed whose electrical properties have been intensively 
studied as a function of temperature and pressure. One of these is 
manganin (53 per cent Cu, 39 per cent Zn, 2-7 per cent Sn, 2-5 per cent 
Ni, 1-7 per cent Mn, 0-2 per cent Al) and the other is a 2-1 per cent Cr, 
97-9 per cent Au alloy. The former has been studied by LENssEN and 
Micuets,“®) and the latter has been studied by Dariine and 
NEWHALL.) Since the data are rather extensive, the original papers 
should be consulted for details. 

The prime requirements of such gauges are stability, sensitivity to 
pressure, insensitivity to temperature, and linearity. The two alloys 
used are selected primarily because of their low temperature coefficient 
of resistivity and their linearity. They certainly are linear within 1 per 
cent up to 10,000 kg/em*. Some investigators believe they are linear 
to better than 0-1 per cent, but the degree of linearity probably depends 
on the particular sample and its heat-treatment. The latter is par- 
ticularly important. Both temperature and pressure cycling are required 
to ensure ultimate stability. The effect of mechanical working on the 
gauge is extremely important. For instance, 2-1 per cent Au-Cr alloy 
has a pressure coefficient of resistance in the half hard condition which 
is 6 per cent higher than that of the annealed material. This fact 
emphasizes the experimental precautions which must be taken if 
reproducible values for the pressure coefficient of resistance of metals 
are to be obtained. 
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A brief summary of pertinent physical properties of the two alloys 
is included in Table 15 for the convenience of those interested. It is 
noteworthy that both alloys are abnormal in the sense that they 
possess positive pressure coefficients of resistance. The reason for this 
abnormality remains obscure. 


TABLE 15 


Electrical Properties of Pressure Gauge Alloys 


AR/R 
4°C + 95°C 


2-1 per cent Au-Cr 2 x 10-*) 0-67 — 0-72 x 10~"e) 0-2 x 10-%» 
Manganin 45 1-66 1-72 0-2 


‘* See Ref. 43 
‘" ADAMS, GORANSEN and Gipson, Rev. Sci. Instr. 8 (1937) 230 
‘¢’ Data obtained in author's laboratory by Dr. A. H. SmrTH 


ELEMENTS METALLIC ONLY UNDER PRESSURE 


A discussion of the behaviour of semi-conductors under pressure has 
purposely been omitted from this survey. This subject is worthy of a 
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PRESSURE IN KILOGRAMS PER CM* 
Fig. 27. The energy gap between the valence and conduction bands 
of tellurium as a function of pressure. (After BARDEEN) 


separate treatment in view of the considerable amount of experimental 
data and theoretical analysis now accumulating. In view of the very 
recent and continuing activity in the field, a review of the present time, 
however, would appear premature. 
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Nevertheless, it seems desirable to mention that at least two elements 
which are semi-conductors at atmospheric pressure appear to become 
metallic upon the application of sufficient hydrostatic pressure. Fig. 
27 shows the data of Brineman“* on tellurium, reinterpreted by 
BaRDEEN.“) This figure shows clearly that the energy gap between 
the valence band and the conduction band in tellurium decreases and 
approaches zero above 30,000 kg/em*. At a somewhat higher pressure, 
45,000 kg/cm?, tellurium undergoes a phase transformation to another 
modification with a specific volume 5-5 per cent smaller. Recent 
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oO 
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Fig. 28. The energy gap between the valence and conduction bands 
of black phosphorus as a function of relative compression. 
(After KEYEs) 


experiments by BripGmMan“® confirm previous suspicions that this high 
pressure modification of tellurium is essentially metallic. 

The early data of Bripgman“” and the more recent extensive data 
of Kryes“* on black phosphorus indicate that the energy gap in this 
semiconductor also vanishes at pressures above 25,000 kg/cm*. This 
behaviour is illustrated in Fig. 28. In view of BripGMan’s report of a 
large, discontinuous but reversible volume change of this substance 
between 25,000 and 55,000 kg/em*, it appears likely that the high 
pressure modification of black phosphorus is also metallic. 


Errects OF HypRostTaTiC PRESSURE ON SUPERCONDUCTIVITY 
The principal effect of hydrostatic pressure on superconductors is to 
shift the superconducting transition temperature. The earliest investi- 
gation of this phenomenon was by S1zoo and Onnes® on tin and 
indium up to 300 kg/em*. However, they used helium as a pressure 
transmitting medium, and, in the temperature region under considera- 
tion, this gas freezes. Accordingly, their results are in doubt for stresses 
above 95kg/em*. More recently Fiske,“ and GaRBeR and 
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Mapotuer,”"’ have repeated this experiment on tin. Their results are 
in general accord with the earliest results, but the results of the last 
investigators are somewhat lower. They attribute the higher results 
of other investigators to a disregard of a permanent effect of hydrostatic 
pressure on superconductors theretofore unreported. 

In the meantime, other results had been made available by other 
investigators. Kan, SupovstTov and Lazerew, using an ingenious 
technique of applying pressure by freezing ice around samples in a 
thick-walled vessel, studied thallium, indium, tin, mercury, tantalum, 
and lead. Of these metals, all but thallium showed a depression of the 
critical temperature with pressure. ALEKSEYEVSKI and Branpr,‘* 


TABLE 16 


Effect of Pressure on the Superconducting Transition of 
I 
Tin and Thallium 


Reference Pressure Atmos ATJAP deg atmoa™' 
el q 


For Tin 


For Thallium 
1370 
1730 1-4 
13,400 o4 
45 1-3 


using the same technique, investigated the non-superconducting metal 
bismuth and the superconducting compounds RhBi,, NiBi,, KBi,, 
LiBi and Au,Bi. No signs of superconductivity appeared in Bi for 
pressures up to 1050 kg/cm*. Pressure lowered the transition tempera- 
tures of LiBi and Au,Bi but raised those of the remainder. 

More recently, by a clever extension of Bripeman’s techniques, 
Cuester and Jonges® have extended the available pressure range 
and examined tin, thallium, bismuth, lead, strontium and calcium, 
Of the three superconductors Sn, Tl and Pb, tin and lead have critical 
temperatures depressed by pressure, while that of thallium is increased. 
Of the three non-superconductors, strontium and calcium remain so 
under the highest pressures applied (~ 40,000 kg/cm*), but bismuth 
becomes superconducting at about 20,000 kg/cm*, having evidently 
been converted to Bi II or more likely Bi III. 

The work of all these investigators is not in complete agreement as 
may be seen from Table 16 where their overlapping data on tin and 
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thallium are summarized. The principal discrepancy is the difference 
in sign of d7',/dP for thallium. The fact that CuesteR and Jones find 
a positive value for this quantity is unexplained. It is possible, however, 
that their very large shearing strains have induced a shear transforma- 
tion not occurring under the action of pure hydrostatic pressure. 

The data on the displacement of critical temperature with pressure, 
i.e. d7'.J/dP permit a number of interesting estimates to be made. 
Taking d7'/dP = 4-5 « 10~-° °C/kg/cm*, and the jump in the specific 
heat at the transition point to be 2-5 « 10-* cal/mol/°C as observed by 
Keresom and Kok,’ we may estimate Af, the jump in the thermal 
expansion coefficient, and Ay, the jump in the isothermal compres- 
sibility from equation (19) and equation (20). For Af, one finds 
7-5 x 10-*/°K and for Ay, 3-5 x 10-%cm*/dyne. Since the room 
temperature compressibility of tin is approximately 2 x 10~* em?/ 
dyne, an approximate estimate for the fractional change in com- 
pressibility would be 2 x 10-*. This change is too small to be observed 
directly. However, J. K. Lanpaver®® has observed a change in the 
elastic constants of tin of this order of magnitude by studying the 
velocity of longitudinal and transverse sound waves. It is interesting 
to note that the low temperature, superconducting phase is elastically 
weaker than the normal phase. 

By assuming Grt'NeIsen’s law, we may also estimate Af/f, the 
fractional change in thermal expansion coefficient. This fraction is of 
the order of magnitude unity. The expanded superconducting phase 
has the smaller coefficient of expansion. This large relative change in 
thermal expansion coefficient has been noted before. However, its 
significance has not been sufficiently emphasized, because it is difficult 
to understand this change on the basis of current models. 
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THE FILAMENTARY GROWTH OF METALS 
H. K. Hardy* 


“Les filets [of silver] qui ont quelquefois | pouce et plus de longueur, fortent 
de l'intérieur de ladite mine [red argentite], et se développent & sa surface 
comme les végétaux s’élévent au-dessus du sol de la terre qui les renferme.”’ 
J. G. Scuretper, 1784. 


“The growth [of tin whiskers] should accelerate and settle down to a steady 
state when the dislocation has wound itself up into a rotating spiral of station- 
ary form.” Frank, 1953. 


I. Merat FILAMENTS 


KNOWLEDGE of the filamentary growth of metals on non-metals extends 
over more than two centuries; knowledge of the filamentary growth of 
metals on metals is largely confined to the past fifteen years. Current 
interest in the mechanisms of crystal growth makes pertinent the 
juxtaposition of the old with the new to examine whether the diverse 
phenomena have a common origin. 

Historically, interest in metal growths originated in, or was stimu- 
lated by, an examination for possible relationships between the 
Vegetable and Mineral Kingdoms. For example, HeENcKEL" wrote 
extensively on the subject in Flora Saturnisans first published in 1722. 
The philosophy had received attention much earlier (see for example 
J. Wesster® “Metallographia” 1671, quoted by Zaprre™) whilst its 
influence was still apparent in the prefacing quotation taken from 
SCHREIBER." 

All aspects of metal growth in contact with other materials received 
attention; HenckeL” and WaALLERIus® wrote about metal trees, 
particularly the “arbor diane’’—the beautiful branching crystals 


grown when a drop of mercury is placed in a solution of a silver salt. 
Only gradually was a distinction made between filaments, branched 
dendrites and irregular threads such as occur in veins of native 


metal. 

This article is concerned solely with the growth of metal filaments— 
that is of shapes which are very much longer in one dimension than in 
the others; they may be prismatic or of gradually varying diameter; 
they may be straight, curved or twisted but generally are not branched. 
Thus a clear distinction is drawn between unidimensional filaments 
and normal dendritic crystals. However, dendrites which have failed to 
branch and consist of a single spine are not excluded. The descriptions 


* Senior Metallurgist, Fulmer Research Institute, Stoke Poges, Buckinghamshire. 
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capillary, filiform, hair, moss, fibre, wire, spike and whisker have been 
used depending on the size of the filaments under observation. 
General reviews of Lenmann,“” Micce," and Ost- 
WALp". !® dealt with the fibrous growth of chemicals, particularly by 
efflorescence, and were not concerned exclusively with metals. 


Il. FmAMENTARY GROWTH OF METALS ON MINERALS 
AND SuLpuipes, Erc. 


The origin of the silver and copper filaments which occur naturally on 
minerals and slags, see Figs. | and 2, has been a source of interest and 
experiment from at least as early as 1720. Reviews have been given 
by Frrepricn and Lerovx,"” V. and 
EypmMany," Scuenk, Fricke and 
V. H. W. and by 
OstTwaLp™ whose account was particularly thorough. 

Writing in 1722, Hencke."*. *®) mentioned that silver filaments 
could have grown from argentite (Ag,S) but pointed out that, in other 
cases, they may have been deposited from an external source or 
remained behind when some containing body had been eroded away. 
Voer described the hair silver found in Kongsberg and mentioned 
other examples up to 15-25 cm in length. Hair silver has been found on 
proustite (3Ag,S. As,S,) and other related minerals. Hamper‘) has 
noted natural hair copper 5 cm in length, on an ore which was essentially 
cuprous sulphide (Cu,S). Reapwin. and have claimed 
that filaments of silver, silver-gold alloys and copper grew from argen- 
tite and other minerals on storage at room temperature—‘‘about | year 
later [the wiry shoots of silver] had flattened themselves against the 
glass lid of the box’’ (COLLINS). 

The finding that argentite could be made to form hair silver by heat- 
ing in air was made by Monnet in 1778 and by ScHREIBER™ in 1784 
and may well be somewhat older. MONNeT considered that the growth 
was not similar to that of vegetation but SCHREIBER followed the philos- 
ophy of HENCKEL (see the prefacing quotation to the present article). 

Subsequent work has confirmed or revealed that hair silver can be 
obtained under the following conditions— 

(1) By heating in air—silver sulphide not quite saturated with 
sulphur at about 450°C when silver hairs grew visibly on admission of 
air (Biscnor’’)); roasting silver ore (GuRLT*)); at 230-420°C 
(LiversipGe"*’); previously melted silver sulphide (FRIEDRICH and 
Leroux"); silver sulphide (V. and EypmMany,”® 
Opiricius™’, Méece") but a mixture of silver sulphide, silver and 
sulphur only once gave hair silver (Oprricius®). 

(2) By heating in carbon dioxide—silver sulphide (Opiricius,® 
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Fig. 1. Native hair silver from Guanaxuato. Mexico (Reproduced by permission of the British 
Museum | Natural History|) 


Fig. 2. Hair copper on slag. (Reproduced by permission of the British Museum 


Natural History }) 
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(3) By heating in hydrogen—finely divided silver sulphide on which 
the filaments grow from the root (Percy); silver sulphide, silver 
selenide (Ag,Se) and silver telluride (Ag,Te) as low as 440°C, the 
growth was more rapid on the sulphide than on the others, the sulphide 
showed no change of shape whilst the hairs were growing (MaR- 
(33); silver sulphide (Hurcurnes™); the hairs on silver 
sulphide were 7 cm long and 2~3 mm thick after 36 hours (Oprricrus™) ; 
silver sulphide at 220-410°C (V. and EypMann"®); 
silver sulphide (Miccr”) silver sulphide at 400-500°C. (SCHENK, 
Fricke and BrinkKMANN"™®)) or at 450°C (H. W. Kounuscuirrer™*?); 
see also 

(4) By heating in water vapour—argentite below 420°C (Brscnor”)) ; 
silver sulphide (V. Koniscutrrer and EypMany,"*) 

FRiepRICcH and Leroux" and Mtece™* have stated that a polished 
surface of silver sulphide became covered with (silver) dust after 
exposure to light. According to H. W. Kontscuirrer silver oxide, 
carbonate, nitride, nitrite and oxalate decomposed to give particles of 
silver, no hairs were formed. 

Hair copper has been obtained under the following conditions— 

(1) By heating in air—exposed newly fractured surface of hot 
regulus (cuprous sulphide slag?) (Hutcurves™®)), when regulus was 
broken cold and heated 2 hours at 300°C, although several hours at 
100°C had no effect (Hurcuines™»)); 40-45 per cent cuprous sulphide 
—60-—55 per cent iron sulphide (FEDOTIEFF’?), 

(2) By heating in carbon dioxide—samples of cuprous sulphide 
which had a lower than average electrical conductivity and contained 
excess sulphur (Hirrorr™*’); copper ore (cuprous sulphide) at 1050°C 
(Hampe'22), (39), 

(3) By heating in hydrogen—redruthite (essentially cuprous sul- 
phide) (LiversipGe®)) although it was said that the reduction did not 
occur in dry hydrogen (Hutrcuines™); cuprous sulphide, cuprous 
selenide (Cu,Se) and cuprous telluride (CusTe) (Marcorrer), 
cuprous sulphide, the hairs were often several centimetres in length 
(Hamper), 

(4) By heating in steam—cuprous sulphide at a dull red heat 

Marcorret™, (33) has formed hair crystals on gold-telluride (with 
difficulty), on (silver-gold) telluride and on double sulphides and 
tellurides of copper and silver by heating in pure dry hydrogen. 

The hairs were generally curved and thicker at their base, either 
polygonal or rounded, they were striated and appeared to consist of a 
group of smaller filaments. According to Kontscnttrer and Eyp- 
MANN," the silver hairs were finer than those occurring naturally. They 
were longer the slower the rate of reduction (H. W. KoniscHiTrEer™®)) 
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and became shorter and thicker at higher temperatures, when 
there was a greater tendency for crusts of silver to form. V. 
Kouiscutrrer and EypMann“”? reported that the hairs grew from the 
base, an observation supported by H. W. Kontscnutrrer."*) However, 
OstwaLp has suggested that, because the growth became lateral at 
high temperatures, apex growth cannot be ruled out completely. The 
formation of hair silver and of crusts of silver at high temperatures 
produced no change in the external shape of the sulphide. The char- 
acteristics of hair copper were broadly similar. 

Fig. 3, due to H. W. Konuscutrrer,” illustrates observations made 
during the reductions of granules of silver sulphide. Only rarely did 


Fig. 3. The growth of silver hairs on granules of silver sulphide. 
(H. W. Konuscutrrer") 


more than one hair form on each granule. When one bundle bent over 
and touched another granule, the filament started to thicken up by 
growth from the second granule (Fig. 3 ¢ and d). As the reaction 
temperature was raised, the characteristics changed from those of Fig. 
3 f (400°C) to g and A (700-800°C). 

Opiricivs™ and found that free silver dispersed 
through the sulphide militated against the formation of hairs; for 
example, Bevrett found no growth on silver sulphide with excess 
silver heated 8 days at 450°C or 3 days at 585°C in a vacuum. On the 
other hand, V. and obtained hairs on 
vacuum heating which OstwaLp™ explains by the assumption that 
they avoided excess silver. H. W. Koniscutrrer”* found that the 
rate of reduction of silver sulphide by hydrogen decreased during the 
course of the reaction whilst the presence of dispersed silver increased 
the rate of reduction. Free silver probably inhibits hair growth by 
acting as internal nuclei on which the reduced silver can be deposited. 
However, the presence of silver nuclei at the surface is desirable 
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(OstwaLp’). This is, of course, the position at which nuclei may be 
expected to form during gaseous reduction in the absence of particles 
of free silver throughout the sulphide. H. W. Kontscatrrer®? 
considered that excess sulphur promoted the growth of silver hairs 
because it reacted with any free silver otherwise capable of acting as 
internal nuclei. He reported that silver iodide dispersed through the 
sulphide hindered the formation of hair silver because it decomposed 
to give silver nuclei. 

Similar experiences have been recorded on cuprous sulphide. The 
reason why certain cuprous sulphides do not form hairs until they have 
first been melted may be associated with the removal of free copper 
which otherwise acts as nuclei—see Hrrrorr™) and 


Fig. 4. BEUTELL’s experiments on the transference of silver through 
silver sulphide and the effect of a temperature gradient on silver sulphide 
in contact with silver (drawn by OsTwALp*) 


Growth of hair silver can be stimulated by external contact with silver 
or copper.%), 

An experiment due to Beuret.” is illustrated in Fig. 4 a drawn by 
Ostwapv. A bead of silver was solidified on to a glass tube and reacted 
to give a thin coating of silver sulphide. Hairs grew on the outside of 
the sulphide when heated in a vacuum and led to the formation of an 
internal hole which started at the junction between the silver and the 
glass. H. W. Kon-uscnirrer”* has confirmed that hairs grew on the 
outside of a layer of silver sulphide when heated in contact with silver. 

BevTe._™ found that silver hairs grew preferentially at the colder 
end of silver sulphide in contact with silver heated in vacuum in a 


temperature gradient. The experiments are illustrated diagrammati- 
cally in Fig. 4, 6 and ¢ drawn by Ostwap.” In both cases, continued 
heating led to the partial disappearance of the silver sheet and the 
further growth of silver hairs from the sulphide. Similar results were 
obtained when copper sheet was substituted for the silver. Silver 
selenide plus silver, and silver telluride plus silver also gave hair silver 
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at the cooler end of the non-metal, see Fig. 5. The growth was much 
slower on cuprous selenide or telluride plus copper. Sulphide, selenide 
and telluride of gold only gave hairs when the gold also contained silver. 
The observation of Frrepricu and Leroux" (and others) that silver 
hairs grew preferentially at the top of silver sulphide resting on a heated 
iron tray is in accord with the transport of silver to the colder regions 
of the specimen. H. W. Kon.iscutrrer” heated, in a neutral atmo- 
sphere, several cylinders of silver sulphide between silver sheets in a 
temperature gradient from 450-350°C, silver hairs grew at the colder 
end independently of any external electrical short circuit between the 
cold and hot ends. 

Farapay'” was amongst the first to note that silver sulphide 
behaved both as a metallic and an ionic conductor, and that liquid 
silver sulphide could be decomposed by the passage of a direct current. 
Hirrorr™ passed a direct current through heated solid silver sulphide. 
Silver bridges formed between the sulphide and the negative pole 
and hair silver was formed close to the negative pole at temperatures 
of 180-190°C. Hrrrorr also investigated cuprous sulphide which gave 
hair copper at the cathode on the passage of a direct electrical current 
at a temperature as low as 110°C. 

An X-ray investigation was carried out by Scuenk, Fricke and 
BrinkMann."*) The silver hairs showed a [112] direction parallel to 
their axis but the texture was lost after heating at 900°C when grain 
growth occurred. Some native silver hairs also had no preferred orienta- 
tion. Copper hairs were much more variable, examples included [310], 
[112] and [722] whilst natural hair had a very strong preferred orienta- 
tion with [110] parallel to the axis. It was pointed out that [112] and 
[722] are perpendicular to the direction of closest packing, namely 

110 


Ill. GrowTH OF METALS ON AND 
FROM HALIDES 

The reduction of heated silver chloride to give filamentary silver has 
been mentioned by Liversipce’ and H. W. Koxnuscuirrer.“* 
LIVERSIDGE obtained capillary threads on reduction under hydrogen. 
KOHLSCHUTTER reported granules of silver when the reaction was 
carried out at 430°C but fine silver crystals appeared at 550°C which is 
above the melting point of silver chloride. The filaments differed from 
hair silver in being much smaller, not bent, more definitely polygonal 
in cross-section and ‘undoubtedly grown by the reduction of traces of 
silver chloride vapour.”’ 

Figs. 6, a and b, due to Berry,‘ illustrate very clearly the difference 
between filamentary growth and the flower-like form often associated 
with efflorescence. A layer of silver halide, 0-22 mm thick, was melted 
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on to silver and the whole heated to 400°C. Bundles of hairs grew 
through the silver iodide layer, silver was present at the surface after 
10min. The substitution of silver chloride or silver bromide made the 
reaction much lower. Several hours were needed to transport the first 
silver to the surface and flowers were produced instead of hairs. The 
silver filaments grown on the surface of silver iodide showed no pre- 
ferred orientation on X-ray examination; their crystal size was about 
25 x 10-*cm; a single filament could contain a hundred crystallites in 
its diameter and many filaments were necessary to make up a thread. 
The growth rate through the silver iodide was 1 cm/24 hr or 10-> em 
per sec. 

The development of the silver bromide in a photographic emulsion 
to form metallic silver is a chemical reaction which may be written" 


AgBr + developer = Ag + oxidized developer 


The visible development of a single grain has been investigated by 
Raprnovitcu™® under conditions in which the development started 
from a single nucleus, see Fig. 7. The result illustrated in Fig. 7b has a 
marked similarity to the diagram of H. W. Kounuscnirrer, Fig. 39, for 
the formation of silver on granules of silver sulphide when heated at 
rather high temperatures. Other workers have established that the 
form taken by the silver depends on the developer. By electron 
microscopic examination JELLEY“’) found that physical development, 
e.g. by light or electrons, gave clumps of silver but that metol, metol- 
hydroquinone, hydroquinone, amidol and ferrous oxalate gave ‘‘a tangled 
mass of flattened filaments much like a mass of seaweed.” The sides of 
the filaments were thought to be {111} planes as they frequently 
showed flat triangular enlargements in the plane of the ribbon. 

Keita and MircuHe..*) have made a careful examination of the 
reduction on different faces of unexposed single crystals of silver 
bromide. Ferrous developers and glycin and hydroquinone developers 
applied to the {100} faces of silver bromide gave masses of colloidal 
silver in pyramidal cavities with sides parallel to the {111} planes. 
Reduction at {111} faces of silver bromide gave roughly triangular 
specks of silver which immediately grew filaments at their outer sur- 
face. The filaments curled over and made contact with the surface of 
the silver bromide where further triangular specks were produced and 
the process was repeated. The silver specks were formed in flat-based 
triangular cavities in the surface of the crystal. Extensive local dis- 
solution occurred under the masses of filamentary silver, suggesting 
they were formed from ions in solution. A typical example of fila- 
mentary silver formed on a (111) face of silver bromide is shown in 
Fig. 8. 

Further observations were confined to reduction at {100} faces. 
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Commercial metol-hydroquinone developers gave reduction in two- 
stages. A mass of colloidal silver was formed in the first stage which, 
later in the second stage, grew projections consisting of minute crystals 
of silver. Developers of medium activity containing considerable con- 
centrations of sodium sulphite diminished the extent of the first stage 
and, in the second stage, gave projections of smooth rod-like masses or 
elongated clusters of fine micro-crystals—filamentary silver was not 
generally produced. Reducing solutions of high activity containing 
p-aminophenol, amidol and metol in sodium carbonate or sodium 
hydroxide solutions from which oxygen was excluded always formed 
bundles of tangled filaments. The cavities in the surface of the silver 
bromide were of irregular shape. 

Thus many developers gave filamentary silver when {111} planes of 
silver bromide was reduced. “‘On {100} surfaces, with all developers, 
the formation of masses of filamentary silver was promoted by traces 
of inorganic and organic sulphur compounds such as sodium thiosul- 
phate and allyl thioures, and of other compounds which might be 
adsorbed or react with the surfaces of the silver crystals.’’“* 

Dankov™ has pointed out that lattice arrays of silver bromide and 
metallic silver match across their {100} planes with [100] AgBr parallel 
to [110] Ag which was the orientation relationship found by Scuwas for 
the formation of silver bromide on silver.&” Dankov and Kocuet- 
Kov®) have claimed that the well defined silver shapes obtained on 
reduction followed this rule. However, Kerru and have 
shown that these are not single crystals of silver but a mass of particles 
of colloidal size which forms fairly stable aggregates. 


IV. FiraMentary GrowTH OF METALS ON METALS 

About 1945 trouble was experienced with the internal electrical short- 
circuiting of electroplated condensers for wireless and telephone 
service. On return to the manufacturers, however, the condensers often 
behaved satisfactorily. The trouble was finally traced to the presence 
of microscopic filaments which had bridged the critical spacings in the 
condenser, see Fig. 9. As they were extremely small and fragile, the 
filaments were frequently broken or dislodged after the faulty com- 
ponent had been received back by the manufacturers. 

Cons) noted that the whiskers on cadmium plated steel were 
1 — 5 x 10-5 in diameter and up to 0-4 in. long. The whiskers, which 
were electrical conductors, grew best where the electroplated cadmium 
was thin, irregular and contaminated. Although GLasstone*) doubted 
whether the whiskers were wholly metallic this has since been confirmed. 
The occurrence of zinc whiskers has been recorded by Grorrroy.“ 

Comprox, Menpizza and ArnoLp™) examined the growth of such 
filaments in greater detail. Solid and electroplated specimens were 
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supported on glass stands and placed in closed covered jars which nor- 
mally also contained a finely divided organic contaminant such as 
powdered plastic or hard rubber. The temperature was held, either 
constant or allowed to fluctuate, in the range 25-45°C whilst the initial 
relative humidity was either 35 per cent or 90 per cent except in a few 
cases where an aluminium oxide desiccant was used. 

The results, given in Tables 1-3, cover periods of exposure from about 
six months to two years. Filaments developed on cadmium- and tin- 
plated steel (Fig. 10) in the absence of contaminants. Zinc plated steel, 


TABLE 1 
Specimens which Developed Whiskers within 2 Yearst‘*® 


Low High 
| Relative Humidity | Relative Humidity 


No Contaminant Present: 
Plating Thickness, Inches: 
0-00005 
0-0002 
0-0005 
Solid Metal 


Organic Contaminant 
Present : 
Plating Thickness, Inches: 
0-00005 . ; ‘ ‘ Cd Zn Sn Cd Ag* 
0-0002. . Cd Zn Sn Zn Ag* 
00005 . .| Cu* Sn Cd Zn Ag* Sn Zn Ag* 
Solid Metal . , .| Cu® Ag* Sn Zn Ag* Alt 


* On silver and copper whiskers developed only in presence of sulphur (hard rubber), 

+ Other metals being studied may also develop whiskers, but have not been under test for a sufficient 
length of time. 

t Alcoa 750 aluminium alloy, 1 per cent Cu, 1 per cent Ni, 6-5 per cent Sn balance Al. 


solid zine (Fig. 11) and solid tin apparently required the presence of an 
organic contaminant. Hot dipped tin plate, electroplated and fused 
tin, evaporated and condensed tin and cadmium, all showed whiskers. 
The growth tended to be more rapid on the thinner electroplated 
deposits. The process occurred more quickly at slightly elevated 
temperature (71°C) when the growth on tin-plated steel started in four 
weeks compared with the normal time of three months (six months to 
two years for appreciable growth). 

Analyses showed the whiskers on zinc, cadmium and tin to be 
wholly metallic. The filaments of zinc were flexible and normally grew 
perpendicular to the surface in lengths up to 0-4in. Their diameter 
was almost constant at about 2 «x 10-*cm (0-8 x 10*in.) but the 
whiskers were not round, rather they possessed distinct longitudinal 
facets. X-ray examination showed that the zinc and cadmium whiskers 
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TABLE 2 


Specimens which up to the Present Time 
have not Developed Whiskers‘ 


Metal 
Length of Time 
Under Test, Years 


Plated Solid 


Nickel 
Nickel 
Copper* 
Copper* 
Silver* 
Silver* 
Aluminium /( Ale oa 38 Alloy) 
Aluminium (Alcoa 248 Alloy) 
Indium 
Lead 
Terne Plate* 


* Except in presence of sulphur (hard rubber). 
+ A low tin, lead coated steel 


TABLE 


Metal or Metal Coated Specimens®* Specially 
Prepared or Treated’*” 


Developed Whiskers 


Tin plated, waxed 4 
Cc opper plated, tin plated 4 
Tin plated, heated at 165°C 4 
Tin plated, dessicant in container . None in 8 months 
Tin plated, dessicant and activated chare oal in container None in 8 months 
Tin plated, acid dipped subsequent to plating . ; 4 
Hot tin dipped. + 
Tin sprayed , None in 5 months 
Tin evaporated + 
Tin plated, fused + 
Brass, iron plated, tin plated . : + 
Tin plated, but base metal ebsasion cle ened only : None in 5 months 
Tin plated in bath made up from reagent grade inorganic 
chemicals + 
Tin plated, mee hanically worked + 
Tin plated, maintained at elevated temperature + Within 4 weeks 
Tin plated in form of wedge : + At thin end within 
6 months 


Tin evaporated onto mica, zinc, black oxidized iron . ‘ 
Tin plating solution residues on steel None within 6 months 
Zinc evaporated onto paper . None within 8 months 


Cadmium evaporated onto paper . + 


* On iron unless otherwise indicated 
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were single crystals with the c-axis of the hexagonal close packed 
structure parallel to the length of the fibre. The tin filaments appeared 
to be tetragonal and to be twinned but their orientation was not fully 
determined. 

Silver and copper only showed growths in the presence of sulphur 
(from hard rubber). The appearance was quite different from that of the 
other whiskers being brilliant black, often dendritic or tapered spikes, 
stiff and about ,', in. long. They only developed on severely tarnished 
areas. CompToN, MEND1Izza and ARNOLD did not identify the whiskers 
which grew on the aluminium—6-5 per cent tin—I1 per cent copper— 
1 per cent nickel alloy. 

Fig. 12 due to Koonce and Arnoip™ illustrates stages in the 
growth of a tin whisker. The persistence of the irregularity of the tip 


Fig. 12. Electron microscope study showing stages in the growth 
of a tin whisker, .12750 (Koonce and ARNOLD") 


provides strong evidence that the growth is by the addition of metal to 
the base of the filament. Although generally about 2 « 10-* cm in 
diameter, variation in the whisker size has also been noted, e.g. dia- 
meters of 5-8 x 10-4and 0-05 x 10-4 cm. The whiskers are generally 
straight but some curved examples have been reported” very 
reminiscent of the curved form taken by hair silver. 

FisHerR, DARKEN and CaRROLL"®’ have found that the rate of growth 
of tin whiskers from the free edges of electrolytically tinned steel is 
greatly accelerated by a high clamping pressure. The growth of whis- 
kers under pressure is characterized by (i) in some cases the presence, 
but in others the apparent absence, of an induction period, (ii) a period 
of rapid growth at a substantially constant rate, (iii) a rather abrupt 
transition to a much slower growth rate, (iv) the higher the pressure the 
greater was the growth rate and the shorter the period of rapid growth, 
(v) the length at the end of the period of rapid growth was substantially 
unaffected by the pressure, (vi) at any given time, the number of shorter 
whiskers far exceeded the number of longer ones, (vii) the growth was 
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by the addition of tin to the base of the whisker and (viii) although 
most of the whiskers were straight the proportion of kinked or spiral 
filaments was greater than observed in whiskers growing spontaneously. 
The rate of growth was measured microscopically for a range of pres- 
sures with the results illustrated in Fig. 13. At the highest pressure of 
7500 Ib/in.*, the fastest growth was 10,000 A/sec. corresponding to 


10,000 
CURVES INDICATE RATE 
EQUALLED OR EXCEEDED 
BY |, 18 OR 1OO WHISKERS 


RATE OF WHISKER GROWTH - A/sec 


2500 $000 7$00 
APPLIED PRESSURE PS! 


Fig. 13. Effect of pressure on the rate of growth of tin whiskers 
(FIisHER, DARKEN and CARROLL") 


1mm in 16 min. which may be compared with a few millimetres per 
year for spontaneous growth. 

Herrine and Gait) have made an estimate of the mechanical 
properties of spontaneously grown tin whiskers which they reported to 
have a remarkably constant diameter of 1-8 + 0-1 x 10-*em. The 
experiments consisted in bending a number of whiskers around wires of 
small diameter. The whiskers showed elastic and plastic behaviour not 
far different from those expected of a perfect crystal. The yield 
strength of massive tin is about 0-15 kg/mm? resolved shear stress 
corresponding to a maximum yield strain of about 10~* before slip 
occurs. The minimum creep rate is about 2 x 10~*/sec. at tensions of 
0-1 kg/mm*. However, the whiskers tolerated bends producing maxi- 
mum strains greater than 10-*. After a week at 6 x 10-% strain, the 
whiskers straightened out perfectly indicating a maximum creep rate 
of certainly less than 5 x 10~-'/sec. at stresses of the order of tens of 
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kg/mm*. Maximum bending strains of about 2-3 per cent caused an 
abrupt permanent bend in the whisker which still had considerable 
strength at the bend. 

Filaments of iron have even more impressive properties according to 
Suits.) The whiskers, whose mode of preparation was not described, 
were about 0-001 in diameter and an inch or two in length and reached 
tensile strengths of up to 400 tons/in.*. Further details have now been 
given by Sears, Garti and Futman.*” The largest observed elastic 
strain in a smoothly bent whisker (of 15 x 10-*cm diameter) was 
1-4 + 0-1 per cent. The whisker was a single crystal bounded by four 
(100) planes parallel to the axis. The maximum elastic stress was 
therefore 120 tons/in.? The iron whiskers lost their unusual strength 
after exposure to air for a few days before visible signs of oxidation 
appeared. It was concluded that edge dislocations could be introduced 
into a-iron by oxidation. 

It is appropriate to mention here the properties of some zinc sulphide 
needles formed by sublimation in an atmosphere of hydrogen. PrIPER 
and Rorx‘®) reported that the crystals were up to 5 x 10-3 cm in 
diameter and several millimetres long. X-ray diffraction showed them 
to be single crystals of hexagonal zinc sulphide (wurstite). The needle 
axis coincided with the c-axis of the unit cell. The crystals were free 
from the stacking faults which normally occur in sublimed hexagonal 
zine sulphide. They were flexible and could be bent elastically up to 
1} per cent strain without plastic deformation. The Young’s modulus 
was estimated to be about 7 10 dynes/em*. Hexagonal zinc 
sulphide is unstable at room temperature with respect to the cubic 
form (sphalerite) and ordinary crystals begin to disorder when heated 
to about 400°C prior to complete transformation at higher temperatures. 
On the other hand, the needles had to be heated to 750°C to produce a 
comparable disorder. The photo-conductivity of the needles was far 
higher than of ordinary single crystals of zinc sulphide possessing 
stacking faults. 


V. FILAMENTARY GROWTH OF METALS BY 
ELEcTRO-DeEposiITiON, REPLACEMENT, CONDENSATION 
AND UNKNOWN CAUSES 
Filamentary growth has been observed during the electrodeposition of 
copper and silver. GoLiop‘*) showed photographs of tangled copper 
filaments which were favoured by a very low current density and 
complete absence of motion of the cathode or electrolyte. They 
occurred more readily in batches of plating solution containing a 
colloidal contaminant. Metallographic examination showed the fila- 
ments to be polycrystalline. TurnsuLi found that an abnormal 
spiky deposit grew on the cathode surface when the bath contained 
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chlorine or chlorine ions from sodium chloride, magnesium chloride or 
hydrochloric acid in excess of 0-007 gm/litre expressed as sodium 
chloride. 

Kerrx and MircHe..* studied the form in which metallic silver was 
produced at the cathode when solutions containing sodium sulphite, 
sodium carbonate and potassium bromide, with the compositions found 
in normal photographic developers, were saturated with silver bromide 
and then electrolysed. Fine needles were produced on the cathode of 
silver foil when the potential difference across the cell was below a 
certain critical value. Continued electrolysis led to a tangled mass of 
interlocking needles which closely resembled those obtained during the 
later stages of photographic development with solutions containing 
solvents for silver bromide. When sodium sulphite or other active 
sulphur compounds were present and the potential difference between 
the anode and the cathode was in excess of the critical value, tangled 
billowing masses of filamentary silver were found. 

Electrochemical replacement generally gives acicular, plate-like or 
irregular crystals which frequently interlock. Metal trees are frequently 
formed, the ‘arbor diane” has been mentioned above, whilst many 
examples of deposition during replacement or change of valency are to 
be found in the literature.‘®. ‘) However, the reduction of silver 
nitrate solution by cuprous oxide to give filaments of silver about 
0-4 = 10-° in diameter has been described by GLapstone?: ‘) who 
mentioned that crystalline silver was sometimes deposited on the 
filaments or they terminated in thick crystalline knobs. GLADSTONE 
was not invariably successful as crystal tufts sometimes appeared from 
the beginning. 

Howey? found that, under certain conditions, the condensation of 
silver vapour upon solidified, spherical drops of silver produced thin, 
single-crystal needles of silver, sometimes straight and sometimes 
tapered. X-ray examination showed that the crystals had a [110] 
direction parallel to the length of the spikes which were up to 1-5 mm 
long. 

The condensation of mercury at — 50°C and 6 « 10~* cm pressure on 
glass at — 63-5°C gave fine mercury filaments growing from the glass 
surface according to Sears.“° The filaments were about 2 x 10~* cm 
diameter and | mm long. They grew very rapidly in the sense that the 
growing end advanced approximately five thousand times more rapidly 
than could be accounted for by the impingement rate of mercury on 
the end of the filament. 

WaKELIN™) has reported that filaments of copper, 0-01—0-001 cm 
in diameter, grew on the surface of commercial high conductivity copper 
placed inside a closed furnace used for annealing large steel sheets. 
The thermal cycle was 24 hr to 850°C, 24 hr at temperature and 24 hr 
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to cool down in an atmosphere consisting initially of air. The filaments, 
which formed preferentially at the corners of the copper, frequently 
showed striations parallel to their length. Much earlier, Percy” and 
Reapwin) had indicated that filamentary growths of copper could 
form on the surface of cast metal and in cavities inside the ingots. The 
filaments‘*” were up to ,;‘; in. in diameter and up to 5 in. long. They also 
showed numerous minute parallel striations as if composed of a bundle 
of fibres. 

Silicon fibres, 10~* cm in diameter and | cm long have been reported 
by Jonunson and Amick.') The fibres, deposited from the vapour 
when zine reacted with SiCl, at 800-1000°C, were single crystals with 
<111> along their axis. 


VI. Some GRowTHs ON METALS 


Reactions at metal surfaces can also give spiky or fibrous growths. 
RicHaRpson'®) has noted spikes of oxide on iron, generally near 
scratches on the surface or near the edges of the strips. TyLEcoTE'®: ‘79 
reported spikes or filaments of cuprous oxide on electropolished copper 
oxidized in dry oxygen in the range 370—420°C or in moist air in the 
range 725-750°C. Liespaarsky'® found fibrous growths of MoO, on 
molybdenum under very specific conditions. 

Reference has already been made in section 4 to the spiky growth 
found by Compton, Menpizza and ArNoLp® on the surface of silver 
and copper exposed in the presence of sulphur (see Table 1). Between 
seventy and eighty years ago, Macorret*), ‘%) described (i) long thin 
brilliant crystals and (ii) needles up to 2 cm in length formed when (i) 
sulphur vapour and (ii) selenium or tellurium vapour was passed over 
heated silver. Very recently, ARKAROV and MarpesHev'””) have 
reported similar reactions when selenium or tellurium vapours were 
reacted with copper at 350-500°C or 350-600°C respectively. A 
powdery layer was formed on the metal followed by the growth of large 
distinct spikes which were identified as Cu,Se and Cu,Te. 


VII. CrystaL STRUCTURES AND ELECTROCHEMICAL 
CHARACTERISTICS 
a-silver sulphide (argentite) is stable above 179°C and is cubic, the 
sulphur ions occupy fixed lattice sites but the silver ions are distributed 
virtually at random among a large number of nearly equivalent lattice 
sites (a-Ag,Se is similar'*’). f-silver sulphide (acanthite—pseudo- 
morphic with argentite) is stable below 179°C, £-Cu,S (chalcocite) is 
stable between 105-450°C and is hexagonal, y-Cu,S is stable below 
105°C and is orthorhombic.“ «-Ag,Te, «-Cu,.8 and «-Cu,Se are 
cubic.“ There is no information showing that the hair growth is re- 
lated crystallographically to the lattice of the sulphide. The importance 
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of the lattice structure lies in the interrelated electrochemical properties 
of the sulphide. 

Wacner' has proved recently that «-Ag,S is slightly variable in the 
ratio Ag/S. There is a silver excess of 2-0 « 10-* g-atom Ag/mole Ag,S 
when co-existing with metallic silver at 200°C whereas the stoichio- 
metric ratio is observed when co-existing with liquid sulphur. The 
variability of the Ag/S ratio in f-Ag,S 
at 160°C is much smaller, being of 
_—GLASS TUBE the order of 3 10-°g-atom Ag/mole 


AgS. 
LIQUID SULPHER That silver sulphide behaves both as 
an electronic and ionic conductor of elec- 
4g, $0 tricity has been known for a long time— 


| a9, $1 the conductivity is of the order of 500- 
ag 800 reciprocal ohm-cm.") TuBANT and 
f co-workers‘**-*) measured the transport 
Fig. 14. Reaction of silver with "Umber of Ag* in silver sulphide (that 
liquid sulphur, after Wacner is the fraction of ions deposited at the 
cathode by the passage of unit charge) 

using the cell +JAg|Ag,S|Ag,S|AgI|Agl|Ag|-. The silver iodide was 
inserted between the sulphide and the metal cathode to prevent 
bridging by the deposition of silver. The results indicated a transport 
number of 1-00 corresponding to purely electrolytic conduction by 
silver ions. On the other hand, measurements of the diffusion coeffi- 
cients of copper ions in silver sulphide and of the transport numbers of 
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Fig. 15. Transfer experiment with Ag,S, after WAGNER 


Cu* and Ag* in solid solutions of silver and cuprous sulphides allowed 
the transport number of Ag* in silver sulphide to be calculated as 
| per cent.). Wagner. explained this by the classical 
experiments illustrated diagrammatically in Figs. 14 and 15. After 
heating the assembly in Fig. 14 for 1 hr at 220°C, the silver block had 
lost 108 mg in weight, block I of «-Ag,S had increased by only 2 mg 
but block II of «-Ag,S had increased by 126 mg. The weight of the 
stoichiometric Ag,S expected on conversion of all the silver lost would 
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be 124mg. Consequently the reaction product was formed only in 
block II and, in fact, at the interface with the liquid sulphur. According 
to WAGNER, in TUBANT’s experiments each equivalent of electrical 
charge transported caused only a small fraction of an equivalent of 
silver ions to migrate through the silver sulphide. At the Ag,S/AglI 
boundary both Ag* ions and electrons were liberated and removed 
with the formation of excess sulphur. The condition was now identical 
with Fig. 14 and silver from the anode diffused into the sulphide to 
compensate exactly for the deficit at the Ag,S/AglI interface. Hence, 
one equivalent of silver had been transported per equivalent of elec- 
trical charge even though only | per cent was due to the electric current 
and the remainder to the induced tarnishing reaction. WAGNER offered 
the experiment illustrated in Fig. 15 as proof of his views. Silver I was 
the anode but silver Il was symmetrically placed. Only silver I should 
be affected by normal electrolysis. In practice, both silver I and silver 
II suffered an identical loss in weight proving that liberation of sulphur 
at the interface Ag,S/AgI had caused solution of silver in the silver 
sulphide. 

This and other work led to the formation of the formal theories of 
tarnishing of Wacner,‘*), (58), (8) and the electrochemical cell interpre- 
tation of Jost’? and Hoar and Price®” in which metal ions and 
electrons migrate through the film to the surface where the electron 
combines with an atom from the gas to form an anion. The anodic 
reaction at the metal-film interface is 


(M €) metal > M “alm € 
The cathodic reaction at the film-gas interface is 
R+e-—>R- 


The work described above proves that silver sulphide, which is a 
semi-conductor, shows predominantly electronic conduction but 
possesses a small but finite ionic component. The silver ion is very 
mobile but the sulphur ion is relatively static. The conductivity 
depends on the Ag/S ratio, being lower with increased sulphur.‘*® 
Ag,Se, Ag,Te‘®’, ‘) and «-Cu,O (with excess oxygen) are also mixed 
ionic and electronic conductors. Silver chloride, silver bromide and 
«-silver iodide are cationic conductors. «-silver iodide is similar to 
z-silver sulphide in that the iodine ions form a stable lattice whilst the 
cathions are distributed randomly.‘ ‘ WaGNer’s theory of tarnish- 
ing involving the transport of one component through the film has been 
confirmed broadly for the reaction of sulphur, and tellurium with 
silver” and of sulphur®® and oxygen‘’®): ‘*) with copper in which the 
metal ion diffuses. The reaction of halides with silver and copper gave 
results whose interpretation is incomplete.” 
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The calculated value for the self-diffusion coefficient of Ag* in silver 
sulphide is about 2 cm*/day (about 10-5 em®/sec.) at 200°C (and about 1 
em*/day for Ag* in Ag,Te)"’. Recent experiments and calculations by 
Wacner™ have given the inter-diffusion coefficient for Ag* in Ag,S 
involving different Ag/S ratios as 2-8 — 5 x 10-* cm*/sec. at 220°C which 
is more than a thousand times greater than the coefficient for self-diffusion 
and about three orders greater than the diffusion coefficients in liquid 
systems. “The divergence between the inter-diffusion and the self- 
diffusion coefficient is due to the fact that the mobility of the electrons 
is much greater than the mobility of the silver ions. When there is a 
gradient of the metal/non-metal ratio, metal ions and electrons migrate 
in the same direction, electrons having the tendency to move faster 
than silver ions. Thus there results an electrical potential gradient 
which decelerates electrons and accelerates silver ions so that the actual 
migration rates are equal, and each volume element remains essentially 
electrically neutral. In most cases the interdiffusion coefficient is only 
two or three times greater than the self diffusion coefficient of an ion. 
Exceptional conditions, however, are found in silver sulphide in which 
the concentration of excess electrons is substantially lower than the 
concentration of disordered ions but conduction is preponderately 
electronic because the mobility of the excess electron is much greater 
than the mobility of an interstitial ion or ion vacancy. This situation 
is encountered not only in Ag,S but also in Cu,S, Cu,Se, Cu,Te and 
in KCI having a potassium excess.’’'*® 

The photochemical reduction of silver sulphide has been noted in 
section 2. A theory for the photochemical reduction of silver bromide 
has been given by Morr and Gurvey.'’. ? Silver bromide is an 
ionic conductor in which the metal ions are mobile. Absorption of light 
releases electrons with a high mobility which are trapped on the 
surface by a speck of some substance with a lower conduction band 
than silver bromide (this could be Ag,S). In the absence of free 
metallic silver in the halide, a speck of silver will begin to form on the 
surface and acts as the latent image when the silver halide grains are 
placed in the photographic developer. 


VILL. Mecuanism or THE FoRMATION OF METAL 
FILAMENTS ON MINERALS AND SULPHIDES, ETC. 


The driving force for the reaction is the chemical reduction, for example 


AgS = 2Ag +5 


Cu,S = 2Cu+S8 


Cu,S = Cu + CuS 
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THE FILAMENTARY GROWTH OF METALS 
When written electrochemically these become 


(2Ag* +S sulphide 2€) metal Sens 


(2Cu sulphide (2Cu metal Seas 


or 4 4+ J ++ » 
(2Cu* +5 ) sulphide +5 sulphide + (Cu 2€)metal 


According to mass action principles an excess of sulphur should hinder 
the reaction. However a small excess of sulphur over and above the 
stoichiometric ratio favours, whilst a small excess of silver inhibits the 
growth of good examples of silver hairs. 

Although a number of suggestions have been made to account for 
the mechanism by which hair silver and hair copper etc., are formed, 
it is profitable to discuss only the views of Wagner and OstwaLp.“® 

WAGNER has not presented a detailed account but is clearly of the 
opinion that the formation of silver hairs is basically a reversal of the 
tarnishing reaction. Removal of sulphur from the surface leaves excess 
metal ions and electrons in the sulphide. These would migrate simulta- 
neously to the metal core or any metal particles. In the absence of 
inherent nuclei the silver is formed at the surface of the sulphide (the 
latter will be aided by any specks of silver from photochemical reduc- 
tion). Basal growth follows automatically because most of the silver 
ions and electrons come from the body of the sulphide. The high rate 
of interdiffusion of silver in silver sulphide of variable composition 
automatically accompanies the ‘‘de-tarnishing”’ reaction. 

OstwaLp™ speaks of the high osmotic pressure of free silver ions in 
silver sulphide relative to the low osmotic pressure of silver ions in 
metallic silver. This implies no more than that an excess silver in silver 
sulphide will tend to precipitate. According to OstwaLD, who rejects 
the simultaneous parallel motion of cations and electrons, when 
sulphur atoms are formed at the surface the liberated electrons go 
directly to the silver nucleus. The electrons are then available to 
combine with the silver ions which have diffused to the base of the 
nucleus. (The combination would be the formation of metallic bonding.) 
OsTWALb’s proposal would not rule out a high rate of interdiffusion of 
Ag* in silver sulphide of variable ratio. The relation between the 
interdiffusion coefficient and the self-diffusion coefficient involves the 
differential of activity with respect to composition and a high value 
of the latter need not, a priori, demand WaGNER’s interpretation. 

OstWaLp draws a sharp distinction between the reduction of silver 
sulphide and of cuprous sulphide, since he accepts the reaction of cup- 
rous sulphide to cupric sulphide in which the sulphur ions play no real 
part. The reaction starts at the surface, part of the Cu* ions form Cut* 
and part form copper atoms leading to a nucleus with metallic bonding. 
This is an essential step in OstwaLp’s view, since on the evidence of 
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Hirrorr,’**’ such nuclei are always formed even in the presence of 
metallic copper particles within the sulphide. After the formation of the 
metallic nucleus, the process follows the same path as the reduction of 
silver sulphide. The electrons liberated by the change Cut -> Cut+ + e 
migrate to the nucleus which grows by the addition of Cu* ions at the 
base. OSTWALD suggests that since cupric sulphide is a good conductor 
it will “hold”’ electrons so that their transfer to the metal nucleus will 
occur much more slowly than in the reduction of silver sulphide. This 
would account for the slower rate of formation of the copper hairs. 

Studies of the tarnishing reaction of copper to cuprous sulphide® 
support WaGNer’s theory. It must be noted further that the free 
energy of formation of cupric sulphide is higher than that of cuprous 
sulphide at all temperatures’®” which renders doubtful OstwaLp’s 
assumption of the formation of cupric sulphide. However, irrespective 
of the end product assumed responsible for the removal of the sulphur, 
there seems no reason why the liberated electrons and Cu* ions in the 
sulphide should not migrate simultaneously to the metal nucleus in the 
manner postulated by WaGner. The coefficient of interdiffusion of 
Cu* in Cu,8 of variable composition has not been measured but may 
easily be less than that of silver sulphide by the extent necessary to 
account for the thirty times slower rate of growth of copper hairs. 
Much less experimental work has been carried out on the growth of hair 
copper than on the formation of hair silver. For example, copper 
nuclei may well occur at the surface even though copper particles are 
present throughout the sulphide. 

Both WAGNER and Ostwa pb hold the stiffness of the sulphur lattice 
responsible for the filamentary nature of the growth. The metal ions 
migrating to the base of the nucleus push it out from the surface because 
the stiffness, particularly of the surface layers, restricts the lateral 
growth so that a metallic filament is obtained. The crust formation of 
silver at higher temperatures is associated with a relaxation of the 
rigidity of the sulphur lattice. The stiffness of the surface is held to 
account for the absence in change of external shape of the sulphide so 
that internal holes are formed during the reaction. OsTwaLp related 
the absence of hair growth on silver halides to their lower lattice stiff- 
ness shown by their low melting point compared with silver sulphide. 
It may be noted that Berry” failed to obtain hair silver on silver 
bromide (M.P. 422°C) but suceeded on silver iodide (M.P. 526°C)—see 
Figs. 6a and 6b. 

According to OsTWALD, the stiffness of the sulphur lattice is enhanced 
by excess sulphur. He favours this argument as the cause of improved 
hair formation rather than H. W. Kon_scntrrer’s view that the excess 
sulphur combines with any incidental free silver otherwise likely to act 
as nuclei. Also excess sulphur is held to increase the grain size of silver 


64 


a 

ey 

f 

: 
rit 
2 

iz 
G 
; 

ae 
Ar 

4 

| 


THE FILAMENTARY GROWTH OF METALS 


sulphide on heating which also decreases the number of possible 
nuclei. 

OstwaLD makes the further provision that excess sulphur is present 
in the surface layers during the reaction. This is given as the cause of the 
reduction found in the reaction rate during the process whilst the 
increased stiffness of the surface enhances the likelihood of filamentary 
growth. 

However, OstwaLp’s general argument is not immediately accept- 
able and WAGNER’s views are preferable. Removal of sulphur from the 
surface must be accompanied by a metal excess. The extremely high 
mobility of the metal ion only holds in the direction of the free energy 
gradient, i.e. essentially perpendicular to the surface when immediately 
below the surface. Therefore, except underneath a surface nucleus, the 
metal ions in the sub-surface layers will have a very much greater 
tendency to migrate inwards than to move parallel to the surface. The 
stiffness of the sulphur lattice and the absence of easy matching planes 
between the silver sulphide and silver makes the surface the obvious 
site for nucleation. The nuclei may be expected to grow by deposition 
of silver ions from within the sulphide as the surface immediately sur- 
rounding the surface will rapidly become exhausted in silver. A further 
restriction on lateral growth may come from the tendency of sulphur 
ions to move over the surface in an absorbed layer before transfer to the 
gas phase or incorporation in cupric sulphide. 


LX. MECHANISM OF THE FORMATION OF METAL 
FILAMENTS ON HALIDES 


The chemical reaction on photographic development 
AgBr ++ developer = Ag + oxidized developer 


and provides the driving force for the production of metallic silver 
irrespective of the form this takes. The theories of photographic 
development have been the subject of several reviews, e.g. JAMES" 
and Kerra and MitrcHe yu." The electrode mechanism proposed by 
GuRNEY and Morr’) will be adopted here. 

The chemical reaction may take place at the interface between the 
metal and the silver bromide without the necessity for the Ag* ions to 
enter the solution or the molecules of developer to penetrate the inter- 
face. A suitable developer will hand over electrons to the silver already 
deposited (the latent image). A double layer will be formed at the inter- 
face between the silver and the developer consisting of negatively 
charged silver and positively charged adsorbed oxidation product. The 
consequent potential difference between the silver and the silver 
bromide will cause a flow of interstitial silver ions through the solid 
bromide to the interface with the metallic silver. The ions are set 
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moving by the electric lines of force which penetrate the silver bromide. 
Morr» gives the rate at which the filament is pushed out by the ions 
deposited on its base as 

og ill/ex* 
where o is the conductivity of the halide in electrostatic units 


= ohm=' = 10* 


gis the potential drop across the double layer. ep = leV = 
1-6 x erg 
Q is the atomic volume of silver = 10-** cm* 
lis the thickness of the double layer = 10~? em 
x is the width of the filament = 10-* cm 


e is the dielectric constant 22 « esu 


With the numerical values listed the velocity comes out as 10~* cm/sec. 
which is a lower limit because the conductivity near the surface is 
greater than the measured value. 

and considered their observations on the reduc- 
tion of silver bromide crystals supported the hypothesis of an electrode 
mechanism. They suggested “that silver is produced in filamentary 
form when the rate of transference of electrons to silver nuclei or silver 
masses exceeds the rate of incorporation of silver ions, so that the silver 
becomes negatively charged. .. . The negative charge will be con- 
centrated at the extremities of elongated nuclei and at points; its 
neutralization there by silver ions whether derived from the solid silver 
bromide or from solution will produce silver in filamentary form.’’ The 
original paper should be consulted for a full discussion of the factors 
favouring the formation of filamentary silver. It was pointed out that 
the active sulphur compounds such as sodium thiosulphate may form 
films of silver sulphide and thus hinder the building of silver ions on to 
the surface of the silver nuclei. 


X. MECHANISM OF THE FORMATION OF METAL 
FILAMENTS ON METALS 


The driving force for the spontaneous growth of whiskers on cadmium, 
tin, zinc, etc. has not yet been determined beyond possibility of doubt. 
The explanations so far put forward for whisker growth all involve a 
dislocation mechanism. 

Peach) accepted the view that the whisker has a screw dislocation 
along its axis. Esnetpy®* has found that such a dislocation would be 
stable. The driving force for Peacn’s mechanism was the reduction 
of dislocation energy in the interior of the specimen. Vacancies 
were drawn from the surface down a screw dislocation to annihilate 
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certain rows of atoms. The counter current of atoms outwards along 
the screw dislocation was held to produce whisker growth above the 
surface. The atoms travelled outwards along the centre of the filament 
and attached themselves to the tip. The theory has now to be replaced 
because of the observations of Koonce and Arnoip®), ©) that fila- 
ment grows by the addition of metal to the base. 

EsHecsy"™ and Frank") both describe mechanisms based on the 
view that the driving force is the oxidation of the new surface formed 
as the filament grows. This is equivalent to a negative surface tension. 
Following EsHetsy"™ ‘‘the surface tension forces on a small hump on 
the surface have the right characteristics (a central pull surrounded by 
a retaining pressure) to ‘wire-draw’ it into a whisker according to 
intuitive ideas of plastic flow.’’ There is assumed to be a Frank-Read 
source of length / parallel to the surface at about / underneath the hump. 
The stresses make the source emit a dislocation drop which, on reaching 
a critical size, is forced to glide vertically so adding one atomic layer to 
the base of the hump. The process is repeatable but the radius of the 
hump is limited to the length of the Frank-Read source. The linear 
rate of growth of the whisker comes out as 

~ KpnD(b/I*) (yb?/kT) 
ah? 
where V is the volume transferred in unit time and R the whisker 
radius, XK is a stress distribution factor, b is the (vertical) Burgers vector 
of the Frank-Read source, D is the diffusion coefficient, n is the number 
of loops in transit between the source and the surface, y is the surface 
tension. A growth rate of a millimetre or a centimetre per year is 
obtained with Kin ~ 100 or 1000. 

According to Frank, a dislocation line in equilibrium, supposed to 
be anchored at an interior point such as a dislocation node, will generally 
have an equilibrium angle of incidence where it ends at the free surface. 
The dislocation end will move over the metal surface unless and until 
it finds a position of equilibrium. If it meets a groove on the surface it 
will generally continue along the groove in its further travel. Suppose 
it attaches itself to a groove in the form of a closed path. Unless this 
contains a position of equilibrium, the dislocation will continue to travel 
round the groove indefinitely. Under the driving force of negative 
surface tension (i.e. oxidation) each circuit will displace the knob by a 
distance and direction corresponding to the Burgers vector of the dislo- 
cation and thus generate a cylinder. The axis of the cylinder will 
always be parallel to a possible Burgers vector, i.e. in general, a close 
packed direction. 

Assume that the surface oxidation is rapid and that the rate con- 
trolling process is the diffusion of vacancies away from the dislocation 
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which will become wound into a curved form. For the observed growth 
rates, ~ 10-* cm/sec., an emission of about 10’ vacancies per second is 
required from the root of a whisker of 10°‘ cm in diameter, equivalent 
to 3 x 10"/em*/sec. For tin at room temperature, FRaNK calculates 
the equilibrium number of wandering vacancies which cross unit area 
in unit time at about 10'*/sec. Consequently, the required unidirectional 
excess is only a small fraction. 

The rate of growth of the tin whisker was calculated by FRANK as 


(12D,/nr) [exp (4Qa/rkT) — 1} 


where LD. is the coefficient of self-diffusion, r the radius, Q the free 
energy released by oxidation per surface lattice site of the metal and a 
the interatomic distance. For large radii, this is inversely proportional 
to r? so that thick whiskers will grow only slowly. The radius is about a 
micron if Q is about 2 eV (for tin) corresponding to the formation of a 
triple layer of oxide. The growth rate is then of the right order. If the 
whiskers are very thin, the tensile stress at the root will snap them off 
instead of allowing continuing growth. 

Arguing from Fick's first law of diffusion, Fisher, DARKEN and 
CaRROLL? derived the linear rate of whisker growth as 


2DPV|(RTr,) 


where D is the self-diffusion coefficient (of tin), P the pressure applied 
to the surface normal to that on which whisker growth took place (see 
section 4) and r, the radius of the whisker. At the highest pressure 
experimentally tested this gave the maximum rate of growth assuming 
a radius of one micron as | A/sec. compared with observed rate of 
10* A/sec. It must be noted that the observed roughly constant whisker 


length is not predicted by any of the theories described above. 

The high strength and large range of elastic strain shown by the 
whiskers may arise because they are either free from dislocations or 
because the few dislocations present cannot multiply sufficiently to give 
an observable amount of slip.” The potential value of such materials 
must have occurred to several people although their practical develop- 
ment would not be straightforward.“ 


XI. MecHANISM OF THE FoRMATION OF FILAMENTS 
BY OTHER MEANS 


Whilst the reduction of sulphides and halides can produce metallic 
filaments, the reverse chemical reaction can also give spiky growths or 
filaments, e.g. in the oxidation of iron” and copper. “* and the 
interaction of sulphur (tellurium or selenium) with silver and cop- 
per. (32), (33), (65, (77) Tt is not known whether these are formed by growth 
of the apex or the base but in either case the mechanism will probably 
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differ from that responsible for metal filaments. A process involving 
evaporation and condensation would lead to apex growth. In general, 
only the cation diffuses through the tarnish product and spikes may 
be anticipated at points where the transfer of cations is exceptionally 
rapid. Harpy“) suggested that the spikes might be related to screw 
dislocations in the underlying metal which, when transferred to the 
tarnish product by oriented overgrowth, provided a path of easy 
diffusion for the transfer of metal ions to the surface. Again, this 
would lead to apex growth. 

The preferential formation of metal hairs at the cold end of silver 
and copper sulphide, selenide and telluride (and the transfer of silver 
from the hot to the cold end) may be explicable in terms of the Ludwig- 
Soret effect. Part of the driving force for the reaction may be associated 
with diffusion of silver under the influence of a thermal gradient so that 
the transfer of silver to the colder end accelerates the formation of hairs. 

More difficulty is experienced in explaining the transfer of silver 
through layers of halide or sulphide under strictly isothermal conditions. 
Although this is not rigorously proved, Berry’s'**) experiments suggest 
that it may occur at least through halides. The transfer must have 
involved a concentration gradient, since the system was clearly not in 
equilibrium, although both the nature of the reaction and the driving 
force remain obscure. 

The growth of copper filaments inside a furnace (WAKELIN'”’) or on 
the surface and in cavities in cast metal (Percy) or on the surface of 
slag (Fig. 2) may all be related to the existence of a temperature 
gradient. During cooling, the metal at the interior will be hotter than 
at the outside so that transfer of metal through a tarnish layer on the 
surface might well be accentuated. 

Of filamentary growth by condensation, electrodeposition or replace- 
ment, little need be said. A screw dislocation in the substrate may be 
continued in the condensate as postulated by Sears‘) for the growth 
of mercury filaments on glass. Electrodeposition and replacement 
usually involve apex growth. The work of Kerrn and MircHey® and 
more recently of Hemiime"* emphasizes the complexity of the 
processes controlling the shapes obtained. Current density, the crystal 
structure and dislocation array, and absorbed layers on the surface are 
among some of the factors involved. 


Generat Discussion 


Present day knowledge of the filamentary growth of metals is clearly 
fragmentary and provides a background obviously unsuitable for 
satisfactory theoretical interpretation. The fundamental chemical 
reactions are often undetermined so that the driving force for the 
growth of filaments is uncertain. 
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In whisker growth, the significance of the method of surface pre- 
paration (whether electroplated, hot-dipped or solid metal) and of the 
need for organic contaminants is obscure. It is not yet known whether 
the whiskers grow in the absence of oxygen, in a vacuum or on a per- 
fectly clean metal surface. Neither is it known whether the whiskers 
have the same orientation as the matrix crystal on which they grow. 
It would clearly be significant if the application of pressure facilitated 
whisker growth on metals other than tin. 

The reduction of silver bromide by a photographic developer may 
possibly be related fairly closely to a ‘“‘de-tarnishing” reaction similar 
to the formation of hairs on sulphide. Undoubtedly, the photographic 
development is further complicated by the possibility of deposition of 
silver from solution. 

The effect of a temperature gradient on the growth of silver and 
copper hairs on the sulphides, selenides and tellurides is only imperfectly 
understood. It is important to discover whether the transfer of silver 
through halide or sulphide layers occurs in a closed system under strictly 
isothermal conditions. The limitation that hairs occur only in silver 
or copper must be related to the compositional dependent electro- 
chemical properties of their halides or sulphides. Suitable ionic 
compounds with similar characteristics might be persuaded to show the 
filamentary growth of other metals. 

The abscence of precise knowledge makes possible the suggestion 
that whiskers on metals and hairs on and through sulphides and halides 
may have more in common than is currently accepted in the separate 
theoretical explanations of their origins. Without denying the impor- 
tance of a dislocation mechanism, the possibility that whisker growth 
involves transfer across a tarnish film on the metal surface should not be 
overlooked. 

More experimental work is needed to test critically the different 
theories. 
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THE AUSTENITE: PEARLITE REACTION 
Robert F. Mehl and William C. Hagel 


I. INTRODUCTION 


Tuts article is a discussion of what is known and of what is surmized 
concerning the austenite: pearlite reaction in eutectoid Fe-Fe,C alloys. 
It includes only those matters that have reached a stage of maturity 
permitting at least some understanding in terms of mechanism and 
kinetics. Pearlite forms in steels other than eutectoid steels; i.e. in 
low-carbon hypoeutectoid steels, in which proeutectoid ferrite is rejected 
first, and then pearlite—and in high-carbon hypereutectoid steels, in 
which proeutectoid cementite is rejected first, and then pearlite. Pear- 
lite forms at high temperatures; at lower temperatures bainite forms; 
and at still lower temperatures the martensite reaction occurs; these 
reactions will be left for further articles in this series. 

The discussion is limited to isothermal reactions. Much information 
is available on the reaction characteristic of steels during cooling, but 
this is rarely interpretable in terms of mechanism, since reactions 
characteristic of particular temperatures overlap on cooling. Nearly 
all of that great body of information on engineering practice in the 
heat-treatment of steel, information which does not serve our special 
purpose, will be disregarded. 

Little progress was made in this field until the virtues of the iso- 
thermal reaction technique became evident from the work of Barn and 
his collaborators," of Wever™ and of Ropertson,® but particularly 
that of Bary, which led to the time-temperature-transformation—the 
“7'-T-T-curve” (earlier designated as the “‘S-curve’’). This diagram 
summarized descriptively the reaction characteristics of a given steel 
and provided a number of basic rules which helped clarify the operation 
of important variables, e.g. alloy content, austenite grain size, etc., in 
determining the types of reaction product, in determining the form of 
the 7'-7'-T'-curve and in fixing the critical cooling velocity and thus the 
depth of hardening. Since then, about 1930, progress has been rapid; 
an attempt was made in 1938 to rationalize what was known then 
about mechanism and kinetics in the full temperature range, with new 
points of view introduced. 


Il. PRELIMINARY 


The constitution diagram of the binary Fe-Fe,C system is that given 
in Fig. 1; no attempt is made in this article to construct a preferred 
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diagram; where exact values are needed they will be given. This 
system has long been known to be unstable; the stable system is, of 
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Fig. 1. The Fe:Fe,C equilibrium diagram 


course, iron-graphite; we shall not again refer to this circumstance for 
it in no way affects the following considerations. 

The y-phase, austenite, a solid solution of carbon in gamma iron, 
will decompose on cooling to a variety of products, some obvious from 
the equilibrium diagram for Fe-Fe,C alloys, Fig. 1. At equilibrium, 
alloys, originally y, with less than about 0-80 per cent C (point S) will 
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form proeutectoid ferrite, a solid solution of carbon in alpha iron, in 
the temperature range between the line GS and the line PS, and at PS 
the eutectoid composition S will form, Fig. 2. Alloys of the composition 
S will suffer the eutectoid reaction only, forming the two-phase struc- 
ture pearlite, a lamellar structure of ferrite and Fe,C, Fig. 3; obviously, 
if pearlite is heated into the y-field, the reverse reaction will occur. 
Alloys with more carbon than 0-80 per cent will form proeutectoid 
Fe,C in the temperature range between the lines SE and PSK, at which 
point the eutectoid composition S will form, Fig. 4. The various 


TEMPERATURE 
° 


TRANSFORMATION 


10 10° 10” 10° 


\ typical isothermal reaction Fig. 6. Isothermal transformation 
curve diagram for a eutectoid steel with 
0-79 per cent carbon, 0-76 per cent 
manganese, grain-size 6. (U.S. Steel 
Company Research Laboratories) 


temperatures cited are equilibrium temperatures; the temperatures at 
which these reactions actually occur vary with the rate of cooling (or 
of heating); these are sometimes designated as “critical tempera- 
tures.” The temperature of the equilibrium eutectoid horizontal, PSK, 
is familiarly known as the ‘Ae, temperature,” or simply as “Ae,.”’ In 
alloy steels the circumstances are similar except for the recognized 
complexities of systems of higher order than binary. All of these 
reactions are nucleation and growth reactions. 

Isothermal reaction curves for reactions of interest here are charac- 
teristically sigmoid in shape, Fig. 5. Taking, from curves such as Fig. 
5, the time at which the first detectable microscopic trace (or any small 
fixed fraction) of the reaction product appears as the beginning of the 
reaction, and the time when very nearly all (or some fraction near 1-0) of 
the given reaction product has appeared as the end of the reaction, the 
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Fig. 2. Hypoeutectoid steel, commercial, 0-50 per cent C, x 100. The white con- 
stituent outlining the grain boundaries is proeutectoid ferrite; the dark matrix is 
pearlite, largely unresolved. (Vilella, U.S, Steel Company) 
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Fig. 3. Pearlite, commercial eutectoid steel, « 1500 
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Fig. 4. Hypereutectoid steel, commercial, 1m), The white constituent 


outlining the grain boundaries is proeutectoid Fe,C; the matrix is pearlite, 
resolved at this high magnification Vilella, US. Steel ¢ 
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full course of reaction rates in this sense at all temperatures may be 
plotted on the 7'-7'-7'-curve, e.g. Fig. 6, for an Fe-Fe,C binary eutectoid 
alloy; pearlite forms down to the “knee’’ of the curve, i.e. the rate 
maxima; below this a different structure, as noted above, bainite, 
appears; at still lower temperatures martensite, a quite different 
structure, is formed, shown by the horizontal line; we are here con- 
cerned only with the pearlite reaction occurring as the sole reaction at 
high temperatures in steels of eutectoid composition. 


THERMODYNAMICS 

In recent years the thermodynamics of the iron-carbon system have 
proved important in the study of reactions in this system, as we shall 
see. Of first importance are the conditions for equilibrium coexistence 
of the various phases. The phase diagram for the Fe-Fe,C system, 
Fig. 1, has been determined experimentally by measuring the com- 
positions of phases occurring together in equilibrium as a function of 
temperature. However, it is useful to be able to predict by thermo- 
dynamic means the various solubility curves of the phase diagram, 
especially those that are subject to some experimental uncertainty, 
such as the curve for the solubility of cementite in austenite, line ZS, 
Fig. 1. Moreover, complete experimental phase diagrams for other 
binary alloys of iron and various medium alloy steels are often not 
available, and prediction of equilibrium relations from thermodynamic 
principles is obviously useful. 

The thermodynamic condition for equilibrium coexistence of phases 
is that the chemical potential of each component is the same in all 


where superscripts refer to the phases concerned and the subscript ¢ 
designates the component. « = (OF /dn), » where F is the thermo- 


dynamic potential or Gibbs free energy and n is the number of moles. 
Actually, the fundamental set equation (ref. 6) 


O = SdT — VdP + Nidu, + Nidu, +... Nidu; (2) 


in which S is entropy, V is volume, P is pressure, V is mole fraction, 
and superscript r refers to the phase (I, II, III . . .), could be used to 
calculate the equilibrium relationships. However, it is usually more 
convenient to formulate the problem in terms of equilibrium constants, 
and this is the approach used by most of the workers in this field. 
DaRKEN and Gurry have given the prototype of this calculation, 
and we may illustrate it by outlining the treatment that might be 
applied to express the equilibrium between the gamma and the alpha 
phases of, let us say,* the iron-tungsten binary system." 

* This simple transformation is chosen instead of the more complicated pearlite 


transformation because it may be discussed with greater economy of space. 
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One may write the reaction in two parts as follows: 
Fe’ = Fe* 
and 
W’ = W* 
Regarding both components as distributed between the two phases, we 
may write the equilibrium constants as follows: 
K Ap, 
Fe 
where the standard states for the activities a,, are pure iron of the 
corresponding phase, and 
Ww 


aw 


where the standard states for the activities aj, are such that ay 
approaches the mole fraction Vy, as Vy approaches zero in each phase, 
Expressing the activity in terms of the activity coefficient |‘ and mole 


fraction, — 
K ( 
Fe Ty \Dy 
(1 — 
and 
, Ww 
Viv 
Ky», Ky, and the activity coefficients are known, the above equations 
If Ay»,, Ay, and tl tivity coefficients are known, the above equatior 
constitute a pair of simultaneous equations in the two unknowns Nj, 
and Ni. A,, may be determined from the equations relating the 
standard free energy change AF}, to the equilibrium constant 


= — RT in Ky, ce & 


AF, may be obtained by standard methods from thermal data. How- 
ever, AF, cannot be determined as readily, because pure tungsten 
does not undergo the same type of transformation and also because the 
choice of standard state for the solute is generally not the pure sub- 
stance. Accordingly, Ky, must be obtained empirically. 

Usually, the data necessary for a calculation of the above type, i.e. 
K icte and the activity coefficients, are not available, or if they were 
(in complete form), this would be tantamount to an experimental 
determination of the phase relationships. Accordingly, it is sometimes 
necessary to invoke the questionable approximation of ideal solutions 
and to employ an empirical value of AF®,,, obtained from a few 
isolated values of K,.,.,,. JoHANssON? has calculated the variation of 
the free energy change with temperature for the gamma-alpha trans- 
formation in pure iron and has shown the dependence of the free energy 
change upon carbon concentration at various temperatures. Using an 
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approach of the type outlined above and assuming ideal solution 
behaviour, he was able to obtain good agreement between the calculated 
and the experimental alpha-gamma phase boundaries in simple carbon 
steels. It should be noted that this does not mean that the solution is 
ideal—it means that the departure from ideality in this case is probably 
not sufficient to cause appreciable error in these calculations. 

ZENER”) has used a similar approach to compute equilibrium 
relationships in simple carbon and medium alloy steels, including the 
more complicated gamma-alpha-cementite equilibrium. In spite of his 
assumptions that the AF® values are not temperature dependent and 
that the solutions are ideal, phase boundary concentrations calculated 
in this way are in good agreement with the experimentally determined 
phase diagram for the iron-carbon system. However, the calculations 
of West show that this cannot be said for some other binary iron- 
alloy systems. The effect of a third alloy element is to cause a horizontal 
shift, proportional to alloy concentration, of the alpha and gamma 
phase boundaries. The ZENER treatment successfully predicts an 
increase in the AF of the pearlite transformation on addition of 
cobalt,“ as will be discussed later. 

In order to study the effects of alloy elements on transformations in 
steel, Jones and PumpHrey® have applied thermodynamic principles 
to transformations occurring in carbon-free iron-nickel and iron- 
manganese alloys. Their assumptions and methods of calculation are 
much the same as those of ZENER, but they are able to make a fair 
estimate of what may be called the ‘‘relative free energy”’ of alpha and 
gamma solid solutions. The resulting free energy curves permit the 
equilibrium concentrations of a system to be derived and supply the 
free energy changes of the transformations. JoNEs and PUMPHREY 
neglect all free energy terms that are the same for both alpha and 
gamma phases, that do not involve concentration, or that are linear 
functions of concentration, and thus several unknown factors which 
are difficult to evaluate are eliminated. It is then possible to determine 
“relative free energies’ for alpha and gamma phases as a function of 
temperature. The term ‘‘relative’’ means that these free energy terms 
are not based on the same datum as free energy values listed in standard 
tabulations. For diffusionless transformations, the free energy change 
is obtained as the difference between the relative free energies of the 
alpha and gamma phases. 

DaRKEN and Gurry"” have thermodynamically computed the 
solubility of cementite in austenite from the observed solubility of 
graphite and the activity data of R. P. Smrru.“”) The activity coeffi- 
cient is plotted as a function of carbon concentration in Fig. 7, where it 
is seen that there is considerable deviation from ideality at high carbon 
concentrations. On arriving at a free energy function for cementite, 
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graphite and austenite, the product of the activities of carbon and of 
iron in austenite was calculated over the temperature range of 730 to 
1150°C. By successive approximations, the activity of carbon, relative 
to graphite in austenite saturated with cementite could be calculated 
and theoretical values for cementite solubility obtained. Cementite was 
shown to be metastable over this entire range, since the activity of 
carbon for the austenite-cementite equilibrium always exceeds unity 


24 | T T 
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oO 4 
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02 O75 125 75 200 
wt.%C 
Fig. 7. Activity coefficient, y, of C in austenite, 800—1200C 


and the cementite solubility is greater than the solubility of graphite in 
austenite. 

and made a few dilatometric and microscopic 
determinations of the solubility of Fe,C in austenite (line SZ, Fig. 1); 
these sparse data seemed to indicate an intersection of the y:Fe,C 
curve with the y:graphite curve at about 950°C; if Fe,C is taken as 
unstable with respect to graphite throughout this temperature range, 
this result is clearly incorrect, for the unstable phase should show the 
greater solubility throughout; more, and more accurate experimental 
data above 950°C are needed to resolve this discrepancy. An extra- 
polation of the Fe,C solubility curve calculated by DaRKEN gives an 
eutectoid composition of 0-75 per cent C (instead of 0-80 per cent given 
by WELLs and Ment) and a eutectoid temperature (line PK, Fig. 1) of 
727°C (instead of 723°C). Later measurements by Smrrx and DarkEen“” 
on specimens hung in a small temperature gradient also indicate an 
Ae, temperature close to 727°C 

Very few reliable ternary iron-carbon-alloy diagrams have been 
constructed showing in detail the low-alloy regions, but all alloy 
elements seem to lower the carbon content of the eutectoid, even though 
the addition of alloys may either raise or lower eutectoid temperature 
depending on their ability to act as ferrite or austenite stabilizers. 
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It is useful and instructive to calculate the enthalpy change, AH», 
accompanying the austenite — ferrite +- cementite transformation in 
plain carbon eutectoid steel from appropriate thermodynamic data; 
here the subscript B indicates that the ferrite and cementite are in bulk 
phases and are not finely divided as in pearlite. This quantity can then 
be compared with the value measured directly by HaGet, Pounp and 
Menu.” Further, as will be shown later, AH’, can be used, together 
with equilibrium transformation temperature,* 7', = ~ 723°C, and 
specific heat data, to calculate the free energy change, AF’s, as a function 
of temperature. 

In order to calculate AH%, it is considered that austenite of 
eutectoid composition (0-80 per cent C) is a solution of graphite in 
gamma iron; graphite is assumed to precipitate from austenite, gamma 
iron is then imagined to transform to alpha iron, and then some of the 
alpha iron is taken to combine with graphite in the proper proportions 
to form cementite (Fe,C). Using the activity data of R. P. Smrra“” 
and graphite solubility data, one may approximate the enthalpy 
change AH, when graphite precipitates from a gamma iron solution as 
— 842-0 cal/gm. DarkeEN and Smira® give the enthalpy AH, of the 
gamma-alpha transformation in pure iron as — 16-76 cal/gm at 723°C. 
The enthalpy of formation AH, of cementite from graphite and alpha 
iron has been tabulated by Darken and Gurry™” as + 28-42 cal/gm 
at 723°C. Totalling these enthalpies with respect to mass, 


AH}, = 0-0080(4H,) + 0-9920(4H,) + 0-1196(AH,) = — 19-98 cal/gm 


B 


As will be seen later, this is in good agreement with the measured value” 
of — 20 cal/gm. It is of interest to see how the separate enthalpy 
values AH,, AH, and AH, were obtained from thermodynamic data on 
iron and the iron-carbon system. The enthalpy change AH, accom- 
panying the reaction C (gr.) = C (in y) is given as a modification of 
the Clausius-Clapeyron equation as 


d In ay‘ 
Smita” measured the activity aY of carbon in austenite by two 
methods, one involving equilibrium with mixtures of CO and CO, and 
the other with mixtures of CH, and H,.t 

Using the data of Gurry,”?) Wetis"*) and Smirxa” on the 
solubility of graphite in austenite and the values for az, one may 


* Actually, it makes little difference in the numerical value of AH% whether T', is 
taken as 723 or 727°C. 

+t Actually, these two methods give slightly different values for a?, but the difference 
is not enough to be pertinent to the present argument. 
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readily evaluate the activity of carbon in gamma iron in equilibrium 
with graphite ay’ as a function of temperature. As seen from 
equation (4), the slope of the plot of log az“ versus 1/7’ gives 
AH, = — 842-0 cal/gm (6). 

The value for the enthalpy of transformation from gamma to alpha 
iron AH, is taken from the tables of DarKEN and Smrrx® who list the 
thermodynamic functions of pure iron according to the best thermal 
data for pure iron. This tabulation is consistent with the known 
equilibrium conditions for pure iron. 

DARKEN and GuRRyY“” computed the enthalpy of formation of 
cementite from alpha iron and graphite, AH,, from the tables of 
enthalpy functions for pure iron, graphite and cementite which are 
based on the best available thermal data (6). 

HaGet, Pounp and Meni) have recently studied the free energy 
change in the austenite:pearlite reaction in simple carbon eutectoid 
steel and in Mn, Mo and Co medium alloy steels. A high temperature, 
continuously recording, constant heat-flow calorimeter of the type 
developed by C. 8S. Smrra® was used to measure the specific heats of 
pearlite and of austenite, and to measure the enthalpy of the pearlite- 
austenite transformation, as a function of pearlite spacing and alloy 
content. In this exploratory work, the precision obtained was about 
+ 5 per cent with respect to both the specific heat and the enthalpy 
change. The specific heats are reported from 400 to 850°C; the specific 
heat data for the simple carbon eutectoid steel are in fair agreement 
with the results of AwBery and SNow™) and of Esser and Barr- 
LECKEN™” except that the new data for pearlite are somewhat lower 
in the temperature range 700 to 730°C, just below the transformation 
on heating. The addition of 0-80 per cent carbon causes an increase in 
specific heat relative to pure iron. The small percentages of manganese, 
molybdenum or cobalt present and variations of pearlite spacing, S,, 
from 1400 to 19,000 A have no detectible effect on specific heat. The 
pearlite spacing seen on a photomicrograph, Fig. 3, is an apparent 
spacing; the true spacing, normal to the lamellae, is denoted as SN, 
The precision of this preliminary work is not sufficient to determine 
any decrease in the enthalpy of the reaction with decrease in the 
pearlite spacing. It is predicted“® that such a decrease would be 
about 3 per cent in the present range of S,. Recent refinements of the 
calorimetric technique will make possible detection of this effect of 
capillarity and estimation of the «Fe:Fe,C interfacial energy. 

For an iron-carbon eutectoid steel, AH,, the enthalpy of the pearlite 
to austenite transformation, was measured to be 20 cal/gm. This is in 
agreement with the value of 20-0 cal/gm at 723°C calculated from the 
properties of pure iron and other thermodynamic data of DARKEN and 
co-workers as described above. Additions of manganese (1-85 per cent) 
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or molybdenum (0-51 per cent) lower AH, to 18 cal/gm, and cobalt 
(1-91 per cent) increases AH, to 23 cal/gm. 

From the measured specific heats and the enthalpy of the pearlite : 
austenite transformation and the equilibrium temperature 7',, the free 
energy change can be calculated as a function of temperature by stan- 
dard methods using the formula 


‘| 


FREE-ENERGY CHANGE OF 
AUSTENITE - PEARLITE TRANSFORMATION 
VERSUS TEMPERATURE FOR 
PLAIN-CARBON AND ALLOY 
EUTECTOID STEELS 


(1) Fe-C (BULK) 

(2) Fe-C— Co (BULK)(1.91% Co) 
(3) Fe—C— Mw (BULK) (1.85% Mw) 
(4) Fe —-C—Mo (BULK)(0.51% Mo) 


650 700 750 
TEMPERATURE, DEGREES C 

Fig. 8. Free energy change of austenite-pearlite transformation versus 

temperature for plain-carbon and alloy eutectoid steels. 


The results for representative specimens are plotted in Fig. 8. The 
values for the alloy steels are subject to an indefiniteness related to 
alloy partitioning and ignorance of the actual compositions of the 
phases of these pearlites. 

The free energy change is increased by Co (1-91 per cent Co) and 
decreased by Mn (1-85 per cent Mn) and Mo (0-51 per cent Mo); this is 
in accord with ZeNrER’s* prediction, and is of some consequence in 
the theory of growth of pearlite, as given in a later section. 


IV. QUANTITATIVE TREATMENT OF NUCLEATION 
AND GROWTH PROCESSES 


The formation of pearlite from austenite is an example of a nucleation 
and growth process in the solid state. In treating such cases, it is 
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necessary to employ methods which will determine the rate of nuclea- 
tion and the rate of growth, and which will embody these separate rates 
into an overall isothermal reaction curve, i.e. fraction transformed as 
a function of time, Fig. 5. Jounson and Meu derived isothermal 
reaction curves in terms of the rate of nucleation and the rate of growth 
for two cases, (1) “general nucleation” and (2) “grain boundary 
transformation.” For general nucleation they assumed: (1) that the 
rate of nucleation .V (expressed as the number of nuclei per unit 
volume of the untransformed parent phase appearing in one second, 
thus .V,) is constant with time and that the rate of growth G (which 


N= 1000 cm/sec 
G= cm/sec 
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Fig. 9. Calculated reaction Fig. 10. Master reaction curve for general 


curve for general nucleation nucleation, abscissa scale logarithmic 


may be given in cm-sec™' of radial growth) is constant with time, (2) 
that nucleation is geometrically effectively random, without regard for 
matrix structure, and (3) that the reaction product forms true spheres 
which during growth impinge on other growing spheres. On these 
assumptions, with impingement of growing spheres and the consequent 
inactive impingement interface explicitly provided in the derivation, 
the reaction rate equation is 

where /(t) is the fraction transformed, .V, the rate of nucleation, G the 
rate of growth, ¢ the time. This gives a sigmoid type of curve, Fig. 9, 
similar to those observed in the formation of pearlite from austenite 
in simple carbon steels. 

This plot has several characteristic properties: isothermal reaction 
curves for differing values of V, and @ may be combined in a single 
“master curve,” Fig. 10, which employs the quantity WV V,G*-¢ as 
abscissa; thus identical reaction curves can be obtained for an 
infinite number of pairs of values of V, and @ for which the product 
WV N.@ -t is the same; accordingly, all such reaction curves have the 
same shape, i.e. by contracting or expanding the time axis they can be 
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brought into coincidence. It can be seen also that a given numerical 
fractional change in G exerts a much greater effect on the reaction 
curve than a corresponding change in N,; this is formal—in actual 
reactions the rate of nucleation is subject to much greater variation 
than the rate of growth, as we shall see, and the rate of nucleation is in 
this sense the more important variable. 

Changing assumption (1) above and assuming instead that both V, 
and @ vary linearly with time, i.e. V, = N,(1 + ft) and G = G,(1 + at), 
equation (6) becomes 
4 5 6 


fo~=1- exp. |- 5 (qa + B) 4 (tle + 


21k 


, + 198) 4 = (6a) 


This radically alters the shape of the curves. As shown later, variation 
of the rate of nucleation with time is of common occurrence, though G 
is often observed as invariant; for such cases the proper variation of 
N,, with time must be substituted in equation (6). 

Apart from the satisfaction of accounting for the sigmoid reaction 
curve, this analysis may be employed in obtaining data on N, and G: 
if a given reaction is known to be in accord with the assumptions upon 
which equation (6) is based (or equation (6a), or any derived from the 
basic equation), a knowledge of the reaction curve and either V, or G 
will furnish G or \,, respectively; departures of the reaction curve 
from a calculated curve will often identify a departure from the basic 
assumptions, e.g. V, as not constant with time. The analysis, moreover, 
predicts distribution curves of size for the three dimensional ‘“‘nodules’’, 
i.e. the spheres of the reaction product, and from these distribution 
curves it furnishes distribution curves for the intersection of these 
nodules with the plane of polish, viz. distribution curves of “‘patches”’ ; 
these curves, based on the same original assumptions may be used to 
test whether the original assumptions are met in a given case. The 
total number of patches, n,, is given as 


for which of course constant or average values of NV, and G@ are 
assumed; this, under the idealizing assumptions, is a quantitative 
statement of the obvious rule pointed out by TAMMANN long ago, that 
the number of patches (surface grains) is a function of the ratio of NV, 
to G. For the total number of nodules, n,, the relation is 


n, (>) 
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For “grain boundary nucleation,’ JoHnson and provided a 
related analysis. “Grain boundary nucleation” is not a happy term; 
it is a special reaction rate analysis for the case of reaction nucleated 
at grain boundaries where the rate of nucleation is much greater than 
the rate of growth and the reaction product shortly outlines the grain 
boundaries of the parent phase and continues growth in a radial 
columnar fashion toward the centre of the grain; it applies especially 
to pearlite in steels formed at low temperatures, near the knee of the 


0:7 


Fiz), FRACTION TRANSFORMED 


oe o8 10 
ON LOGARITHMIC SCALE 
Fig. 11. Master reaction curves for grain boundary transformation, 

abscissa scale logarithmic 


T-T-T-curve. This case is mathematically more complicated than the 
former; it is assumed (1) that the rates of nucleation and growth 
remain constant throughout the reaction, (2) that nucleation is 
exclusively at grain boundaries, characterized by a rate of nucleation, 
N,, expressed as the number of nuclei per unit area of untransformed 
matrix grain boundary, (3) that the parent phase is composed of 
spherical grains of radius a, (4) that the nodules grow only into one 
grain, usually presumed as that grain in which the nucleus formed, 
and do not grow across grain boundaries, thus at the early stages, 
before impingement, forming hemispheres, and (5) that impingement 
occurs between growing nodules and between nodules and the grain 
boundary as a barrier to growth. Items 2, 3, 4 and 5 distinguish this 
case from that of ‘general nucleation.’”’ The details of this may be 
found in the original article; the results may be most conveniently 
used in the form of master reaction curves, Fig. 11. These plot the 
fraction transformed in a series of curves, each of a different shape and 
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characterized by a value of a “shape factor, a from 0-3 to @, 


l 
plotted against — - ¢. 
a 


An inspection of the curves in Fig. 11 shows how both the rate of 
the reaction and the shape of the reaction curve will vary with V,, G 
and a: a decrease in a will decrease the value of the shape factor and 
the shape will pass from left to right, and will increase the value of the 


G 
time-scale factor, —, decreasing the time of reaction; a decrease in N 
a 


will alter the shape in the same way and will of course correspondingly 
increase the rate of the reaction since NV, does not appear in the time- 
factor; the operation of changes in G are similarly obvious. 

As in the case of general nucleation, the analysis can be used to 
derive values of V, and G: if the shape of the reaction curve has been 
quite accurately determined and if a is known, then approximate 
values of N, and G may be calculated—fitting the experimental 
reaction curve to the master plot gives the shape factor, knowing a, 


Gq can be obtained, choosing any point on the experimental curve, from 


the known values of a and t, G can be obtained, with —* and G known, 
N, is available; etc. G 

Earlier attempts to derive reaction rate equations are summarized 
in an earlier article in this series," and in the primary reference to 
this section.) The equations given above* have occasionally been 
misunderstood, particularly with respect to the provision for impinge- 
ment which in fact is made explicitly in the derivation. The 
equations have occasionally been misapplied; if the assumptions are 
not reasonably met, the equations should not be used at all; in their 
present form, they assume a morphology, spherical or hemispherical, 
for the reaction product, the nodule; patently they should never be 
applied to reactions where the reaction product is other than spherical 
or hemispherical in shape, e.g. plate-like, as in the case of proeutectoid 
constituents, ferrite or cementite, or indeed to bainite, in steels.‘*? 
Moreover, to take such complex morphologies into account seems at the 
moment to require hopelessly complicated treatment. Sometimes 
reactions, e.g. those which do not subscribe to the geometrical con- 
ditions noted and even some which are in fact not nucleation and growth 
processes, may exhibit isothermal reaction curves very similar in shape 
to those discussed in this section; the form of the isothermal reac- 
tion curve is not proof of a nucleation and growth process, and no 

* These equations may be applied to some recrystallization reactions’, though it 


is to be emphasized that in doing so one does not have to assume, and possibly should 
not, that the recrystallization is a true nucleation process in the Gibbsian sense. 
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conclusions should be drawn from such curves implicitly assuming the 
occurrence of a nucleation and growth process. Only direct observation, 
in which nuclei are observed to form and to grow, suffices for the 
establishment of a given reaction as a nucleation and growth reaction. 
If observation can show that a given reaction does indeed proceed by 
nucleation and growth, e.g. pearlite from austenite, or can effectively 
be described in this way, as in some recrystallization reactions, it 
would appear curious to describe the rate in a form analogous to homo- 
geneous reactions, e.g. the rate of a first order chemical reaction; 
arbitrary modifications of such basic chemical reaction rate equations 
for purposes of curve-fitting is not progress.‘ 


V. PEARLITE 
Morphology and Mechanism 


Pearlite has long been recognized as composed of alternate layers of 
cementite, Fe,C, and ferrite, which, as noted above, is «-Fe with 
carbon in solid solution. BrLarew® saw that massive pearlite is 
subdivided into grains, which he called ‘‘colonies,” Fig. 12, regions in 
which the Fe,C and ferrite lamellae are essentially parallel, and observed 
that the interlamellar spacing varies with velocity of cooling—we 
would now say, with the temperatures of formation, Figs. 13, 14 and 15. 

It has long been known that this structure forms from austenite by 
a nucleation and growth process (see historical account in “: %), 
Presumably either ferrite or Fe,C acts as the original nucleus. Early 
work suggested that the active nucleus in eutectoid steels must be 
Fe,C; recently Nicnotson™ developed a more complex concept, 
arguing that either «Fe or Fe,C may be the active nucleus depending 
upon circumstances of temperature and composition. These two 
points will be recounted. 

D. W. Smirn and and later G. V. and Meas.‘ 
determined the orientation of ferrite in pearlite with respect to the 
parent austenite, finding it quite different from that which occurs in 
structures where ferrite is known to nucleate from austenite, namely, 
in iron itself and for proeutectoid ferrite in hypoeutectoid steels, 
arguing thus that ferrite cannot be and that Fe,C must therefore be the 
active nucleus; moreover, it was observed by HuLL and Mes. that 
undissolved Fe,C particles are exceedingly active nuclei for pearlite, 
whereas ferrite is not, and finally, that proeutectoid Fe,C is frequently 
continuous with Fe,C in pearlite, showing that both have the same 
orientation, whereas no such circumstance occurs with proeutectoid 
ferrite and pearlitic ferrite. On this basis, the Fe,C plates in pearlite 
should lie parallel to the same {Akl}, as does proeutectoid Fe,C, which 
is known to be a high index plane of uncertain indices; attempts to 
confirm this lead to the conclusion that these plates are probably 
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Fig. 12. Pearlite colonies, eutectoid steel, « 1500 
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Fig. 13. Coarse pearlite eutectoid steel, « 1500, S, 19,000 A 
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Fig. 14. Medium pearlite, eutectoid steel, 1500.8 A 
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parallel to a high index plane (whereas ferrite is parallel to a low index 
plane, {111},) but the precision was low, and it is unlikely that this 
could be pursued further. This argument is not beyond criticism. 
C. 8. Smrrn®) recently recounted experimental work by C. 8. BARRETT 
which showed that areas of discontinuous precipitation in the age- 
hardening alloy Cu-3-75 per cent Ag are lattice-wise related—not to the 
matrix grain into which they grow, but to the adjacent grain, in which 
they must therefore have nucleated; he accounted for this by the 
inherently high mobility of a completely disordered interface; SmirH 
extended this argument to pearlite and argued that the results on the 
orientation of ferrite in pearlite cited above do not have the meaning 
ascribed to them since the pearlite observed did not nucleate in the 
austenite grain assumed; but SmirH apparently missed the fact that 
the work was performed on a single crystal of austenite—there were no 
neighbouring grains; in any event, the principle suggested can hardly 
have generality, for in several reactions, in particular that of proeutec- 
toid ferrite in hypoeutectoid steels, the reaction product has been 
shown to have a fixed orientation relationship to the grain into which 
it grows and beyond doubt nucleated in that same grain. Moprn® has 
criticized the morphology argument; he also inspected hypo- and hyper- 
eutectoid steels; he reports that he occasionally found ferrite in pearlite 
continuous with proeutectoid ferrite, ie. he reports absence of an 
interface between the two, and he reports that cementite in pearlite 
is not continuous with proeutectoid cementite in coarse pearlite, 
though observing it to be continuous in fine pearlite; he then reports 
that judging from observations under polarized light the cementite in 
pearlite has the same orientation as proeutectoid cementite; HULL 
and Meu found that one must look carefully for the boundary between 
ferrite in pearlite and proeutectoid ferrite, for it is often faint (perhaps 
because of a surface energy minimum)—it is not certain that Moprn’s 
observations were sufficiently searching; as to cementite, MoprIN’s 
hypereutectoid samples displayed abnormality, i.e. patches of pearlite 
were separated from grain boundary cementite by an area of ferrite, 
presumably representing areas of divorcement—such structures are 
patently not useful for the intended purpose; Moprn’s observations 
under polarized light are valuable and in accordance with the findings 
of Hutt and Ment. 

NICHOLSON” appears to accept the criticisms of C. 8. Smrru and of 
Monin, doubting that Fe,C is the active nucleus in eutectoid steels. 
He points out that Dicers’) showed that the depth of hardening of 
high-purity simple eutectoid steels increases steadily with increasing 
percentage of carbon; if we assume that the depth of hardening is 
controlled by the rate of formation of pearlite at the temperature of the 
knee of the 7'-7'-7'-curve, and if we may take the relative rates of 
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formation of pearlite at that temperature as indicating relative values 
of N, then N decreases with increasing percentage carbon; as carbon 
increases the supersaturation at a given subcritical reaction tempera- 
ture must increase and with this the free energy changes and thus 
presumably V also. Moreover, he noted that increasing the carbon 
content in manganese (1-88 per cent Mn) hypo-eutectoid steels moves 
both the ferrite and the pearlite curves on the 7'-7'-7'-diagram toward 
the right, i.e. the reaction rate of both is decreased, which argues that 


TEMPERATURE 


CARBON CONTENT 
Fig. 16. Hypothetical phase diagram for plain carbon steel showing 
line of equal nucleation rate of ferrite and cementite, SL 


both have the same nucleus, ferrite: thus he argues that the active 
nucleus must be ferrite. It is clear from the argument on super- 
saturation that at some temperature V, = Ny, ¢, since obviously, 
Fig. 16, along the line SE’, Vy, , O, and along the line SG’, NV, 

accordingly NicHotson draws the line SL at which NV, = 
sloping toward the right at low temperatures because the change in 
free energy increasingly favours the nucleation of ferrite as the tempera- 
ture decreases. Evidently for eutectoid compositions—those studied 
by Hutt and Ment and subsequent workers, on this basis, Fig. 16 


requires that the active nucleus be ferrite. In other alloy steels, how- 
ever, he believes that the curve SL may slope to the left as the tem- 
perature decreases, owing to a special effect of the alloying element in 
decreasing .V,; in such steels the active nucleus for the eutectoid 
composition at all temperatures would be Fe,C. NicHoLson’s argu- 
ment would seem to be supported by the effect of undissolved Fe,C 
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particles on the shape of the Nvs time curves recounted at length in a 
later section. 

It was suggested by Duse*) some years ago and more recently by 
Aaronson that the «-phase may be the first nucleus, the ‘‘informal’”’ 
nucleus of pearlite. In this concept a nucleus of ferrite forms; as it 
grows the carbon concentration of carbon in the austenite at the 
interface rises to a high point, nucleation of cementite occurs, and the 
formation of the first pearlite colony proceeds in the manner about to be 
described; in this view Fe,C remains the ‘‘formal’’ nucleus of pearlite, 
thus preserving the merits of both of the arguments given above. The 
whole question should be subjected to experimental attack, but how is 
not obvious. 

The stages following the nucleation of Fe,C can only be speculated 
upon, direct observation having proved too difficult. Pearlite 
nucleates* practically exclusively at grain boundaries in homogeneous 
austenite, as we shall show. There have been no studies of the size of 
pearlite colonies, as they might vary with temperature, alloy content, 
etc. Inasmuch as the inter-lamellar spacing, S,, for pearlite formed at a 
constant temperature is nearly constant, showing only a narrow 
distribution (see later), it would appear that both edgewise growth and 
sidewise growth lead to essentially the same spacing; there has been 
no definitive theoretical treatment of this subject (see ref. ‘). 
Assuming for the moment that the first nucleus is in fact Fe,C, we may 
picture an Fe,C platelet forming at a grain boundary, Fig. 17, in a true 
Widmanstatten relationship and growing inward, meanwhile thickening. 
As the Fe,C platelet thickens, possibly parabolically, the adjacent 
austenite is impoverished in carbon; the increasingly reduced C-content 
of the adjacent austenite and the increasing time available as thickening 
proceeds ultimately permit the nucleation of a layer of ferrite, which 
then thickens (whilst both are growing edgewise)—and the process 
proceeds reciprocally in this fashion creating a pearlite colony. 

If ferrite is taken as the nucleus, the process is the same, except that 
its formation will be followed by the appearance of a Fe,C platelet 
and the process would then proceed as pictured. Such a mechanism 
would provide an answer as to why pearlite is lamellar, a matter that has 
been puzzling for a long time; the formation of an initial crystal of 
Fe,C in the form of a platelet, followed by reciprocal layer growth as 
depicted, provides a lamellar structure; the critical element is the 
shape of the original crystal—if it is in the form of a plate, the 
eutectoid structure will be lamellar, if in some other geometrical form 


* The evidence is good that pearlite nucleates nearly exclusively at austenite grain 
boundaries in steels that have been thoroughly austenitized; if, however, austenitizing 
is not complete, intragranular nucleation can occur, and it has been reported'*’ that 
aluminium-deoxidized steels furnish effective Al,O, intragranular nuclei for pearlite, 


an observation not easy to repeat. 
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it will not. Since nearly all nuclei in solid:solid reactions appear to be 
plate-like in form (see later), it follows that eutectoid structures should 
be lamellar—and are; it would on this point be instructive to discover 
a eutectoid system where the active nuclei are not plate-like—if the 
eutectoid structure then were not lamellar the point could be taken as 
proved. Similar reasoning could well be applied to eutectics; again 


witiat FesC nucieus (2) FesC PLATE FuLL-~CROWN (3) PLATE NOW FULL-CROWN 
NOW NUCLEATED NEW FesC PLATES NUCLEATED 
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GROWTH 
FesC NUCLEUS DIRECTION 


(4) New FesC NUCLEUS OF DIFFERENT x 
ORIENTATION FORMS AT SURFACE OF x 
COLONY DURING SIDEWISE NUCLEATION 
AND CROWTH ORICINAL COLONY (5) NEW COLONY AT ADVANCED 
STEADILY CROWINCG EDCEWISE STAGE OF GROWTH 


Fig. 17. Nucleation and growth of pearlite colonies 


the eutectic structure would depend on the morphology of the nu- 
cleating phase, and since in such liquid-solid reactions morphology 
can vary widely, eutectic structures would vary widely in type, as 
they do. 

Thus it may be summarized that pearlite colonies are generated; 
the initial colony of pearlite may be rather perfect crystallographically, 
and it would be instructive to study the orientation relationships—if 
that colony could be found! 

The successive appearance of colonies leads to a large reacted 
volume, which we shall call a group nodule, and this mode of trans- 
formation is sometimes called ‘‘group-nodule transformation.’ These 
group-nodules are substantially spherical in shape. 

Becatew,"* using fracture-cleavage planes caused by polishing, 
showed that the Fe,C lamellae in a pearlite colony have the same 
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orientation in space, and Hutt and Meni * using etch pits showed 
that the ferrite lamellae were similarly of a common orientation. 
Presumably the sameness of orientation of the ferrite plates and of 
the Fe,C plates, respectively, in a colony is brought about by an over- 
growth epitaxis, but why a succeeding layer of the same phase should 
have the same orientation in space is difficult to understand, for any 
interphase orientation relationship is multifold; the matter is not 
really understood. Thus as one colony grows—note, both sidewise and 
edgewise—a new colony nucleates, Fig. 17, for quite unknown reasons, 


Fig. 18. Diagrammatic representation of the development of a pearlite 
colony by simultaneous sidewise and edgewise growth. New lamellae of 
ferrite and cementite are produced by sidewise nucleation and growth (S) 
and further transformation involves the edgewise extension (£) of 
these elements 


and this develops as before. Measurements on the rate of growth of 
pearlite in most cases are in reality measurements of the successive 
appearance and growth of colonies; only in the case of some Fe-Mo-C 
alloys have the rates of growth of individual colonies been measured 
(see below). In any event it seems likely that the rate of edgewise and 
the rate of sidewise growth do not differ much (see work on Fe-Mo-C 
alloys), for colonies are nearly equiaxed, Figs. 18, 19. 

The formation of group nodules, effectively randomly distributed, is 
characteristic of reactions at high temperatures, near Ae,. At these 


G 


temperatures the ratio of v is large (see data later, especially Fig. 28). 


The group nodule grows rapidly, crossing austenite grain boundaries, 
with no loss of velocity (G does not vary with austenite grain size, see 
below) and consumes a very large number of austenite grains before 


* The latter noted a veined structure in the ferrite, possibly evidence of a polygoniza- 
tion process resulting from the strains accompanying the volume increase, amounting 
to approximately | per cent. The possibility of structural changes in austenite during 
the formation of pearlite merits study. 
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impinging upon another growing group nodule. Assuming that 
orientation relationships between pearlite and austenite subsist, it may 
be held unlikely that one colony can grow across an austenite grain 
boundary; observation seems in general to confirm this” though it is 
difficult to observe single colonies. Since the growth of group nodules 
is not delayed by austenite grain boundaries, it may be supposed that 


ols 


mm 
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Fig. 19. Relationship between edgewise and sidewise growth. Major 
axis was always lengthwise of the pearlite plates 


new colonies are nucleated in the next grain without loss of time when 
the group nodule impinges on a grain boundary at that point. At low 
temperatures, near the maximum velocity on the 7'-7'-7'-curve, the 


G 
ratio of <; is small; now pearlite colonies grow from grain boundaries 


into hemispheres (occasionally spheres on both sides of a grain boun- 
dary); thus in partially transformed samples the grain boundaries are 
completely outlined—this mode of transformation is sometimes called 
“grain boundary transformation’; and since N is relatively large, these 
shortly outline the austenite grain boundary, and growth is then inward 
in a columnar fashion, with edgewise growth greatly predominating; 
with the lamella radiating from the nucleus—the interlamellar spacing 
is maintained by the appearance of interleaving new lamella when 
lamellae divergence too greatly exceeds the characteristic spacing. 
At intermediate temperatures these two distinct growth forms, of 
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Fig. 20. Samples of pearlite: austenite (martensite) interface, 
2000 
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group-nodule and of grain boundary transformation, become less 
definite, and the morphology is then intermediate. 

There has been much speculation on the shape of the pearlite: 
austenite interface, primarily for theoretical purposes; some writers 
have assumed that the edges of both the Fe,C and the ferrite lamellae 
have characteristic curvatures, convex toward the austenite. A long 
study of this by Tarpir and Meat,” together with the original studies 
by Hutt and Ment, do not confirm this. Tarprr took scores of 
photomicrographs of this interface, Fig. 20; from this work it can only 
be assumed that the interface may have nearly any imaginable shape; 
for this reason, it seems that theoretical reasoning could best be based 
on a simple planar interface as first assumed, Fig. 36, representing 
the average interface. 

Pearlite lamellae show curvature, as several photomicrographs 
shown herein demonstrate. They do not vary in direction as they cross 
twin boundaries, but inclusions can deviate them. If the original 
colony is precisely oriented crystallographically in a Widmanstitten 
sense, it may be that as pearlite grows edgewise, with concentration 
gradients developed and fixed in the austenite just ahead, the volume 
change tends often to rotate the colony, with each lamella attempting 
to follow the established concentration gradients, with curvature 
resulting. This phenomenon is not well understood. It has been 
reported that certain steels, e.g. Si-steels, exhibit ‘‘straighter’’ pearlite 
than others; the subject should be pursued. 

In some steels, particularly in laboratory heats of Fe-Mo-C,“* it 
is nearly impossible to develop lamellar pearlite: the pearlitic structure 
is degenerate, spheroidal in structure, for unknown reasons, and just 
as mysteriously small amounts of Mn in Fe-Mo-C alloys will obviate 
this entirely. This degeneracy is always present to a slight degree, 
even in steels that have been thoroughly austenitized; though slight 
it is more pronounced at high temperatures, near Ae,, than at low 
temperatures. If during growth of pearlite the temperature is suddenly 
changed, the nodule continues to grow, but the interlamellar spacing 
changes to that characteristic of the new temperature, whether higher 
or lower; if lower, new, interleaving Fe,C lamellae appear, with some 
of the older Fe,C lamellae, though now thinner, continuing into the 
new growth.) 


The Interlamellar Spacing of Pearlite 


Apart from general interest in morphology, the interlamellar spacing 


is important in analyzing the factors affecting (. 

The interlamellar spacing in a series of simple-carbon and alloy 
steels has been subject to intensive analysis by PELLIstER, HAWKEs, 
Jounson and Meni; separate studies in Fe-Co-C alloys have been 
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reported by Hawkes and Meut® and on Fe-Mo-C alloys by Parcet 


and Meut.' This required the development of suitable methods of 


geometric analysis to convert the apparent spacing, S, as seen on the 
surface of polish which generally does not intercept the lamellae 
perpendicularly, to true spacing, 5,. The method consisted in evaluating 
the relative amounts of surface area occupied by various small ranges 
of apparent spacing and comparing these data with values calculated 
on the assumption of a constant S, by probability mathematics; it is 
assumed that normals to pearlite plates of differing orientation in space 
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S/So on S 2800/mm x 2800/mm —- 
Fig. 21. Comparison of the expert- Fig. 22. Comparison of experi- 
mental curve with theoretical curves mental values with a theoretical 
based on the assumption of a con- curve 


stant spacing (S,) of (1) 1-0 mm at 
2500. (2) 1-65 mm at = 2500 


will occur with equal frequency (density) over the surface of a reference 
hemisphere; brief consideration will show that there is a greater 
probability of finding colonies where 6, the angle of inclination, is large 
than where small. The fraction of the area of a reference plane (such as 
the surface of polish) occupied by spacings up to a certain \ alue of S is 


S S 

f, cos sin cos { ese 

In performing this analysis, it is necessary to include enough area so 

that the individual pearlite colonies are numerous enough to constitute 

a random sample; it was shown that the cumulative curve showed no 

change beyond 34 photographic prints—which encompassed an actual 

surface area of 0-0024 mm? each, and 50 prints became standard 
procedure. 

Curves may then be plotted in which the cumulative area in photo- 

micrographs of different apparent spacings is plotted against S/S,, 

Figs. 21, 22. Assuming a single value for S,, this analysis provides a 
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theoretical curve for S, = 1, Fig. 21; the observed curve differs from 
this; assuming this difference lies in a distribution in S,, calculated by 
assuming the mean value to be 1-65 and applying the method of Scuem 
and Lanceweise™® to the two curves—this provides the distribution 
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Fig. 23. Probable distribution curve of true spacings 


curve shown in Fig. 23; if, in Fig. 20, 1-65 is taken as the origin, the 
theoretical curve is now much closer to the experimental, but using 
the distribution in Fig. 23 and calculating the cumulative curve gives 
very good agreement with measurement, Fig. 22. The distribution in 
S, can be seen in single colonies and appears to be inherent there, Fig. 
24. Obviously the smallest observable spacing is not, as often assumed, 
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Fig. 24. Distribution curve of apparent spacing in a single 
pearlite colony 


the true spacing; the mean is 1-65 times the minimum, Fig. 24, above; 
the spread in S, around the average is not great and one may speak of 
an approximately constant value of S,. 

This value does not vary with austenite grain size, nor with 
austenite heterogeneity, an observation consistent with the indepen- 
dence of the rate of growth of pearlite with variations in austenite grain 
size and austenite heterogeneity (see below). S, in both hypo- and 
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hyper-eutectoid steels seems to be smaller than in eutectoid steels, 
especially in hypereutectoid steels—a matter that has been little 
explored. 

The average true spacings, S,, for a series of steels is plotted in 
Fig. 25 as log S, versus the degree of undercooling, i.e. below the 
eutectoid horizontal, Ae,. The resulting plot is fairly good; other 
methods of plotting have been employed“ and it is difficult to 


4 
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Fig. 25. Logarithm of the spacing plotted against the degree 
I I 
of undercooling below Ae, 


decide among them; with the electron microscope now a good tool, the 


temperature range could be extended, and possibly a decision reached— 
this should be done in order to settle theoretical points which have 
been the subject of much controversy. It is interesting to note that 
alloying elements affect S,, with Ni, Mn and Mo increasing it and Co 
decreasing it. The old ‘‘nodular troostite”’ is now known with certainty 
to be fine pearlite, as shown by the electron microscope.” 


Kinetics of the Formation of Pearlite in Eutectoid Steels 

The rate of nucleation, V, and the rate of growth, G, have been 
measured over a range of temperature on a large number of eutectoid 
steels; these include commercial simple-carbon steels containing the 
usual impurities, ‘‘pure”’ steels made in the laboratory,“ and Mn, Ni, 
Mo and Co steels. 

These determinations have in large part been straightforward, 
though occasionally, since the work is very laborious, shortcut methods, 
designed to furnish average or approximate values were employed. In 
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the best instances, data on N were obtained by using the Scheil- 
Langeweise method“ which converts (the planar inter- 
sections of nodules on the surface of polish) to nodules in space, 
assuming true sphericity. This supplies distribution curves of nodule 
size, and from these, correcting for the fraction transformed, the rate 
of nucleation as a function of time (of degree of reaction) may be 
obtained; the original papers‘. 4”) should be consulted for details. 
At high temperatures, near Ae,, nucleation, though it is exclusively at 
austenite grain boundaries, may be taken as general in type since the 
nodules grow to sizes far greater than the size of the austenite grain 
and on scale are thus effectively distributed at random; accordingly 
the equation for general nucleation, equation (6), applies. The operation 
furnishes NV in terms of number/mm®/sec., V,, which, employing tables 
for conversion of grain size to grain boundary area, may be converted 
to the rate of nucleation per unit grain boundary area, N,. These 
values of NV, are averages for all grain boundaries. Inasmuch as the 
energy at grain boundaries varies with the respective orientations of 
contiguous grains and the angular placement of the grain boundary 
between, and inasmuch as NV, will be the greater the greater this grain 
boundary energy, it would be expected that NV, would vary, perhaps 
greatly, from one grain-boundary point to another, as noted elsewhere. 
This matter should respond to experimental study, though the study 
would be laborious since the interrelationships of NV, and the orientation 
variable encompassing five variable angles would be involved. This is 
a problem of much significance in nucleation theory; pearlite is 
especially well adapted for the purpose, for the growth of nodules 
permits ready counting whereas in precipitation systems counting 
precipitated particles is so difficult, because of their very small size, as 
to be nearly impossible. 

The rate of growth, G, is readily measured; in a series of samples, 
reacted for increasing times, the diameter of the largest nodule in each 
sample—assumed to be that which nucleated first—is plotted against 
time, Fig. 26. This yields a straight line, the slope of which is G. This 
curve rarely meets the origin but displays an intercept. Whether this 
intercept is real in the sense of mechanism, or whether it merely 
reflects the exceedingly small initial value of NV, with the samples 
studied not exhibiting a zero-time nucleus because of considerations 
of chance, is not known—the latter seems unlikely since the points 
fall upon a straight line with extraordinary precision. The method of 
drawing the “‘beginning curve’ on the 7'-7'-7'-curve has lead some to 
assume this initial time period as an induction period, but this is 
obviously improper. 

Owing to the great speed of the reaction, it is essentially impossible 
to apply the full formal analysis to the reaction at the temperatures of 
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the maximum rate, near the knee of the 7'-7'-7'-curve; here, though 
the grain boundary transformation analysis (see section above) should 
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Fig. 26. Maximum nodule radius versus reaction time at 680°C, Steels 
C and D annealed at 950°C and austenitized } hr at temperatures 
indicated 


be used, most data were obtained by assuming general nucleation and 
assuming .V to be invariant with time; this is a weakness in the work, 
but it does not appear serious; other shortcut methods have been 
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Fig. 27. Rate of nucleation of pearlite as a function of time. 
Eutectoid steel reacted to pearlite at 1255°F (680°C) 


employed,*”) some of which have been mentioned in a preceding 
section. 

When properly determined, V is observed to increase with time, 
starting at disappearingly low values, Fig. 27. Because of impingement 
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of growing nodules, which renders nodule counting difficult, it is not 
possible to carry this curve to much beyond 20 per cent reaction; in 
this neighbourhood the curve apparently flattens, but precision is low. 

The rate of growth is insensitive to structural heterogeneities; it 
may be designated as structure insensitive. Two commercial steels, 
made for the same heat but one part deoxidized with Al and thus fine 
grained, steel D (ASTM grain size No. 7) and the other part untreated, 
steel C (ASTM grain size 3), gave identical values of G at 680°C, namely, 
2-2. 10-* mm/sec.; (these are but sample data—other data gave the 
same result); thus pearlite nodules cross austenite grain boundaries 
without noticeably hesitating. Varying degrees of austenite hetero- 
geneity, from undispersed concentration gradients, which may be 
demonstrated microscopically,’ to undissolved carbide were found 
to be wholly without effect on G. 

N, however, is markedly structure sensitive. It has been shown that 
in fully austenitized samples, nuclei form only at the grain boundaries, 
and it has been shown that NV, is a constant with varying grain size.‘*”? 
If pearlite is formed from heterogeneous austenite, exhibiting residual 
concentration gradients and undissolved carbides, it is observed that 
N, is increased, apart from any effect of grain size; this is a form of 
structure sensitivity. N,, at 690°C may be varied from 17-2 for a rather 
heterogeneous austenite to 0-5.10-* for a rather homogeneous 
austenite; similar data are available for different steels and for 
different temperatures. The presence of such heterogeneities merely 
displaces the curve of VV, vs. time to shorter times, with the shape of the 
curve unaffected, as though some multiplying factor acted at all times, 
where one might have expected a large value of NV, at short times, i.e. 
instantaneous nuclei, on the assumption that Fe,C is the active nucleus; 
however, if ferrite is the active nucleus (see discussion on this above), 
the behaviour noted would not be anomalous—heterogeneity implies 
volumes low in carbon which would, owing to greater supersaturation 
with respect to ferrite, exhibit high values of NV, and, in addition, 
undissolved carbide particles would provide additional interface 
nucleation sites for ferrite. Data similar to those cited just above but 
for 593° show the variation to be only from 3-8 . 10* to 0-04. 104; data 
are available for the effect of different austenitizing times and tempera- 
tures, controlling the degree of austenite heterogeneity, on N,; in 
all cases G is unaffected; the presence of deoxidation products, e.g. 
Al,O,, has been shown to have an effect on V,, albeit a very small one. 

Both N and G vary markedly with temperature, Fig. 28. One might 
expect this from the 7'-7'-7-curve itself, but not with certainty, for 
variation in either might suffice to change the position of the curve. 
It is clear from Fig. 28 (and the many other similar diagrams avail- 
able”) that the ratio G/N decreases as the temperature falls, as assumed 
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in earlier sections; the significance of this with respect to morphology 


is noted above. 
Alloying elements affect V and G markedly; it has been argued that 


alloying elements cannot affect G, but the data are incontrovertible. 
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Fig. 28. Rate of nucleation and rate of growth in a eutectoid steel 
(0-78 per cent carbon, 0-63 per cent manganese, A.S.T.M. grain-size 
No. 5}) as a function of reaction temperature 


Even in commercial eutectoid steels it may be shown, Fig. 29, that a 
correlation exists between @ and the percentage manganese.‘) 
Systematic studies have been made.", 
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Fig. 29. Effect of manganese content on rate of growth of 
pearlite at 680°C 


In the case of Mo eutectoid steels, both .V and G are decreased; as 
noted earlier, measurements of G were made in part on single colonies 
(the reaction rate is slow and this is more easily possible); these show 
that the rate of growth edgewise is larger than that sidewise, Fig. 19, 
but not to an extreme degree, offering support for an earlier statement 
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that these two rates do not differ greatly. G is observed to be constant 
with time, but @ is now greatly affected by austenite heterogeneity, 
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Fig. 30. N, at 650°C as a function of percentage of molybdenum 


since heterogeneity, involving the segregation of Mo in austenite, 
effectively removes Mo from the solid solution; G thus varies with time 
of austenitizing ultimately reaching a constant value. 


Mo STEELS 


ATOMIC % ALLOY 


Fig. 31. Rates of growth as a function of composition at 
several temperatures 


Ni steels behave in a quite analogous fashion, though with a lesser 
effect, as in the case of simple carbon steels. , or V,, in Mo steels 
increase with time, and again Ni steels behave analogously; both N, 


and N,, vary with the percentage of Mo or Ni; in the case of Mo steels 
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this shows a point of inflection, Fig. 30, at the composition where, on 
increasing Mo, the nature of the carbide changes from that of the 
orthorhombic Fe,C with dissolved Mo, to the face-centred cubic kappa 
phase (Fe, Mo),,C,. A similar point of inflection is shown in the curve 


Fig. 32. Rates of nucleation of cobalt steels at 672°C 


for G, Fig. 31, a matter that will be of some importance later. Co also 
affects V and G, but in the opposite way: both VV and G are increased, 
Figs. 32 and 33. The effects of Mo, Ni and Ni plus Mn are summarized 
in Fig. 31. Plotting the logarithm of G versus the atomic percentage 
gives essentially straight lines; the curvature near zero Mo in some 


20 


Fig. 33. Rates of growth of cobalt steels at 660°C 


curves apparently merely reflects the fact that the Mo-free steels to 
which the curves are extrapolated were not wholly comparable in 
residual alloy content. On this plot the curves for Ni, for Mn, and for 
Ni-Mn steels are parallel, Mn depressing @ (on this logarithmic plot) to 
the same degree for all Ni-contents; the logarithms are thus additive, 
and the effects of different alloys presumably multiplicative.‘ 
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The 7'-7-T'-curves for alloy steels are frequently complex. In some 
cases alloying elements, like Ni and Mn, Fig. 34, merely displace the 
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Fig. 34. Isothermal transformation diagram for a steel with 0-55 per 
cent carbon, 0-33 per cent manganese, 3:88 per cent nickel, grain-size 
8-10. (U.S. Steel Company Research Laboratories) 


reaction curves toward longer times, in accordance with the known 
effect upon the critical cooling velocity and thus the depth of hardening, 
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Fig. 35. Isothermal transformation diagram for a steel with 0-42 per 
cent carbon, 0-76 per cent manganese, 1-79 per cent nickel, 0-90 per cent 
chromium, 0-033 per cent molybdenum, grain-size 7-8. (U.S. Steel 


Company Research Laboratories) 


without changing the pattern of the curves. In other cases, Fig. 35, the 
T-T-T-curve becomes torturous; in all cases pearlite forms at high 
temperatures, but differing from simple carbon steels and such alloy 
steels as Ni steels, in some alloy steels this pearlite shows a reaction 
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temperature of maximum velocity, with pearlite forming both above 
and below the maximum; such cases have not been studied in terms of 
N and G, though interesting results might be obtained; does N, or G, 
or both pass through a maximum? In other steels, such as Cr steels, 
the formation of pearlite is not a steady-state process (as Tro1ano* 
has shown) as it is in simple carbon steels, with the carbon content of the 
austenite at a short distance from the advancing pearlite interface 
remaining unchanged, but instead the carbon content of the austenite 
is depleted—one would expect in this case that G would not be a con- 
stant—these and other complex steels should be studied. 7'-7'-7'-curves 
are available for scores of alloy steels,’ but no simple classification, 
or interesting rationalization of curve form, has as yet been possible; 
we shall not indulge in a mere description, for this would add little to 
understanding, and it has been offered elsewhere.‘ 


Theory of the Rate of Nucleation of Pearlite 

The general features of nucleation theory, including that of solid:solid 
nucleation, have been reviewed by Smo_ucnowsk1,©" and in this 
series by and and by Harpy and Heat, 
and by others. Whereas nucleation theory for the simpler processes of 
condensation and freezing in one component system is well developed 
and nicely in accord with experimental data, no such happy circum- 
stance obtains for solid:solid nucleation, partly for lack of experimental 
data with which to compare and thus to develop theory and partly 
from the inherent complexity and difficulty of the problem. 

Apart from the case of pearlite there are in fact no data on N for 
solid:solid reactions; most data to which theory is compared relate to 
some property change, e.g. electrical conductivity, which, though 
varying with the amount of precipitation during reaction, bear an 
unknown relationship to NV (see, for example, the paper by JeTTER and 
Mex on precipitation in Al-Si alloys). In such cases the rate of 
precipitation is taken as simply proportional to V; or the degree of 
undercooling at which precipitation becomes rapid, when N must also 
become high—a fairly critical temperature in many nucleation 
reactions—is compared to that predicted by theory, a procedure 
frequently employed in nucleation studies generally. If the rate of 
precipitation is taken as proportional to V, obviously the size of the 
precipitate particle is ignored, and, since nuclei grow after forming, G 
is included in some unknown fashion. Agreement between theory and 
experiment is good in the freezing of metals (PouND and La Mer 
and TURNBULL»); in this case agreement is with actual values of V 
rather than with a critical supersaturation for rapid reaction. 

Nucleation theory for solid:solid reactions is derived from that for 
condensation, originating in Gress and developed by Vo_mer.“” For 
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condensation, the basic concept is this: that through energy fluctu- 
ations, regions develop which are essentially liquid; the number of 
such regions, often called embryos, is an exponential function of the 
free energy (or work) of embryo formation, AF®; this free energy is: 


4 
AF® = 4nr*o 4 « 


where AF, is the bulk free energy change, o is the unit interface 
energy, and r the radius of a spherical embryo. The value of AF® is 
thus the difference between the first term, which is inherently positive, 
and the second term which below the equilibrium temperature is 
inherently negative. The first term varies with r? and the second with 
r®; the curve of AF® versus r thus passes through a maximum; the 
critical radius, defining the point at which an embryo becomes a 
oAF® 


nucleus is that at which the 0; at values of r greater than this 


or 
the embryo can grow with a decrease in AF®; at lower values of r the 
embryo must decrease to diminish A¥°; from equation (10) we may 
readily write an expression for this critical radius, r*, and for the critical 
free energy term, AF®*, and from these an expression can be written 
for the rate of nucleation N. Assuming o to be invariant with tempera- 
ture, knowing the variation of AF’, with temperature, the variation of 
N with 7’ may be obtained. For solid:solid reaction, equation (10) will 
presumably require an extra term on the right side, involving strain 
energy, though it is possible that the magnitude of this will often be 
negligible. 

For condensed systems we will require an exponential in addition to 
AF®*, namely, one to provide for atom transfer to the embryo, now 
characterized by an appreciable activation barrier (absent in con- 
densation reactions because of the extreme mobility of gaseous atoms), 
i.e. the energy of activation for diffusion Q. 

Becker) treated solid:solid reactions in this way (though ignoring 
the strain energy term) for a binary system of two elements with 
equal atomic size forming a precipitate cubic in form. The free energy 
of such a system may be described in terms of bond energies using the 
method of nearest neighbours. Substitution gives good agreement 
with the temperature of maximum precipitation rate as observed by 
JOHANNSON and 

Bore.tivs™) employed a different concept of a free energy barrier; 
he treated only fluctuations in composition, ignoring the basic factor 
of interface energy, assuming that a fluctuation can grow when the 
second differential of the free energy is positive; thus one should get a 
rapid change in V whenever a change in 7' or in concentration changes 
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the sign of this term, and all that is needed is a free energy diagram to 
predict when V becomes high. The Brecker approach is generally 
favoured because it offers more direct opportunity of formulation in 
crystallographic terms, but it assumes that the nucleus is identical in 
all ways with the precipitate at equilibrium with consequent loss in 
generality. The two theories are irreconcilable. The Becker theory 
might apply best to non-coherent precipitation where surface energies 
are high and strain energies low, and the BoreLius approach might 
find its best opportunity in coherent precipitation where surface 
energies are low and strain energies high, but all this is uncertain. 
Hosstetrer® has attempted a unification, but as yet this is not 
sufficiently particularized to be compared to data. 

Nucleation theories for solid:solid reaction are, understandably, 
over-simple; it will be well to inspect the complexity of reality, 
especially with respect to pearlite. It is generally thought that the 
initial nucleus in a solid:solid reaction is plate-like in form; X-ray 
diffraction results often show a relaxed third Laue condition, indicating 
this, but there are cases, especially some of those studied by GuINIER'®?, 
that indicate initial spherical aggregates in some systems (though 
dise-like in others), systems which a little later exhibit plates, and 
GeIsLeR™ has evidence for a lath-like early stage; the matter is not 
on firm ground. To pursue the matter, we must distinguish between 
incoherent precipitation, in which the atoms on either side of the 
interphase interface are not held in lattice registry, and coherent 
precipitation, so often observed in age-hardening systems, in which the 
lattices are held in lattice registry on a pair of conjugate planes. In the 
case of incoherent precipitation NaBarRo has shown that the strain 
energy is at a minimum when the incoherent precipitate is disc-shaped 

with the strain energy resulting from the volume change concentrated 
in the parent phase; in this case interface energies should be high. In 
coherent precipitation, at least in the stage next succeeding the 
unidentifiable initial stage (presumably the true nucleation stage), a 
dise-shaped (plate-like) precipitate is observed generally, and this often 
is different in lattice dimensions and sometimes even in symmetry class 
from that of the equilibrium precipitate phase, i.e. a transition lattice 
is formed, the lattice of which can be identified but the composition of 
which is not generally known; it is not seen how a bulk free energy 
could be determined for such a case and introduced in any equation of 
the type noted. Obviously dislocation models can be advanced,‘** 
especially for intermediate cases. For coherent or semicoherent 
precipitation the interface is a transition zone, in which over a few 
atom diameters one lattice alters gradually into another; the value of 
o would be small (and not nearly so clear in meaning) and the elastic 
strains high. Such o-values have not been appraised. Moreover, when 
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a coherent embryo or nucleus grows, with atom transfer occurring 
across this transition zone in a strained system, it hardly seems likely 
that activation energies drawn from macro-scale diffusion experiments 
can apply (nor any of the quantities in the basic diffusion equation). 

Since precipitated particles, and doubtless the original nucleus, are 
oriented with respect to the parent phase, any treatment of o must 
refer to the particular pair of {hkl} values in matrix and precipitate 
that occurs through the operation of the Widmanstitten mechanism— 
any generalized o would be worrisome. 

Finally it must be observed that in homogenized alloys, the value of 
N at grain boundaries is extremely high compared to that within the 
grain; nucleation at grain boundaries (or at any other locus that 
departs from lattice ideality) has been called “heterogeneous nuclea- 
tion,”’ in contrast to nucleation in perfect lattices, denoted as ‘““homo- 
geneous nucleation’; as stated above, recorded values for pearlite 
are average values for all possible mutual orientations; there are no 
data for any solid:solid reactions that give the relationships between NV 
and the five defining angles. For eutectoid reactions such as that of the 
formation of pearlite in steels (and to a lesser degree for age-hardening 
systems), a particular nucleation theory must be written for the grain 
boundary and not for the bulk phase (see above). The energy at the 
grain boundary must favour nucleation, since some of the surface 
required for nucleation is furnished by the energy of the grain boundary, 
and since strain energies must be more easily relaxed. 

Apart from the difficulty noted above relating to the composition of 
the original nucleus, it must be remembered that the composition of 
the steel at a grain boundary is not necessarily the composition of the 
bulk phase, since through the Gibbs principle those elements which 
decrease o will concentrate there, and conversely. This is an unexplored 
field; while ZENER‘) states that all alloying elements, e.g. Ni, Mn, 
must concentrate at grain boundaries, this must surely be in error, for, 
as stated, the principle works both ways, and currently, with solid 
solution strain energies and forms of bond energy not fully evaluated, 
a simple general statement is not available. 

These considerations apply to the nucleation of pearlite, whether the 
active nucleus is Fe,C or «-Fe (see above). For Fe,C an approximate 
idea of the {Akl} pair is available,” and for «-Fe the pair has long been 


— 
known; although we have values for the quantity —~*, we lack values 


Opec: 
for "“&:”. and, moreover, we do not know for either case whether the 
original nucleus has equilibrium characteristics with respect to com- 
position, symmetry and lattice parameter. 
The increase of V with time is a distinguishing feature of the pearlite 
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reaction, Fig. 24. Although there have been other suggestions,* 
ZeLpovicu and TuRNBULL™ argue that a change in temperature 
will change the distribution of embryos since AF changes with tem- 
perature; in liquid or gaseous systems this change is very rapid since 
D is large, but in solid systems where D is low a time-lag for the estab- 
lishment of equilibrium of embryo distribution might well be observed ; 
in such a case the embryo state of the system changes during the 
reaction. In the case of pearlite, NV is determined isothermally on 
rapidly quenched specimens; TURNBULL solved a set of simultaneous 
differential equations, assumed spherical nuclei and a value of 
o = 20 ergs cm~* (a low value), and plotted N vs ¢ for various critical 
embryo sizes; the increase in V with ¢ thus represents separate and 
increasing incubation periods for successively formed individual nuclei, 
time periods during which these embryos are growing to critical size. 
These curves are the same in form as the experimental curves, and the 
idea is attractive.t 

It is noted above that austenite heterogeneity, e.g. undissolved 
Fe,C, merely displaces the curve of N vs ¢t toward shorter times main- 
taining the form of the curve; if Fe,C is the active initial nucleus, this 
result is surprising, for one would expect Fe,C particles to act as 
instantaneous nuclei, giving high values of VV at short times; this 
dilemma could be resolved only by assuming either that diffusion 
activation energies remain a barrier or that the morphology or orienta- 
tion of such particles is unfavourable; if «-Fe is the original nucleus (see 
discussion of this possibility in an earlier section) no such difficulty 
obtains, and the heterogeneity merely furnishes an additional extent 
of interface boundary area, in a sample of fixed austenite grain size, 
thus increasing V,; the effect of undispersed concentration gradients 
would then merely be that a large number of low C-concentration 
volume elements, representing greater supersaturation with respect to 
ferrite would give a larger V; in either case, the type of argument 
advanced by TURNBULL applies. Finally, since the curves of N vst 
for alloy steels (see above) have the usual form, merely displaced 
toward longer times, implying a longer incubation period for individual 
nuclei, on the TURNBULL argument this can arise only from the 


* Fisner™? provides an analysis, assuming a rate of nucleation of Fe,C and a rate of 
nucleation of pearlite, the second depending upon the extent of the interface of the 
original Fe,C nucleus, which gives a type of N vs T curve desired; the very different 
suggestion of TURNBULL seems more attractive and seems to be subject to experimental 
test. 

+ This could be subjected to a partial test: two samples of one steel could be taken, 
both thoroughly homogenized at a high temperature, fixing the same austenite grain 
size; if one of these were quenched from that same temperature, high in the austenite 
range, and the other after cooling to a temperature low in the austenite range, both 
reacted at the same sub-critical temperature, on TURNBULL’s idea the first would show 
a more marked variation of N with time than the latter. 
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necessity for the diffusion of the slowly diffusing alloying element, 
since AF and D® are changed inappreciably; this is a form of the 
partition argument noted earlier in this section and at length in a 
following section. 


The Theory of the Rate of Growth of Pearlite 

Most theory on the rate of growth of pearlite is restricted to edgewise 
growth, Fig. 36; Hui and Mes.) pointed out that the rate of side- 
wise growth probably should be considered as determined by the rates 
of alternate nucleation and growth of parallel lamellae of ferrite and 
Fe,C, without going beyond formality; there have been no attractive 
advances since, owing to difficulties in nucleation theory (see section 


LOW CARBON CONCENTRATION 
FERRITE—e IN AUSTENITE =Cy 

| 

«HIGH CARBON CONCENTRATION 
CEMENTITE IN AUSTENITE = 


| 


AUSTENITE 


Fig. 36. Simplified model showing the edgewise growth of pearlite 


above); an earlier section argues that the rates of sidewise and edgewise 


growth are probably not greatly different.* 

As already noted, the rate of growth measured is that of the succes- 
sive formation of colonies, in which at temperatures near Ae,, the 
lamellae are not always directed in the direction of growth; in only the 
measurements of PaARcEL and MEHL (see above) were measurements 
obtained on single colonies; at temperatures near the knee of the 
T'-T-T-curve, growth is neatly edgewise. proposed that 
should be determined by the active concentration gradient, defined by 
the concentration difference in austenite at the moving pearlite inter- 
face and the interlamellar spacing, and by the rate of diffusion of carbon 
in austenite, holding that since the composition of the austenite at a 
small distance from the growing pearlite interface does not change, 
the process is a steady-state process which in simple carbon steels 
should (and does) provide a value of G independent of time. 

Hvu.Teren,® reviving an older idea of Mrers and Isaac, pro- 
posed that the concentration differences at the moving interface 

* Some writers, e.g. ZeneR,'**) have distinguished between the rates of true edgewise 
growth and the measured rate by separately designating the former by “V’’; in any 
case comparison with experiment must be made with the measured G; we shall employ 
the symbol G only. It seems likely that the rate of growth of a nodule is determined by 
those colonies in which the lamellae are oriented in the direction of growth, with other 


less suitably oriented colonies falling in behind. 
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should be taken from the extrapolation to the reaction temperatures 
of the y phase boundaries, Fig. 37: Employing this extrapolation, G 
may be calculated on the MEHL assumption" as 


K Dy 
S 


oO 


(11) 


where D® is the diffusion coefficient of C in the y-phase 


S, is the interlamellar spacing 


K is a proportionality constant, including the concentration 
difference 


G is the rate of growth expressed in gms/unit area-sec. 
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Fig. 37. Extrapolation of GS and ES curves in Fe:Fe,C diagram 


Taking A as simply that difference provided by the HuLTGREN 
extrapolation, assuming usually that these concentrations obtain at 
midpoints of the advancing ferrite and Fe,( lamellae respectively, G 
values may be calculated as a function of temperature, curve (1), 
Fig. 38. 

It is still difficult to see how such calculations can be made more 
precise (though we shall describe the attempts made) primarily 
because of the nature of the concentration gradients near the moving 
interface, complex at best, as Hutt and Meni’ pointed out. 
Presumably, as always assumed, the carbon concentration just ahead 
of the mid-thickness point of the ferrite lamellae is high, and that ahead 
of the mid-thickness point of the Fe,C lamellae is low, perhaps as defined 
by the “HvuLtTGREN extrapolation,” but there are also concentration 
gradients normal to this; in all, a complex concentration contour must 
be set up—Hvut and Mex drew a qualitative picture,’ but the 
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gradients are in fact unknown, and even if assumed, however reasonably, 
the differential equation for diffusion flow under these boundary 
conditions is unknown.* 
To calculate K in a more exact manner, Branpt‘”) has solved the 
differential diffusion equation 
42 
Ox? oy? 
where C is carbon concentration in austenite and x and y are positional 
Cartesian coordinates extending in the direction of pearlite growth and 


TRANSFORMATION TEMPERATUR 


GROWTH RATE = 
Fig. 38. Calculated curves of G vs. T 


(1) From equation (16) 

(2) From equation (21) with linear « y extrapolation 

(3) From equations (23) and (33) taking « = 0-04 

(4) Experimental; 0-78 per cent C, high-purity Fe-C alloy, from Frye, et al.‘*” 


perpendicular to it. These coordinates move with the advancing 
interface at constant velocity @. The solution to equation (12) is 


C—C S cos b, y 


* It is usually assumed that the rate determining factor is that of diffusion in the 
y phase under concentration gradients as described. A suggestion has been made that 
the diffusion process may occur in the a-lamellae—we shall discuss this later. And it 
has been suggested that the diffusion may occur along the pearlite :austenite interface. 
Grace") reports an experiment in which a partially reacted pearlitic steel was quenched 
to martensite, tempered, and carbide particles counted near the pearlite :austenite 
interface, concluding from his count that concentration gradients cannot extend more 
than a fraction of an inter-lamellar spacing into the austenite; but since carbide 
rejection from martensite plates shows high preference for intra- and inter-plate 
surfaces, effectively redistributing the carbon during tempering, the experiment does 


not seem critical. 
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but our knowledge of the necessary boundary conditions is inadequate 
for the determination of an infinite number of arbitrary constants, and 
so only a few terms are used or 


where C, = carbon concentration in austenite matrix 


a 


a, 


b, 


If C, is carbon concentration in austenite at the centre of the ferrite- 
austenite interface, C, is carbon concentration in austenite at the centre 


of the cementite-austenite interface, C, is carbon concentration in 
cementite, and C, is carbon concentration in ferrite, the terms 


N= 
J 


M 


can be used in solving 


P 


by successive approximations, and then 
4n( P? — 1)-*§ De 
S 


G 


K (from Eqn. 1) = 42(p? — 


Fair correlation between the growth rates calculated from equation 
(16) and those experimentally reported as a function of temperature‘? 
can be obtained on making the proper substitutions, Fig. 38. The 
concentrations C, and C, are determined by a HULTGREN extrapolation 
of ferrite and cementite solubility limits below the eutectoid equilibrium 
temperature, and interlamellar spacing measurements come from the 
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work of PELLIssier, Hawkes, Jonnson and Ment; the Branpr 
treatment, however, in common with other treatments, does not 
handle the complex concentration contours involved. Since the 
diffusion coefficient of carbon in austenite was found to increase 
rapidly as a function of carbon concentration by Weis, Batz and 
Mex_,‘*) one cannot use DY for a single carbon concentration in the 
austenite matrix, extrapolated to lower temperatures. The best 
agreement results from using the D*’s for the limiting concentrations 
required by the HULTGREN extrapolation. Branpr did not have these 
data and was forced to postulate the existence of a curved ferrite- 
austenite equilibrium line for better growth-rate conformity at lower 
temperatures. Equation (16) at least shows that growth rate is 
dependent upon D, S,, and the concentration extremes in austenite 
at the pearlite-austenite interface. Although equation (14) requires 
lamellar structure as a boundary condition and indicates this possibility 
by the occurrence of a periodic term, it does not in itself prove that 
pearlite must be lamellar. 

ZENER™ has derived an expression for G (as noted ZENER used 
“V” to restrict his treatment to pure edgewise growth) based mainly 
on dimensional arguments and on selected physico-chemical principles. 
In approaching the problem, he first took the general case of the 
growth of one phase from another; accordingly the first part of the 
following section refers to this limited case, with the argument then 
transferred to pearlite, a transition requiring close attention. Assuming 
for this general case, that the density of solvent atoms is essentially 
the same in the two phases, resultant and reactant, and letting C, — C,, 
refer to the number of solute atoms per unit volume of the two phases, 
respectively, the current density of atoms in the matrix away from the 
phase boundary is equal to the difference C,, — C,, times the boundary 
velocity, G,. Current density is the net number of solute atoms 
crossing a unit area in unit time and can also be expressed in terms of 


aU 
the atomic diffusivity D as equal to — D (5 2) ; combination gives 
CL /B 


= 


C,- ox 


oC,\ . 
If the concentration gradient | : | is represented by a ratio 
Cr /B 


(22s _ AC 


Ox L 


where AC is the difference in solute concentration in the parent phase 
just at the advancing boundary and away from it, the gradient giving 
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rise to diffusion, and L is some length value related in an unknown way 
to the geometry of the system, then 


(18) 


This involves two concentration terms; dimensionally G is then 
em/sec. Moving C,, — C, to the left side of the equation will merely 
convert to a rate of growth expressed in gms/unit area, and equation (18) 


AUSTENITE 
+ 
CEMENTITE 


TEMPERATURE 


CARBON CONCENTRATION 


Fig. 39. Schematic illustration of variation of equilibrium 
relations with curvature of interface surface 


is the same as equation (11) in which Z is taken as equal to S,, an 
assumption made later by ZENER. 

ZENER defined a lower limit to “how pointed’”’ the edge of an 
advancing plate can be in the general case. Taking composition X, 
Fig. 39, the phase boundary for a plane interface is that indicated in the 
figure. In this case the concentration difference at reaction temperature 
T, is AC,, ie. the composition of the parent phase is X — AC; this is 
the maximum possible difference. For any geometry other than 
planarity, the solubility is increased—the solubility curve on Fig. 39 
will be displaced downward (or equivalently to the right); this is the 
effect of particle size on solubility, given by the familiar THomson 
equation 

2a 


AF, =— RT 


t 
a, 


where the activity—or solubility—of particle of radius r is a,, and 
activity—or solubility—when r —- © is a,. If the end of the growing 
plate is drawn as convex toward the parent phase, the particle size 
may then be measured by the radius of curvature of the convex edge. 
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The shift in the phase boundary is set proportional to the curvature, 
whence the concentration difference is 


ao = (1 —") ac, 


c 
r 


where r, is the critical radius of curvature where the concentration 
difference is zero, Fig. 39. Combining, we have 


ac, D 


G = 21 
(C,—C,) (21) 
Maximizing G gives 


Thus the actual amount of supersaturation is for a radius of curvature 
of 2r,, one-half of that for a bulk (planar) surface. It can readily be 
shown that the change in free energy is proportional to the super- 
saturation, AC; thus only one-half of the bulk free energy change, i.e. 
in absence of interface energy, is available, one-half appearing as 
interphase surface energy and the other half dissipated by diffusion. 

Taking the concentration difference AC as proportional to the 
undercooling A7', and taking the effective diffusion distance as propor- 
tional to r,, which is in turn inversely proportional to AT’, then 
G ~ AT" on gradient alone. Since D varies with temperature 

D 
then 
G ~ AT? , 


This general argument is then transferred to the case of pearlite. 
Taking a volume of pearlite, Fig. 40, of depth W and thickness S,, on 
growth dx the volume transformed is 

S,.W.dx 
the mass transformed is 
p.S,.W.dzx 
where p is the density, and the free energy available for this volume is 
T,—T 


e 


p. S, dx ° (25) 


where AH, is the latent heat = AH per unit mass 
= Ae, 


T = the temperature concerned 
o = interfacial energy per unit volume 
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Obtaining the free energy change from the enthalpy change per unit 
mass only, is assuming that the specific heats of austenite and pearlite 
are identical, rendering the treatment only an approximation. 
The increase in the total interface area in this volume, Fig. 40, is 


W . 2dx 


Equating the free energy available to this interface energy 
T 
S 2a 
*P + min 
Now the interlamellar spacing is here taken as S,,,, the minimum 
(not the actual) at which r = r,, i.e. for zero supersaturation, thus 


ADVANCING BOUNDARY 
OF PEARLITE NOOULE 


CEMENTITE 


FERRITE 


! 


Fig. 40. Illustration of advancing pearlite colony 


assuming that all of the free energy appears as interface energy at the 
ferrite: Fe,C interface. The solution for S,,,,, is 
on” 
27 


4 ry 26 


Assuming the plot of interlamellar spacing against temperature as 
linear for S, versus 7', — 7' (see discussion above, and Fig. 25) as this 
equation predicts, the equation for the plot is 


28,(7T, — T) = 0-0017 em/C 


Taking the value of AH, as 20-5 cal/gm, remembering that S, = 2S,,,,, 

c is calculated as 2800 dynes/em, a value apparently much too high. 

Returning to equation (24) we may insert a value for the activation 

energy Q; Zener used the old data of WELLS and Ment," ignoring 
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the variation of Q with concentration, and of D also, using an average 


value, and wrote 
18,000 


T .(T,—TY 


which gives a maximum in the G versus A7’ curve. Taking the tem- 
perature of this maximum rate, 630°C, to give a proportionality con- 
stant, G may then be calculated at any temperature. (C, — C,) is now 
the difference between the carbon percentages in ferrite and Fe,(, 
respectively, namely, 6 per cent C, AC is taken as the concentration 
difference at this temperature of the extrapolated phase boundaries, 
namely, 1-4 per cent, Fig. 37, L is taken as the effective diffusion 
distance, related (and here the approximate character of the treatment 
becomes obvious) to S, as 


with « a numerical coefficient; ZENER puts « as 0-12 as the fractional 
thickness for the Fe,C plate, and then calculated G, obtaining fair 
agreement, Fig. 38; he also used « = 0-04. In performing this calcu- 
lation, ZENER put AC = 1-4 which as noted above is in fact AC,; this 
is a change in ground from the original treatment, i.e. that AC = }AC,; 
AC should be 0-7. Moreover, in the original treatment, AC referred to 
a difference between the concentration in the parent phase just next 
to the growing interface and deep in the unchanged parent phase, 
respectively, but this is now abandoned and instead AC is derived 
from the extrapolated phase boundaries to give the concentrations in 
the y phase just in front of the Fe,C lamellae and in front of the ferrite 
lamella, respectively; if instead the original treatment is maintained, 
then AC, will be still smaller, 0-20 instead of 1-40, and AC will be 0-17; 
this will give an even lower value of G, now differing considerably from 
experimental values. 

In comparing these and other calculated data with experimental 
curves, it is observed that the agreement is better with commercial 
steels than with the ‘pure steel,” i.e. calculated results are low.* 

It is obvious that this treatment is rife with approximation: (1) the 
meaning of L (and of the adjustable constant «) is obscure—there 
seems to be no real justification to take it as the fractional Fe,C 
thickness; (2) the concentration gradients are in fact unknown and 
the assumptions made concerning them without much defence, especially 
the selection of an arbitrary AC differing from that given in the general 
treatment; (3) the assumption of convex end surfaces for the ferrite 
and Fe,C lamellae is contrary to observation, though, it must be noted, 
this is not a prerequisite to introducing the particle size effect; (4) data 

* The data on pure steels are scanty and not wholly unobjectionable—more complete 
data on such steels are needed, 
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on S, are not available over a sufficiently wide temperature range 
to establish the true temperature function of S, (a relatively easy 
laboratory task which someone should undertake); (5) basic and unveri- 
fied assumptions are made concerning: (a) the variation of AH with 
temperature—linearity is assumed, (b) the variation of o with tempera- 
ture, (c) the applicable activation energy of diffusion; (6) the basic 
equation (18) is correct only when the growing interface is normal to 
the direction of diffusion flow, a tenet disregarded in the treatment of 
pearlite.* 

This calculation does not provide data which accurately match 
experimental data, at least no better than others. Nevertheless, it 
may be that S, is in fact established by the bulk free energy change in 
some unknown way, i.e. it may be possible that the bulk free energy 
and S, are related in a causal fashion, but we do not know how. 

OnsaGer® suggested that the rate controlling factor in the growth 
of pearlite is diffusion in the ferrite phase. Using equation (18), AC 
now becomes the difference in carbon concentration between that in 
ferrite adjacent to the ferrite:austenite interface and that adjacent to 
the ferrite:cementite interface (which may be read from extrapolated 
phase boundary curves, Fig. 37), D is now for carbon in ferrite—which 
is large (larger than DY by a factor of roughly one hundred). Calcula- 
tions by Fisner"®’ on this basis gives growth curves much similar to 
the others, and on this basis alone a choice would be difficult. But such 
a mechanism is difficult to visualize; if it occurs, the thickness of the 
Fe,C lamellae should decrease on passing from the middle of a colony 
toward the growing edge, somehow going to zero at the moving inter- 
face, but this is not observed, Fig. 20, indeed Fe,C platelets often 
extend separately into the parent austenite. 

Frye, Stanspury and McEtroy® suggest that the rate of carbon 
diffusion at the advancing interface may not be the rate-controlling 
factor and propose other mechanisms, such as atom-by-atom jumps, 
atomic-group or dislocation movements, and atomic shears. All of 
these should operate with a characteristic activation energy and may 
be susceptible to treatment by Eyrine’s theory of absolute reaction 
rates. Following this reasoning, they derive the equation 

ake 


where A\E* = activation energy 
AF = free energy change of austenite-pearlite reaction 
AT = degree of undercooling 


* Fisner"™ rewrote this treatment in somewhat simpler terms and attempted to 
deal with L more definitively though probably with no more success; he calculated with 
arbitrariness as 700 erg/cm?’. 
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Substitution of experimental values for G, AF and AT’ permits the 
determination of C and AE* for a high-purity carbon eutectoid alloy; 
additional experiments are planned to determine the effect of alloy 
elements upon the energy barrier AZ*. Frye and co-workers make the 
assumption that interlamellar spacing is inversely proportional to 
degree of undercooling, so that equation (29) is really just another 
expression of ZENER’S equation—which implies that carbon diffusion 
is the rate-controlling mechanism. 

An extension of thermodynamic theory has been made by Prico- 
GINE,“”) DeGroot) and others for the case of irreversible growth 
processes occurring by the motion of an interface such as pearlite 
growth. Physical chemists consider that the general rate equation 


r= ce RT (30) 


in which AF* is an activation energy and r is the reaction rate, is most 
applicable under conditions far removed from equilibrium where the 
free energy change is large in comparison to the thermal energy, RT, 
and where the rate of the reverse reaction is negligible. However, 
reaction rates may be directly proportional to free energy change for 
processes which involve an approach to equilibrium, where the rate of 
the reverse reaction is quite appreciable, and where free energy change 
is small compared to R7'. The overall rate then is the sum of the for- 
ward and backward reactions or 
Ce RT —C'e RT 
C = frequency factor for forward reaction 
(” = frequency factor for reverse reaction 
‘* 
Af F reactants 
‘* 
AF 


Assuming the frequency factors for forward and reverse reactions to be 
approximately equal, one can write 


AF* AF 
Ce RT (1 ekT) 


where 
AF + AF* 
A series expansion of equation (32) provides 
Ce RT 
RT 


- 


r 
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if AF is sufficiently small compared to R7, 
(33) 


This general equation should apply to the pearlite reaction, since 
Hacet, Pounp and Mex." have experimentally found that the free 
energy change, AF, of the austenite-pearlite transformation is usually 
far less and does not exceed 0-1R7T. One can then write another 
expression for the edgewise rate of pearlite growth as 


AF 
7 
Experimental work’ is not sufficiently accurate to distinguish 
between S, as a function of 7’, 1/A7, AT or log T. Although a 1/AT 
relationship was chosen, this derivation seems to indicate 8S, may be 


G 


a simple function of undercooling temperature 7’. 

Macuirn’ has also applied the thermodynamic theory of irrever- 
sible processes in deriving another expression for the rate of pearlite 
growth in the form of 


G= (AF 


2a 


(35) 


T(a + 8) 


where mobility for overall diffusion process 
B B 
B, B, 
mobility for reaction austenite —- ferrite 


mobility for reaction austenite —- cementite 


In this case interface velocity does not vary directly with bulk free 
energy change, for an additional correction term containing ferrite- 
cementite interfacial energy is added. MacuHLIN approximates the 
value of interlamellar spacing corresponding to maximum velocity 
a 

as the sum of two terms, AP and =; he points out that the tempera- 
ture dependence of interlamellar spacing may be 1/A7' if the second 
term is small compared to the first or some other relation if the second 
term is large compared to the first. 

The effect of alloying elements on G has been a matter of controversy. 
Mex." originally proposed—in the absence of measurements—that 
alloying elements, e.g. Ni, Mo, Mn, etc., decrease G, owing possibly to 
the effect of alloying elements on the diffusion coefficient of carbon in 
austenite, or owing possibly to a requirement that the alloying elements 
diffuse at the interface during growth. These considerations led to 
measurements of the diffusion coefficients of carbon and of a series of 
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alloying elements in austenite, and of the effect of the alloying elements 
on the diffusion coefficient of carbon.“ In brief, it was shown that 
alloying elements do, as expected, diffuse far more slowly than carbon, 
and, perhaps a little unexpectedly, that alloying elements when present 
(in small percentages) do not measureably affect the diffusion coefficient 
of carbon. 

ZENER™) held that alloying elements do not affect G, except as 
they affect the bulk free energy change and thus (see above) the 
interlamellar spacing; it follows that there should be a simple propor- 
tionality between G and S, in alloy steels. Measurements on @ in alloy 
steels (see earlier section) showed that @ is greatly affected by alloying 
elements. The data of Parcet and Men. show, however, that there 
is no simple proportionality between G and S,, Table 1. 


TABLE 


Effect of Alloying Elements on G and S, 


% Mo Temp, °C Increase in 8, Decrease in G 


1-04X 
1-23X 

1-82X 
1-63X 
2-48X 


2-22X 


Evidently the basic concept required modification. Cobalt steels are 
known to be anomalous, exhibiting 7'-7'-7'-curves displaced to shorter 
reaction times rather than the usual reverse effect. Hawkers and 
Meu.) showed that Co increases both NV and @ (see above) and 
decreases S,. ZENER said that this effect is brought about by an increase 
in the free energy change by the addition of Co, causing a smaller 
value of S, and thus, for this reason alone, a larger value of G. HaGE., 
Pounp and Meu.’ showed experimentally that Co does indeed 
increase AF’; but the data on S, are not sufficiently good to say whether 
the simple proportionality holds. In passing it ought to be remarked 
that it is not new to suggest that reaction rates should be affected by 
AF: the problem is to provide a proper analytical expression; cer- 
tainly simple proportionality is no better here than elsewhere. Ternary 
or higher order alloys are complex: certainly phase boundaries (and 
their extrapolation) are altered (though generally data on this are too 
poor for use), and thus boundary conditions for any growth mechanism 
are not well known. 


| 
F 
0-32 700 10X 
0-15 670 5-1X 
0-32 670 23X 
0-52 670 86X 
1-06 625 4-65X 
2-91 625 65X% 
Mn 
1-5 625 144X 
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The alloy steels considered are relatively simple compared to others ; 
growth is almost certainly a steady state process, since G is invariant 
with time and there is no microscopic evidence for alloy segregation in 
austenite. But in some steels, e.g. Cr-steels‘*’—for which there are 
no V or G measurements—though a pearlite-like structure grows at 
high temperatures, the carbon content of the austenite does not 
remain unchanged; presumably G would vary with time; these steels 
should be studied further. 

The question then remains—do alloying elements segregate, as does 
carbon, at the growing interface’ There is no direct proof; radioactive 
tracers might prove useful here. Some believe they do—and this argu- 
ment will follow; Zener‘) thinks not, arguing simply that the growth 
of pearlite should not have to wait for the diffusion of a slowly diffusing 
alloying element, believing (as said above) that changes in AF account 
for any change in G. 

Partition data offer some indirect evidence on this point. Bowman‘ 
has studied the partition of Mo between carbide and ferrite in eutectoid 
Mo-steels reacted isothermally to pearlite and in the same steels 
quenched and tempered to carbide and ferrite. Bowman's best data 
are those at 705°C; he used x-ray diffraction determination of lattice 
parameter and chemical residue analysis to determine the Mo in the 
carbide and the ferrite respectively. The carbide in isothermally- 
formed pearlite (just at completion of reaction) in a 0-30 per cent Mo 
steel was observed to be cementitic in lattice type, containing 1-1 to 
1-2 per cent Mo; x-ray and chemical analysis data showed extra- 
ordinarily good concordance; in steels with 0-51 per cent Mo or above, 
the carbide was the kappa carbide, f.c.c. in structure, represented by 
(Fe, Mo),,(, (interestingly enough the pearlite was observed to be 
typically lamellar, arguing for a mechanism of formation quite like that 
of ordinary pearlite); the unit cell of the lattice contains 116 atoms 
whereas Fe,C contains 16 atoms; the kappa carbide was observed to 
contain 3-4 per cent Mo or more. The same steels quenched and 
tempered at 705°C similarly showed partition, increasing with 
increasing tempering time, but even after 250 hours the degree of parti- 
tion was markedly less than that observed in the isothermally reacted 
steels. These experimental facts appear to argue that partition in 
pearlite, behind the growing interface (as some would have it) is slow 
compared to that which occurs at the pearlite:austenite interface. 
Similar conclusions may be drawn from the work on partition in steels 
reacted only 50 per cent to completion. Kuo and Hu Ltecren,* 
performing somewhat similar work on other steels, similarly report that 
Si is absent from the carbide phase in both isothermally reacted, and 
quenched and tempered steels, and that Ni shows early and extensive 
partition. There is no apparent way to rationalize the observed 
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partitions; they are not the equilibrium values, and presumably are 
determined by kinetic as well as by thermodynamic factors. 

Moreover, if it is admitted that segregation must take place in steels 
with more than 0-50 pet Mo, in which the kappa phase occurs, and 
that this may be employed to-explain the decrease in G, it is difficult 
to see how the same reasoning may not be employed for steels with a 
percentage of molybdenum just less than this, Fig. 31, for the curves 
of G vs. the percentage alloy are continuous, with a point of inflection. 
The occurrence of the branch of the G-curve at high molybdenum 
contents shows, to be sure, that in this range the rate of growth of the 
kappa pearlite is greater than that of the extrapolated cementitic 
pearlite. The data show that G is in fact decreased by the addition of 
alloy, for molybdenum, nickel, and manganese steels, and the weight 
of argument favours the segregation of the alloy by diffusion at the 
reacting interface in these alloy steels, though as remarked above, 
certainly not for Co-steels. Setting up analytical expressions for the 
rate of growth in alloy steels will not be easy, to say the least. 


VI. THe ForMATION OF AUSTENITE FROM Fe,C-FERRITE 
AGGREGATES 


A large body of descriptive information on the austenitizing reaction 
is available, but isothermal rate data in terms of V and G are restricted 
to those reported by RoBerts and Mex ,‘**. * for simple carbon 
eutectoid steels. The reaction is undoubtedly one of nucleation and 
growth; in any type of Fe,C: ferrite aggregate growth consists in the 
conversion of the aggregate to the gamma phase at the interface of the 
growing y nodule; the growing y noduie is familiarly a single crystal; 
conversion to the gamma phase does not necessarily mean the dissolu- 
tion of all carbide, nor the full dispersion of carbon concentration 
gradients, as we shall see. 

The kinetics variables are obviously the state variables of time and 
temperature, and the structural variables of form and degree of dis- 
persion of the Fe,C and ferrite phases. Since nucleation occurs at the 
Fe,C-ferrite interface, the number of possible nucleation sites is great; 
only a few are activated, depending on some nucleation probability 
principle not yet explored; nonetheless, it may be expected that V 
would increase with increase in the Fe,C-ferrite interface area, and this 
is observed. Since diffusion must occur in converting this aggregate 
to a single solid solution phase, it would be expected that G would be 
the greater the smaller the distance between the carbide particles, e.g. 
in pearlite the interlamellar distance, and this is observed; and since 
the diffusion coefficient increases exponentially with temperature, G 
should increase rapidly with temperature, and this is observed. Thus 
both V and @ are structure sensitive in this reaction, whereas in the 
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reverse austenite-pearlite transformation N alone is structure sensitive, 
as noted above. It is obvious that the initial austenite grain size when 
reaction is just complete (before grain growth has set in) will be given 
by the relative values of V and G, and this is also observed. *. 

In steels initially pearlitic or spheroiditic (when spheroidizing is 
accomplished by high temperature reaction from heterogeneous 
austenite), the austenite nodule formed is substantially spherical in 
shape; since possible nucleation sites are exceedingly numerous and 
distributed, the reaction subscribes to the conditions for general 
nucleation and the first form of the JoHNson and MEHL equation 


T 
TRANSFORMATION OF 
PEARLITE INTO AUSTENITE 


~ 
° 


° 


RATE OF NUCLEATION: 
100 NUCLEI/mm3/sec 


RATE OF GROWTH: 
2 «1073 mm/sec 


% OF VOLUME WHICH IS PEARLITE —e 
@ 


10 100 
sec 
(LOGARITHMIC SCALE) 


Fig. 41. An isothermal austenitizing curve. Points are experimental 
values. Full curve is curve calculated from rate of nucleation and rate 
of growth noted on figure 


applies, as well as the methods of determining V and G employed for 
the formation of pearlite. Isothermal reaction curves accordingly have 
the familiar sigmoid shape,* comparable to Fig. 41. 

Employing the same graphical method as used previously for the 
reverse reaction, a 7'-7'-7'-curve for austenitizing may be constructed ; 
Fig. 42 is such a curve for a commercial pearlitic eutectoid steel with 
0-78 per cent C, 0-63 per cent Mn, 0-23 per cent Si. It shows an increas- 
ing rate of reaction with increasing temperature; it shows that residual 
carbides are left after reaction to austenite is complete (when all ferrite 

* These generalizations apply to well-homogenized steels; frequently severe com- 
positional banding is observed in commercial steels; in such cases transformation from 
austenite to pearlite results in reaction banding—owing to differences in composition 
some compositional bands react more quickly than others, and the same is true of the 
reverse, Fe,C + ferrite + austenite, reaction. The study of steels in this condition, 
while very important industrially, can contribute little to understanding; for this 
reason all steels discussed in this section (and in the earlier sections) were thoroughly 
homogenized, effectively eluminating banding. 
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| HOMOGENEOUS 
AUSTENITE 


\ 


\ 


\ 


AUSTENITE 

WITH CARBON 
AUSTENITE ANO INHOMOGENEITIES 
\ RESIDUAL CARBIDE \ 


TEMPERATURE 


PEARLITE AND AUSTENITE ™. 
AND RESIDUAL CARBIDE 


= 


100 1000 sec 


Fig. 42. Austenitizing rate-temperature curves for commercial simple- 

carbon eutectoid steel. Prior treatment—normalized from 1610°F 

(875°C). Initial structure—fine pearlite. First curve at left shows 

beginning disappearance of pearlite. Second curve shows final disap- 

pearance of pearlite. Third curve shows final disappearance of carbide. 

Fourth curve shows final disappearance of carbon concentration 
gradients 


PEARLITE 


40 
we 
Fig. 43. Isothermal rate of disappearance of pearlite upon austenitizing 
at 1350°F (730°C). Three curves to left for “‘coarse-grained”’ steel; three 
curves to right for ‘‘fine-grained”’ steel; temperatures on curves show 
temperatures at which initial pearlite had been formed 
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has disappeared), with a curve, slanting toward shorter time at higher 
temperatures, for the disappearance of carbide, as expected; and it 
shows the time-temperature relationship for the effective (though of 
course not the utter) disappearance of carbon concentration gradients— 
the presence of the latter may be demonstrated by well-known etching 
techniques. 

Fig. 43 shows the effect of initial pearlite spacing in the sigmoid 
austenitizing reaction curve. Curves for two steels are plotted; steel C 
is a “‘coarse-grained”’ steel, steel D is the same steel Al-deoxidized, and 
thus “‘fine-grained’’; these are the same steels noted in an earlier 


100 
% 
8 


AUSTENITE 


INITIAL STRUCTURE 


| © SPHEROIDIZED 
| @ QUENCHED AND TEMPERED 


20 $0 100 200 500 
at 750°C sec 


Fig. 44. Isothermal reaction curves for austenitizing from quenched 
and tempered and from spheroidized structures. Austenitizing tempera- 


ture 


section. The three curves to the left in Fig. 43 are for steel C, and the 
three curves to the right are for steel D, both of which had previously 
been reacted to pearlite at the temperatures noted, with, of course, the 


lower temperature of reaction providing the smaller interlamellar 
spacing; at the three temperatures noted the pearlite spacings, S,, are 
respectively 0-12, 0-20, and 0-324. Obviously the rate of austenitizing 


increases with decrease in S,. It is not known why comparable samples 
of C and JP vary in austenitizing rate, though it is suspected that the 
residual alloyed aluminium in DL may be responsible, as alloying 


elements are in the reverse reaction; the effect of alloying elements in 
the kinetics of the austenitizing process is an unexplored and a worthy 
field of research. Finally it may be noted that quenched and tempered 


steels react more rapidly than spheroidized steels, Fig. 44, as to be 
expected, for the degree of dispersion of Fe,C in the former is the 
greater. 

Data on G are good, Figs. 45 and 46; the differences between steels 
C and D are again apparent. .V was determined through the use of the 
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master reaction curve for general nucleation in the form WV NV ,@° . ty.59 = 
0-90, with the time for half reaction, ty.;9, and @ measured, and average 


| 
© STEEL C 
sTeeLD 


729°C 
° 40 60 80 sec 100 
AUSTENITIZING TIME ——= 


AUSTENITE NODULE RADIUS —= 


Fig. 45. Maximum nodule radius versus time curves at 729, 
735 and 746°C 


NV, calculated. Table 2 gives V and G@ data for steel C initially fine 


pearlite. 
TABLE 2 


Austenitizing G N 
Temp.-C mm/sec. no/mm®/sec. 


3.2-10-* 1.9-10-? 
8.9-10-* 3.5-10-% 
2.5-10-% 1.0-10~4 


A 


TEMPERATURE 


700 1400 2100 
RATE OF GROWTH OF AUSTENITE mm/sec xio™® 
Fig. 46. The rate of growth of austenite nodules versus 
temperature. Initial structure—fine pearlite 


The relation given earlier, between N,, ( and grain size n, (expressed 
as the number of patches/unit area) 


V 1-01 
d au 
101 (G) 
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provides a calculation of the initial austenite grain size, a matter of 
considerable industrial importance. For steel C, initially fine pearlite, 


austenitized at 735, 7 was measured as 8.9-10~* mm sec.~', and NV as 
3.5-10° no. mm~* sec.~'; the calculated grain size was 7} to 7 and the 
observed (fracture) grain size was 6}-7.* 

The formation of austenite from quenched or quenched and tempered 
steels presents a special case. Nenrensperc® has shown that though 
pearlitic steels and steels spheroidized by high temperature reaction 
from heterogeneous austenite austenitize in the manner described, if 
steels are initially quenched, or quenched and tempered, or reacted 
to bainite, growth proceeds in a very different manner; now the 
austenite forms in plate-elements, not spheres, and the steel has a 
characteristic acicular appearance; this is true of hypo- and hyper- 
eutectoid steel, and of eutectoid steels, both simple-carbon and alloy 
steels. These austenite plate elements, grow readily from a given 
ferrite plate element but grow into an adjacent ferrite plate-element, 
of a different orientation, with considerable difficulty, thus remain- 
ing plate-like. This matter should be studied from the new view- 
points on interface energies. There are no data on V and @ for 
this type of reaction; the conditions for the application of the 
Jonunxson and Meu analysis are not met and the analysis cannot 
be applied; this is an example of morphologies too complex for such 
an analysis. 

The degree of austenite heterogeneity can be appraised quantitatively. 
As Hutt and Men.™.*) showed, both undissolved Fe,C and 
undispersed carbon concentration gradients act to increase N for 
pearlite. When steels are increasingly austenitized, two phenomena 
occur: heterogeneity is decreased, and the austenite grain size increases. 
The latter effect gives a decreasing grain boundary area and even in 
homogeneous steels, where .V, is a constant, V, will decrease, as shown 
earlier. Evidently one needs a method to separate these two effects, 
and thus to measure the effect of homogeneity alone. This Roperts 
and Meu. provided. Reaction to pearlite near Ae, is substantially 
a case of general nucleation, and the equation for this applies. Inserting 
the effect of grain size, assuming .V, a constant, it can be shown that a 
plot of grain size against the logarithm of the time of half-reaction to 
pearlite, ty..9, should be a straight line, Fig. 47. Thus if austenitizing 
causes only a change in grain size, the logarithm of f).,5 will vary 
linearly with grain size; if both the degree of heterogeneity and the 
grain size are changed, the curve of ty.59 vs. grain size will not parallel 
this line. Fig. 47 shows an experimental curve for steel C austenitized 
at two temperatures for increasing time periods, as indicated, and 


* This is but a sampling of more voluminous data, a procedure followed for brevity 


in other sections. 
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reacted to pearlite at 680°C; the lower part of this curve parallels the 
theoretical curve, and the point where parallelism is attained may be 
taken as a point where, in terms of the sensitivity by which this reaction 
rate may be measured, the austenite is substantially homogeneous 
(though to be sure utter homogeneity can be attained only at infinite 
time). This point is appropriately at a much shorter time at 875°C, 
6 min., than at 800°C, 30 min.; carbide disappeared from the samples 


D 


THEORETICAL 


AUSTENIZING 
TEMPERATURE 


© 800 


10° $00 sec 


FRACTURE GRAIN SIZE 


Fig. 47. F-+ curves for steel D. Austenitized at 800°C and at 875°C 


before the point of parallelism was reached, showing again that carbon 
concentration gradients affect \. 

This method for measuring the times for effective homogenization 
gives data which may be put on an activation plot. The reciprocal of 
the time in minutes is divided by the maximum possible concentration 
gradient, as read from the y phase limits in the Fe,C-Fe diagram, is 
taken as a rate, and the logarithm of this is plotted against the reciprocal 
of the absolute temperature. A fairly good plot is obtained, yielding 
an activation energy of 41,000 cal which is not far from that for diffusion 
of C in austenite’. which has an average value of 36,000 cal/gm 
mole; this is all obviously highly qualitative. 
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RECENT ADVANCES IN KNOWLEDGE 
CONCERNING THE PROCESS OF 
CREEP IN METALS 


A. H. Sully* 


Durine the period of a little over five years since the present author 
last reviewed the state of knowledge on the subject of the creep of 
metals,“ a voluminous new literature on this subject has appeared. 
It is a very appropriate time to consider to what extent this recent 
work, in both its theoretical and practical aspe¢ts, has clarified our 
knowledge of the modes by which metals deform during the prolonged 
application of stress and our understanding of the basic physical 
causes for the observed behaviour. It is not the author’s intention to 
present a complete annotated bibliography of the recent literature on 
this subject. It is proposed, instead, to single out for detailed descrip- 
tion those investigations which have made the most notable contri- 
butions to knowledge in this field. 

The most general definition which can be made of creep is that it is 
the time-dependent part of the deformation which results from the 
application of stress to a solid body. Solids in this respect differ from 
liquids or gases. In the latter the application of a constant stress leads 
to flow at a constant rate, which is determined by the viscosity. In 
most solid materials, including metals, the flow rate is non-linear and 
a plot of deformation against time may be divided into two, or some- 
times three, regions: 

(1) A region in which the creep rate decreases with time—the region 
of so called “primary” or “‘transient”’ creep. 

(2) A region in which the creep rate is roughly invariant with time— 
the region of so called “secondary,” “steady-state” or ““quasi-viscous”’ 
creep. 

(3) A region in which the creep rate accelerates continuously until 
fracture occurs—the so called “‘tertiary”’ creep stage. 

For any metallic material the relative importance of these three 
stages varies with stress and with temperature, which have very 
similar effects. At low temperatures and stresses, the primary and 
secondary stages of the creep curve are well marked but, as the tem- 
perature and stress are progressively increased, the primary stage 

* Director, British Steel Castings Research Association. Formerly Principal Physicist 
Fulmer Research Institute. 
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becomes shorter and the period of steady-state creep less and less 
prolonged. These effects are illustrated by Fig. 1, which shows a typical 


13 tons/ in? 


10 tons/ in? 


CREEP STRAIN 


he 


Fig. 1. Creep curves for notched specimens of a molybdenum- 
vanadium steel at 13, 10, 8 and 5 tons/in.* at 600°C. (After R. W. 
Ripiey and H. J. 


series of creep curves for specimens of a molybdenum-vanadium steel 
at various stresses at 600°C, 
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Fig. 2. Creep curves of methyl methacrylate sheets y in. thick at 


77 + 2°F and 50 + 5 per cent relative humidity. (After B. CHasman'*’) 


Creep curves of this type are not unique to metals. Fig. 2 is a set of 
typical creep curves at various stresses for a plastic material, methyl 
methacrylate. The creep curves for this material show primary, 
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secondary and tertiary stages of creep, and conform to the general 
types of curves for the creep of metals exhibited by Fig. 1. 

What does this close similarity between the creep curves for a 
metal and for a plastic imply? Whereas_a metal consists of many 
crystals of differing orientation, each composed of a regular atomic 
lattice whose stability depends upon electrical forces between atoms 
and conduction electrons, the plastic has a structure akin to a super- 
cooled liquid in which very large molecules are randomly dispersed and 
held in equilibrium by co-valent and Van der Waals forces. Obviously, 
the detail of the process by which these materials change their shape 
under the applicatioh of a stress must be very different in the two cases. 

The identity of the shape of the deformation time curves for two 
such dissimilar materials implies only that both undergo’a similar 
sequence of rate-determining changes, but the curves do not disclose 
any information about the nature of these changes. In both materials 
the decreasing rate in the primary stage of creep implies the establish- 
ment of a balance between two processes, one favouring and the other 
resisting deformation. The second stage of relatively constant flow 
rate represents continuous flow under this balanced equilibrium, while 
the tertiary stage represents increased flow due to some change in the 
properties of the material as a consequence of the flow which it has 
already undergone, or as a consequence of its exposure at the test 
temperature. 

In the same way as different materials can give similar creep curves, 
so the same material, let us say a metallic alloy, can have similar 
creep curves under different conditions, although it is possible that the 
natures of the deformation processes are different in the two cases. 
The dangers of lack of realization that the physical processes of creep 
deformation are not necessarily the same for different metals, or for 
the same metal at different temperatures or different stresses, has led 
to a lot of unnecessary confusion and misunderstanding between 
workers in this field. Because the accelerating (tertiary) creep before 
fracture is sometimes, in ductile materials, at large strain rates, 
associated with stress intensification due to the reduction of cross- 
sectional area in tests at constant load, the view has sometimes been 
put forward that it is always due to this cause. Sometimes, however, 
in soft, low melting-point materials, such as lead, it is associated with 
recrystallization; and sometimes, especially in highly creep-resistant 
materials at high temperatures and at slow strain rates, it is due to the 
formation of cracks at the crystal boundaries. 

Faulty interpretation of the literature on creep, and disagreements 
between different groups of workers in this field, have not uncommonly 
been due to a failure to realize that processes occurring in one metal 
under a particular combination of strain rate and temperature may be 
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different from those occurring in another metal. or even in the same 
one at a different temperature or strain rate, although the general 
shape of the creep curve may not reflect the difference in any obvious 


way. 

There is a natural tendency for academic investigators to work with 
very pure materials, and to increase the frequency of observations 
by working at fairly rapid strain rates. A very large proportion of 
fundamental work on creep has been carried out on pure aluminium, 
and at strain rates of the order of several per cent per 100 hours. Indus- 
trial alloys in service may be required to withstand stress for periods 
as long as 100,000 hours with a deformation less than 0-1 per cent. 
This represents a mean rate of strain slower by a factor of 10* than that 
mentioned above. Observations at these slow rates of strain are difficult 
to make, and involve tying up expensive equipment for very long periods 
of time. Obviously, therefore, an attempt must be made to predict, 
from observations in short time tests, how decreasing the strain rate 
will affect the processes of deformation. Only when these processes are 
clarified will it be possible to develop creep-resistant alloys by any 
process other than the empirical but well-tried method of intelligent 
trial and error. 

It is proposed to survey the developments of the last few years in 
knowledge of creep phenomena under three heads: 

(1) To discuss experimental observations on the structural changes 
accompanying creep in metals. 

(2) To discuss to what extent theoretical work on deformation 
processes satisfactorily accounts for the experimental observations. 

(3) To discuss the application of existing know ledge to the develop- 
ment of creep-resistant alloys. 


EXPERIMENTAL OBSERVATIONS OF STRUCTURAL CHANGES IN 
METALS DURING CREEP 


The study of structural changes accompanying slow deformation was 
pioneered by the work of Hanson and WuHeecer™ and Jenkrys and 
Me.ior.” The former observed the changes of microstructure which 
occurred on the surface of single crystals and of polycrystalline speci 
mens of aluminium of commercial purity, when they were allowed to 
creep under constant load at different temperatures up to 250°C. The 
latter made similar observations at high temperatures on polycrystal.- 
line specimens of iron and of mild steel creeping under constant load 
in a vacuum. 

In Hanson and WHEELER’s experiments the stresses were so chosen 
that creep deformations of the order of 10 per cent were achieved in 
periods of 100-1000 hours. The most striking effect which they 
observed was that the temperature at which the test was conducted 


138 


| 
; 
| 
<a 
| 
| 
| 
* 
| 
7 


THE PROCESS OF CREEP IN METALS 


had a marked influence on the microstructural changes which accom- 
panied creep. Polycrystalline specimens at low temperatures, and 
single-crystal specimens at all temperatures within the range investi- 
gated (up to 250°C), exhibited coarse slip bands, the number of which 
increased as creep proceeded. Fracture, when it occurred, was by 
“necking” and was transcrystalline. At temperatures above 150°C, 
however, polycrystalline specimens showed few slip bands, and the 
most obvious microstructural change was in the appearance of the 
crystal boundaries, which became very broad with evidence of much 
relative movement between adjacent crystals, especially across boun- 
daries which were transverse to the applied stress. At late stages of 
creep, cracks were formed at these transverse boundaries; and fracture, 
when it occurred, was intercrystalline. Hanson and WHEELER noted 
that, in the early stages of creep, the deformation of individual crystals 
corresponded with the deformation of the specimen as a whole, and 
they termed the process by which this deformation occurred “‘slipless 
flow.” 

The importance of grain boundary effects at high temperatures was 
confirmed by Jenkins and Metitor. The grain boundaries of iron and 
steel specimens were modified as creep proceeded, and cracks were 
formed at the boundaries leading to intercrystalline failures. In con- 
trast, at relatively low temperatures slip bands were seen and failure 
occurred by necking. 

Similar features were noted by Crussarp,”’ who studied the creep 
of a number of pure metals, and who associated coarse slip with 
deformation at low temperatures, and intercrystalline movements with 
deformation at high temperatures. 

In recent years the relationship between structural changes on the 
one hand, and strain rate and temperature on the other, has been the 
subject of many detailed investigations which have considerably 
clarified the mode of deformation during creep. Noteworthy among 
these investigations have been those of Woop, Crussarp, McLean 
and Grant and their collaborators. 


THe OBSERVATIONS OF Woop AND HIS COLLABORATORS 


The later investigations of Woop appear to stem from an observation 
by Woop and Tapse..,'® who examined by X-rays samples of poly- 
crystalline aluminium strained at 300°C to an extension of 0-9 per cent 
at a fast rate (in 2 min.) and at a slow rate (in 50 min.). At the fast 
rate, the initial pattern of sharp diffraction spots was converted into a 
pattern of continuous rings. At the slow rate of deformation the 
diffraction spots remained relatively sharp, indicating that during 
creep much less general disordering of the structure occurred than during 
fast deformation producing the same total strain. 
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Since 1948 Woop and his co-workers in Australia, using X-ray and 
metallographic techniques of examination, have made notable contri- 
butions to knowledge of the structural changes accompanying the slow 
deformation of certain pure metals and alloys. The term slow deforma- 
tion instead of creep is used advisedly, since many of Woon’s observa- 
tions relate to conditions in which the specimens were examined 
during deformation at a constant rate, whereas in creep tests as normally 
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3000 


ELONGATION 
Fig. 3. Variation with time of stress required to maintain creep rate of 
0-1 per cent per hour for aluminium of 99-98 per cent purity at temper- 
atures from 20 to 300°C. (After W. A. Woop and W. A. RacHINGER"*’) 


conducted at a constant stress or a constant load the deformation rate 
varies throughout the test in the manner illustrated by the curves of 
Fig. 1. In Woon’s work the stress required to maintain a constant rate 
of extension varied as the test proceeded, and the variation of stress 
with elongation, as illustrated by Fig. 3, provides an assessment of the 
variation of creep resistance with time. The examples given in this 
figure relate to the extension of aluminium of 99-98 per cent purity 
strained at a constant rate of 0-1 per cent per hour, at temperatures of 
20°C and 300°C and at intermediate temperatures. 


“Cell” Formation 


In his first study with Witms,"’ Woop observed the variation in 
surface structure, as revealed by x-ray back-reflection photographs 
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and microscopical examination, of high purity polycrystalline alumi- 
nium strips extended at fast and at slow rates at temperatures up to 
300°C. The results are typified by Figs. 4-7. In the initial condition 
the specimens, which had a uniform grain size of approximately 
0-2 mm, gave a spotty x-ray diffraction pattern of which Fig. 4 is 
typical. Fast straining at rates of several per cent in a few minutes or 
hours at all temperatures up to 300°C caused a spreading out of the 
diffractions into more or less continuous arcs, as shown in Fig. 5, and 
the surface of the specimen exhibited clearly visible evidence of defor- 
mation in the form of slip bands, as shown in Fig. 6. Deformation at a 
slow rate (0-01 per cent per hour) at temperatures of 250°C or 300°C, 
however, produced quite different effects. The x-ray diffraction spots, 
even after elongations as great as 10-15 per cent, were not spread out 
into continuous arcs, but each of the individual diffraction spots split 
into a group of spots indicative of the breakdown of the crystals during 
deformation into smaller, relatively perfect, units of closely similar 
orientation. These sub-units, or ‘‘cells,”’ as Woop prefers to call them, 
were visible under the microscope, as is shown by Fig. 7. When ‘‘cell’’ 
formation occurred, no visible slip was detected. Wi_Lms and Woop 
identified the type of deformation associated with the formation of 
cells with the “‘slipless” flow of Hanson and WHEELER. In discussion 
of the paper by Wi_ms and Woop, Crussarp‘*) drew attention to the 
fact that he had noted similar fragmentation of crystal grains) to 
form subgrains during the creep of aluminium and that it had pre- 
viously been noted in steel by Homes®® and by JENKINS and MELLOoR.“ 
During the same discussion several contributors speculated on the 
relation between the ‘‘cells’”” observed by Wi_ms and Woop and the 
phenomenon of “‘subgrain” formation or “‘polygonization” identified 
by LacomBe and his co-workers" “* in aluminium, and in zine by 
Cann.“ The formation, within each parent grain, of relatively per- 
fect units differing in orientation by only a fraction of a degree was 
observed by these investigators as the first stage in the recovery of 
cold-worked specimens. Contrary to the majority opinion, Woop has 
maintained that this is essentially a different process from the ‘‘cell” 
formation observed during creep. His views are discussed more fully 
below. 

Woop and Racurncer™ studied in more detail the way in which 
the mode of deformation altered with temperature for a given rate of 
strain. Their results are illustrated by Figs. 8-11, which show the 
changes of structure observed during the extension of aluminium at a 
constant rate of 0-1 per cent extension per hour at temperatures of 
250, 200, 150 and 20°C respectively. At temperatures of 250°C and 
above no trace of slip was seen and the deformation was accompanied 
only by the formation of subgrains and movements of crystals relative 
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to each other at crystal boundaries. At 200°C, however, slip lines were 
seen in occasional grains. The slip lines were thick, irregular and widely 
spaced. At lower temperatures slip became much more general and 
the slip lines sharper and more closely spaced. It was noted, however, 
that the x-ray patterns showed that, as the temperature of deformation 
was reduced, there was only a refinement in the size of the cells, and 
no sudden change from spots to continuous ares corresponding to the 
first visual indication of slip at about 200°C. This may be seen from a 
comparison between Figs. 12 and 13 which show the x-ray patterns 
from specimens strained at 250°C and 110°C respectively. Woop and 
RACHINGER concluded from these observations that deformation is 
associated with the formation of a substructure at each temperature, 
but that the size of the substructural units was, for a given strain rate, 
a function of the test temperature only. The appearance of slip was to 
be associated with a reduction in the elements of the substructure to a 
size less than a critical value, the boundaries of the elements then being 
defined by the distance between slip lines. The size of the substructure, 
according to Wood, thus determines the creep strength; and the 
establishment of an equilibrium substructure, the size of which is 
determined by the temperature and the rate of strain, is the condition 
for steady secondary creep. 

In slightly later work Woop and Scrurron) observed the changes 
taking place in aluminium specimens during the primary stage of creep 
at 250-300°C. In this work their tests were carried out at constant 
load so that the creep curves were conventional in form. They found 
that, at high rates of strain, the lattice was initially disordered by the 
deformation but that this disordering was followed by the establish- 
ment of the equilibrium substructure. At low rates of strain they could 
not detect any initial disordering, which is shown by a drawing out of 
the x-ray diffraction spots into short arcs. They suggested, therefore, 
that at low strain rates the crystals broke down directly to the equili- 
brium substructure without intermediate disordering. They also 
demonstrated that the substructure was established much more quickly 
and completely during creep than in a specimen strained by the same 
amount at room temperature and then annealed at the creep tempera- 
ture. Woop and Scruton interpreted their observations as indicating 
that two opposing mechanisms occurred during primary creep. They 
termed the first, in which initial disordering is removed on continuing 
deformation to reveal the substructure, as the “two-stage recovery”’ 
mechanism and suggested that this was associated with progressive 
softening of the metal. The second mechanism termed the “‘cell”’ 
mechanism was predominant at slow creep rates and was one in which 
the dissociation of the grain proceeded without intermediate disordering. 
This was said to be associated with progressive hardening throughout 
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Fig. 4. Back reflection X-ray photograph of annealed aluminium 
(99-98 per cent purity) before straining. (W. A. Woop and G. R. 


Fig. 5. Back reflection X-ray photograph after straining to 9-6 per cent 
extension in 74 min, at 250°C. (W. A. Woop and G. R. Witms'’)) 
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Fig. 6. Photomicrograph | 100) of surface of specimen corres- 
ponding to Fig. 5. (W. A. Woop and G. R. Woims'’’) 


Fig. 7. Appearance of “cells” in grains after 10 per cent extension at 
0O-Ol per cent per hour at 250 C. Oblique illumination (* 100). 
(W. A. Woop and G. R. Wiis") 
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Fig. 8. Surface appearance of specimen after 9 per cent extension at 
0-1 per cent per hour at 250°C (« 100). (W. A. Woop and W. A. 
RACHINGER'")) 


9%. Surface appearance of specimen after 9 per cent extension at 
yer cent per hour at 200°C (= 100). (W. A. Woop and W. A. 
RACHINGER"*) 
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Surface appearance of speci Fig. 11. Surface appearance of speci 

men alter S per cent extension at 0 l men after 0 per cent extension at 0 
per cent per hour at ¢ lim per cent per hour at 20 | 
W. A. Woon and W. A. W. A. Woop and W. A. Racningrr'™ 


X-ray back reflection photograph corresponding to Fig. 8. 
W. A. Woop and A. 


om 
TOT, 
a 
| 
: 


Fig. 13. X-ray back reflection photo Fig. 14. X-ray back reflection photo 
graph of specimen after 8 per cent graph of aluminium before extension at 
extension at (1 per cent per hour at s50°C. (W. A. Woop, G. R. Wrums and 
110 Cc 100), (W. A. Woop and W. A. 

W. A. Racnincer'™ 


Fig. 15. X-ray back reflection photograph of identical area after 3 per 
cent extension at 0-01 per cent per hour at 350°C. (W. A. Woon, G. R. 
Witms and W. A. 
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Figs. 16 and 17. Photomicrographs | 100) corresponding to Figs. 14 and 15 
respectively. (W. A. Woop, G. and W. A. Racnincer'’) 
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Fig. 18. Photomicrograph (™» 1500) of tin-5 per cent antimony alloy 

showing grain boundary movements at intersection of three grain boun- 

daries CX. CY, CZ at C and shear band AC due to shear along boundary 
CZ. (W. BerrerrpGe and A. W. FRANKLIN?) 
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Fig. 19. Photomicrograph of aluminium ( « 800) showing stages in the 
migration of a grain boundary during creep. (G. Wyon and C. 


Fig. 20. Surface appearance of aluminium specimen after 47 per cent 
elongation in S853hr at 200°C. Normal illumination (™ 150). 
(D. McLean‘) 


As Fig. 20 but after polishing flat and anodically oxidizing. 
Polarized light | 150). (D. McLean) 
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Fig. 22. Photomicrograph showing interaction between grain boun- 
daries and slip bands in aluminium specimen after 7-1 per cent extension 
in creep at 200° © ( 1500). (D. MeLean*?) 
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the primary stage of creep. In practice the primary creep stage was the 
resultant of these two mechanisms. The discussion of Woop and 
SCRUTTON’s paper revealed a considerable amount of scepticism about 
the authors’ interpretation of their results. In particular it was doubted 
whether the x-ray method was sufficiently sensitive to justify the 
authors’ claim that the substructure could form directly without some 
initial disordering of the structure. Consequently, some commentators 
considered that the authors’ hypothesis of two distinct mechanisms 
was not adequately based on experimental facts. 

Woop, and Racuincer"® extended their observations to 
slower rates of strain than had been included in earlier work. They 
confirmed that, as the strain rate decreased, the size of the units of the 
substructure increased, and they found that if the strain rate was slow 
enough the crystal grains did not subdivide at all. Figs. 14-17 illus- 
trate these results. Figs. 14 and 15 are x-ray back reflection photo- 
graphs of aluminium before and after 3 per cent extension at a constant 
strain rate of 0-01 per cent per hour at 350°C. The doublets of spots 
indicated by the arrows are spots due to the diffractions of Ka, and Ka, 
radiation from individual crystals. Their persistence as sharp spots 
after the deformation indicates the preservation of perfection of the 
crystals. The corresponding photo-micrographs are shown in Figs. 16 
and 17. No slip lines or substructure are visible after deformation, but 
it is obvious that the grains as such have moved as units relatively to 
each other. This is indicated by the apparent thickening of the boun- 
daries, where evidence of relative movement and also of grain boundary 
migration is clearly seen. 

The evidence presented above led Woop and his colleagues to postu- 
late that the completion of the primary creep stage marked the 
attainment of substructural equilibrium. The size of the substructural 
units was determined by the temperature and the initial rate of strain 
(and consequently the stress). Large cells are favoured by high temp- 
eratures and slow rates of strain, and in the limit the size of the cells 
becomes equal to that of the individual crystals, so that the crystals 
show no signs of subdivision but move relatively to each other as creep 
proceeds. RaCHINGER"” extended this concept by studying the internal 
derangement during slow deformation at elevated temperatures of 
aluminium specimens of various crystal sizes. He found no variation 
of absolute cell dimensions with grain size. Naturally, therefore, the 
cell size would be expected to become equal to the grain size at lower 
temperatures and at higher strain rates for fine grained than for coarse 
grained specimens. Deformation by relative movements of grains thus 
occurs at lower temperatures and at higher strain rates for fine grained 
than for coarse grained specimens. 

Further information presented by Woop and Suirer"*) strengthened 
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the evidence that the cell size was a function of strain rate and tempera- 
ture. Aluminium specimens were prestrained to produce a certain 
degree of crystalline derangement at various temperatures. They were 
then strained at slow rates at a more elevated temperature than that 
at which the pre-straining was performed. As the straining proceeded, 
the cell size increased to the size typical of the final strain rate and 
temperature. Woop and Surrer further showed that the recovery to 
the equilibrium substructure occurred very much more rapidly in 
specimens which were slowly strained than in specimens which were 
merely subjected to the same temperature in an unstressed condition 
after pre-straining. Wood terms the process occurring during creep 
“stress recovery” and claims that it is essentially a different process 
from that normally described as “polygonization,”’ in which substructures 
are formed during the recovery of strained metals under the influence 
of temperature alone. 

The formation of “cells” during creep has been studied for other 
pure metals besides aluminium, in zinc by Ramsey“ and in magnesium 
by Surrer and Woop.’ For zine at low temperatures and high rates 
of strain, deformation occurred by twinning as well as by slip. “Kinks” 
of the type observed by JmLtson®" and deformation bands running 
across the slip lines were also encountered. At temperatures of 100°C 
and above, slip still took place in most of the grains and, unlike 
aluminium, the spacing of the slip lines did not vary with the tempera- 
ture. In addition a cellular structure was also observed in a large 
number of grains, and where slip and cell formation occurred in the 
same grains the slip lines were continuous across the cell boundaries 
and were straight or deviated only slightly. Observations during slow 
deformation showed that generally slip occurred in the early stages of 
the test and cell formation later. 

Magnesium, a hexagonal metal like zinc, showed certain differences 
in behaviour. Deformation at room temperature was almost entirely 
by twinning. At 100-150°C, slow deformation was accompanied by 
slip and, at 200°C and above, ‘cell’ formation was observed. Unlike 
aluminium, however, the regions adjacent to the grain boundaries, 
during slow deformation at high temperatures, showed much more 
localized deformation, and X-ray patterns could be interpreted as 
indicating that these regions contained a debris of fine crystallites such 
as might result from relative movements of grains under such conditions 
that grain boundary flow occurs only with some difficulty. 

While cell formation is shown by the above evidence to be a charac- 
teristic feature of the early stages of slow deformation at high tempera- 
tures for the pure metals aluminium, zinc and magnesium, it is of less 
importance in other metals and alloys. Girkins™ and GREENOUGH 
and Smirx“* could find no evidence of ‘‘cells’’ accompanying the creep 
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of pure lead. Deformation proceeded largely by the relative movements 
of crystals and there was a considerable inhomogeneous deformation 
of the grains and grain boundary migration accompanying creep. 
Similar observations were reported by Cor) for a lead-tellurium alloy. 

GREENOUGH and Smrru,‘** while confirming Woon’s results for high 
purity aluminium, could find no “‘cell’’ formation during the creep of 
aluminium of commercial purity. On the other hand, BerrertpGE and 
FRANKLIN™) found evidence of cell formation in a tin-antimony alloy 
containing 5 per cent antimony. 


Grain Boundary Movements 


Movements localized at and near the grain boundaries are a distinctive 
feature of many creep processes in metals. The relative movement of 
neighbouring grains was noted at an early stage in the study of creep 
phenomena, as also was the fact that fracture during creep was 
commonly intercrystalline in character, although the fracture in tensile 
tests at the same temperature was predominantly transcrystalline. 
Grain boundary displacements are usually associated with deformation 
at low rates of strain and at high temperatures. Racuincer® has 
made a careful and valuable study of the importance of grain boundary 
movement during the deformation of pure aluminium. His specimens 
were recrystallized to give a fine, uniform grain size and stabilized by 
annealing at 400°C for 15 hours. Specimens were then extended to 
about 50 per cent elongation at various temperatures from 20 to 350°C 
at either a low rate of 0-1 per cent elongation per hour or a fast rate of 
10 per cent elongation per min. The specimens were then sectioned to 
half their thickness and polished, and grain counts were made in 
directions parallel with and perpendicular to the axis of tensile 
stressing. In this way RACHINGER was able to compare the mean 
elongation suffered by each grain (e,) with the overall longitudinal 
strain (e,). He was also able to determine whether any non-directional 
growth of the grains, such as would result from recrystallization, had 
occurred, The results are summarized in Table 1, which gives for each 
test the values of e, and e, and of the ratio e,/e,. K is a linear factor 
expressing the grain growth. A value of unity for K indicates that no 
change of average grain size occurred during the course of the test. 

An examination of the values of K in Table | shows that except dur- 
ing slow straining at 350°C there was no significant change in the average 
grain size during the test; i.e. the results were uncomplicated by the 
effects of grain growth or recrystallization. During fast straining at 
20°C and at 350°C, and during slow straining at temperatures up to and 
including 200°C, the strain suffered by each individual grain was the 
same as the overall strain e,, the ratio e,/e, being unity within the limits 
of experimental error. At 250°C and above however, the results were 
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strikingly different. The strain of individual grains e, was very small 
by comparison with the overall strain of the specimen. The conclusion 
is therefore reached that, in spite of the fact that the overall deformation 
of the specimen was as high as 50 per cent, the grains remained 
equiaxed and the external deformation was due almost entirely to the 


relative movements of the grains. 


TABLE 1 


Values of ¢,, ¢, and A for Tests on Pure Aluminium Specimens. 


(After W. A. 


Temp. Strain j K 


rate 


0-54 0-06 1-04 o-12 0-05 


100 0-53 47 0-06 oll 1-4 0-04 
200 O37 0-06 OSS O14 0-06 
250 O48 OOS 0-06 0-13 1-10 0-07 
300 ‘ 47 0-06 0-06 O13 + O18 1-16 0-06 
350 0-51 0-08 0-06 o-12 1-52 + 0-08 
20 Rapid 0-06 1-12 o-12 1-08 0-06 


+ O06 Ose O10 


RACHINGER also made measurements at the surface of the specimen 
and at points intermediate between the surface and centre. At the 
surface, the deformation of the individual grains conformed much more 
closely to that of the specimen as a whole as may be judged from the 


values presented in Table 2. These relate to a specimen strained 
0-50) at O-l per cent per hour at 300°C, 


50 per cent (e, 


TABLE 2 


Variation of Mechaniam of Deformation with Depth Below the Surface of 
Pure Aluminium Specimen at 300°C. (After W. A. Racuincer™*) 


Depth helow 


asuriace (im 


Osi 1-08 


0-001 


These results show that, for an overall specimen deformation of 50 per 
cent, the individual grain deformation varied from about 30 per cent 
at the surface to only 5 per cent at a depth 0-010 in. below the surface, 
the latter value being typical of the interior of the specimen. The 
thickness of 0-010 in. represented only about two grains. These re- 
sults of RacHINGER emphasize the very important point that there is 
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considerable danger in interpreting observations which are made at the 
surface as being characteristic of the specimen as a whole. 

Even more importantly, these results show that, at high temperatures 
and at low rates of strain, movements localized at and near grain 
boundaries are of extreme importance in determining the rate of creep. 
How such highly localized movements can take place is discussed more 
fully below. 

THE OBSERVATIONS OF CRUSSARD 
Experiments described by Wyon and Crussarp? have yielded 
further information about the mode of deformation of aluminium during 
creep. This work was carried out on aluminium of 99-99 per cent 
purity. Creep tests were made at temperatures up to 600°C and for 
times ranging from a few hours to about 200 hours, the extension due 
to creep being 3-8 per cent. 

In the first place Wyon and Crussarp showed that the process of 
cell formation (or polygonization) could be reversible at high tempera- 
tures. A specimen non-uniformly supported and allowed to creep by 
bending at 620°C showed cell boundaries when the surface strain was 
about 0-05 per cent. If the specimen was then turned over and allowed 
to creep until the strain became zero again, the cell boundaries disap- 
peared and the crystals were then again perfect. The cell boundaries 
were however much more permanent at lower temperatures, and Wyon 
and CRUSSARD made creep tests at 300°C and 250°C on specimens with 
and without pre-existing cell boundaries. If the crystals contained cell 
boundaries, creep was usually accompanied by slip bands, but test 
pieces with perfect grains creeping under a light load did not exhibit 
slip bands. Instead, the grains showed kink bands. These often started 
from triple points between grains where the deformation of the grain 
could not be homogeneous and had to be affected by relative movements 
between grains. Similar bands have been observed by BETTERIDGE 
and FRANKLIN™®) in a tin-antimony alloy. A typical example is shown 
in Fig. 18. The boundaries CX, CY and CZ originally met at C; but as 
a consequence of creep causing a shear movement in the boundary Z 
a displacement can be observed at C, and a pronounced kink or shear 
band runs into the adjacent grain at A. 

Wyow and Crussarp found that some grains could exhibit only 
irregular kink bands, while in others more regular outlines occurred 
corresponding to Woon’s “‘cells.”’ 

Features localized at the grain boundaries were observed in tests at 
slow creep rates at 310°C. Relative movements of the grains occurred 
and this often led to the initiation of slip in a neighbouring grain, 
starting from the triple point. Grain boundary migration was also 
observed. Sometimes this took place in discontinuous steps, as is 
revealed by Fig. 19. 
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THe OBSERVATIONS OF McLEAN 


The observations which have been made by McLean constitute an 
extremely valuable contribution to our knowledge of the processes 
occurring during slow deformation. He‘) has attempted, with some 
success, to determine quantitatively the contributions to the total 
deformation of the processes of slip and grain boundary displacement 
under specific experimental conditions. 

McLean's work was carried out on electropolished strips of super- 
purity aluminium under a constant load of } ton/in.* at 200°C, and his 
test was continued to fracture, which occurred at 65 per cent elongation 
in 850 hr. The specimen was recrystallized to a stable grain size 
before test. The original boundaries, of which traces persisted after 
recrystallization, served as convenient marker lines for measuring local 
displacements during subsequent creep. McLean's metallographic 
observations of the changes during creep confirmed and extended the 
observations of Wyon and Crussarp. Coarse slip occurred during the 
primary stage of creep and this was followed, as creep proceeded, by 
localized banding or folding in directions at right angles to the slip 
bands, and by the development of cells or polygonization. The poly- 
gonization boundaries can be revealed by throwing the microscope 
slightly out of focus or by anodically filming the surface and examining 
it under polarized light. Figs. 20 and 21 show the surface appearance 
under normal microscopical examination and in polarized light 
after anodic oxidation respectively of a specimen after 47 per cent 
elongation in 853 hr. The microscope shows the coarse slip bands 
(running from top left to bottom right), and the polygonization folds 
(the dark lines roughly at right angles to the coarse slip bands). Fig. 21 
shows the polygonized cells, and it will be noted that these tend to 
occur in bands parallel to the polygonization folds. Polygonization 
therefore, in McLean's view, causes prominent sub-boundaries, of 
comparatively large lattice tilt, to form at right angles to the slip 
bands, and thence to form a network of boundaries of smaller lattice 
tilt in more or less accidental positions between these bands. 

McLean also showed that slip did not occur uniformly along a slip 
band. This is clearly shown by Fig. 22. In this a grain boundary runs 
along AA. BBB is a marker line resulting from the earlier crystalliza- 
tion referred to above. The slip bands are clearly seen and there is a 
considerable shear displacement across the slip bands at the position 
of the marker lines, but there is no corresponding displacement at the 
boundaries. Indeed the central slip band of the group of three does not 
appear to have reached the boundary. The shear displacement along 
the boundary may also be remarked. 

By careful measurements of the displacement at slip bands and at 
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grain boundaries at the specimen surface, MCLEAN was able to calculate 
the contributions which both made to the creep at various stages of 
the creep curve. The results are illustrated in Fig. 23, which shows the 
total creep excluding the necked portion (Curve b), the creep due to 
coarse slip (Curve d) and the creep due to grain boundary displacement 
(Curve e). The difference between (b) and the sum of (d) and (e) is 
shown as Curve (c) and represents ‘“‘missing”’ creep, i.e. creep due 
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Fig. 23. Curves showing total creep and contributions of various 
processes to the total creep for aluminium specimen at 0-5 ton/in,* at 
200°C. (D. McLean *?) 


neither to grain boundary movements nor to movement in coarse slip 
bands. This missing creep accounted for roughly half the total extension. 

It was found that this missing creep could be accounted for satis- 
factorily by fine slip occurring between the main slip bands. This fine 
slip is extremely difficult to detect and it undoubtedly accounts for 
many observations previously described as “‘slipless’’ flow, as for 
example by Hanson and WHEELER.” Fig. 24 shows the appearance 
of a specimen after 13-5 per cent extension, and should be compared 
with Fig. 22 which shows the same field after 7-1 per cent extension. 
The change in angle between the marker lines BB and the slip bands, 
in the time which has elapsed between the two photographs, can only 
be accounted for by shear in the spaces between the bands. Very fine 
slip could be detected at an early stage in the creep test in specimens of 
large crystal size examined by a phase contrast microscope. Fig. 25 
shows a phase contrast micrograph at a magnification of 1500 of a 
sample after 0-9 per cent extension, clearly showing the existence of 
very fine cross slip. From pairs of micrographs such as Figs. 22 and 24, 
McLean was able to calculate the shear due to fine slip between the slip 
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bands. This proved to be of the same magnitude as the missing creep. 
Estimates could also be made, at later stages of the creep process, of 
the extension associated with polygonization, which could be calculated 
from measurements of the angle of bend of slip bands at the sub- 
boundaries. This also agreed in order of magnitude with the missing 
slip. 

McLean's conception of the creep process is thus that it could be 
entirely accounted for by coarse slip, fine slip and grain boundary 
displacement. Coarse slip occurred largely during the primary stage 
of creep, while polygonization was to be associated principally with 
the second stage of creep. Under the conditions of his experiment, viz. 
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Fig. 26. Curves against time for total creep and creep due to prominent 
slip bands in an aluminium specimen with 4-5 grains/mm at 0-33 tons/in.* 
at 200°C. (D. McLean*?) 


relatively fast strain at 200°C, grain boundary displacement made only 
a minor contribution to creep. In view of RacHINGER’s results, discussed 
above, it would be unwise to assume that the relative contributions of 
coarse and fine slip and grain boundary displacement would be the 
same in the interior of the specimen. 

The relation between coarse and fine slip was studied later in more 
detail by Mciean.@* His experiments were again confined to a 
temperature of 200°C. He studied the contributions to the total 
deformation of coarse and of fine slip during the creep of super-pure 
aluminium specimens varying in grain size from 1 to 9-25 grains/mm 
at relatively slow and fast rates of creep produced by loads of from 
0-33 to 0-75 tons/in.*. The coarse slip occurred in bands of about 
3 u displacement spaced, on the average, about 30 ~ apart, while the 
fine slip corresponded to displacements of 50-500 A spaced less than 
14 apart. As the grain size or the stress was increased the number of 
coarse slip bands and the mean displacement of the bands increased. 
This is illustrated by Figs. 26 and 27, which show the total creep and 
the creep due to prominent slip bands in (a) a specimen with 
4-5 grains/mm stressed at 0-33 tons/in.?, and (b) a specimen with 
1 grain/mm stressed at 0-5 tons/in.2 The deformation in prominent 
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Fig. 24. As Fig. 22 but after 13-5 per cent extension. (D. McLean'**?) 
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slip bands represents an obviously greater proportion of the total in 
the latter case. In no case, however, did the coarse slip account for 
more than half the total strain, and it was usually much less. 

McLean concluded, from microstructural observations, that coarse 
and fine slip differed only in degree, the prominent slip bands being 
merely lamellar regions where the general fine slip had occurred to an 
unusually large extent. Again, under the conditions of his experiments, 
grain boundary movements made only a minor contribution to the 
total creep. 

McLean has also studied in some detail the contribution which is 
made to creep by relative movements at grain boundaries. Working 
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Fig. 27. Curves against time for total creep and creep due to prominent 
slip bands in an aluminium specimen with 1 grain/mm at 0-5 tons/in.? at 
200°C. (D. McLean'®®?) 


with super-pure aluminium at 200°C with a range of grain size from 
1-9} grains/mm and of stress from 4 to } tons/in.*, he showed that 
a plot of grain boundary displacement against the extension due to 
crystal deformation was linear for all the specimens which he examined. 
Subsequently McLean” has shown a similar relationship in aluminium 
at temperatures up to 400°C and in copper at 400°C, and McLean and 
FarMeR™) have reported similar results for aluminium-copper, 
aluminium-magnesium and aluminium-zine alloys. Fig. 28 illustrates 
McLean’s results for copper. The actual ratio of grain boundary 
displacement to crystal deformation depends on the conditions of the 
test increasing with increasing temperature and with decreasing grain 
size and stress. McLean has argued that this linear relationship is due 
to an interaction between the deformation of the grains and sliding at 
the grain boundaries. He dismisses the possibility that a linear 
relationship between these quantities is a consequence of the main- 
tenance of continuity of the material, and points out that shear on the 
slip planes becomes more difficult during primary creep since grain 
hardening occurs during this stage. If therefore the ratio between grain 
deformation and grain boundary sliding is to remain constant, shear 
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at the grain boundaries must become more difficult to exactly the same 
extent. McLean considers this to be unlikely over the whole range of 
conditions for which the linear relation is observed because the 
properties of grain boundaries are so different from those of slip planes. 

Instead, McLean advances an alternative hypothesis that grain 
boundary sliding occurs only to the extent necessary to accommodate 
lattice bending due to polygonization. Calculation based on this 
model predicts that the ratio between the subcrystal diameter and the 
ratio (grain boundary sliding/crystal deformation) should be unity. 


~ 


DISPLACEMENT 


MEAN CRAIN BOUN 


° 
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Fig. 28. Relation between grain boundary sliding and elongation for 
oxygen-free, high conductivity copper during creep at 400°C at an 


initial stress of 1-3 ton/in.*? McLean!) 


McLean actually found that, in conditions in which it was possible to 
measure the subcrystal diameter, this prediction was approximately 
fulfilled, the actual variation of the ratio being between 0-53 and 1-58 
over a range of experimental conditions covering a grain size variation 
of 10:1, a temperature variation from 200-400°C, and a creep rate 
variation of 167:1. He noted, however, that the ratio was consistently 
low at high temperatures, implying some change with temperature of 
his postulated interaction between crystal slip and grain boundary 
sliding. 

It is difficult to reconcile McLean's hypothesis with RacHIncER’s 
observations discussed above, which show that, in the interior of a 
creeping specimen, deformation proceeds almost entirely by relative 
movements of grains. All McLean’s observations relate to the speci- 
men surface and he admits that this may give misleading results, but he 
considers his conclusions to be justified on the basis that a consistent 
relation between boundary displacement and specimen extension 
seems hardly likely if thie former merely represents a skin effect. 
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Finally McLean has made interesting observations on sub-grain 
formation during the creep of aluminium which amplify the observa- 
tions of Woop and his associates, CkUssSARD, GREENOUGH and Smits and 
others. A study was made during the creep of specimens having grain 
sizes of 1 and 9} grains/mm at 200°C under stresses varying from 
4 to } ton/in.* leading to extensions of up to 50 per cent. During the 
primary stage of creep, subcrystals could not be detected. These 
developed during secondary creep and took the form of relatively 
perfect areas with different orientations. The difference in orientation 
increased progressively as creep proceeded. 

At first no displacement along the subcrystal boundaries was noted, 
but this became perceptible after one or two hundred hours of creep 
and eventually some slight migration of the subcrystal boundaries was 
detected. 

The size of the subcrystals did not vary appreciably with the grain 
size, but, in agreement with Woop’s observations, they decreased in 
size as the rate of strain was decreased. The rate at which they formed 
increased as the rate of strain was increased, e.g. they were detectable 
by X-rays after 5 hr at 0-75 ton/in®., but were not after 118} hr at 
0-33 ton/in.* 

McLean's interpretation of the experimental facts differs essentially 
from that of Woop. According to Woop the progress of creep consists 
of the rapid establishment during the primary stage of creep of an 
equilibrium “substructure,” the size of which is determined by the 
strain rate and temperature and which, in its turn, determines the rate 
of steady state creep which occurs by “boundary flow,” i.e. flow at the 
grain and substructural boundaries. McLEAN envisages coarse and 
fine slip processes in primary creep, leading to ‘‘polygonization”’ folds 
or “kink” bands between which subcrystals form by the diffusion of 
dislocations during the stage of steady-state creep. Creep continues by 
fine slip, and the continuing movement of dislocations to subcrystal 
boundaries leads to a progressive change of orientation between 
subcrystal boundaries as creep proceeds. 

McLean has made a quantitative assessment of the amount of creep 
which would result from the relative tilt of suberystals. The average 
difference of orientation between neighbouring subcrystals was calcu- 
lated from measurements made over the whole cross-section of the 
specimen. It can readily be shown that, if 6 is the average tilt in 
radians across a sub-boundary, and if (as was found in practice) the slip 
bands occur at approximately 45° to the axis of the specimen, then the 
elongation in per cent associated with the movement of a sufficient 
number of dislocations to produce the tilt 6 across the sub-boundary is 
given to a first approximation by the simple expression 

E per cent = 100 6 
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To avoid any possibility of misunderstanding, it must be stressed 
that the tilt referred to is that between adjacent bands of subcrystals, 
and not between adjacent subcrystals in a band. The bands of sub- 
crystals (see for example in Fig. 21) are visualized as being formed by 
polygonization within or between a deformation band which develops 
at approximately right angles to a slip system. As a consequence of 
polygonization the tilt between subcrystals in adjacent bands may be 
quite considerable, while the difference in orientation between neigh- 
bouring subcrystals in a single band is usually very small (of the order 
of }-1°). The former can be deduced from measurements of the 
change of angle of slip bands on traversing the boundary between 
adjacent bands, or by the examination of an anodised surface under 
polarized light. 

McLean, on this basis, calculated from the above equation, for a 
number of his specimens, the creep to be expected from the measured 
average tilt across sub-boundaries, and compared this with the measured 
creep occurring in the grains, i.e. the total creep minus the creep due to 
grain boundary slip. The results are summarized in Table 3. 


TABLE 3 
Comparison between Calculated and Measured Secondary Creep during 
Creep Tests on Pure Aluminium at 200°C, (McLean) 

(rain size (grains/mm) l 4} 4) 44 4) 4} 
Load (tons/in.*) i j j 
Creep time (hr) ool 1145 11s) 696 5 25 1184 
Grain boundary (8) °, 

creep Os 15 7 1-4 
(A)}(B) % 42-8 23-2 15-5 8-0 28-1 
Calculated creep °, 20-0 15-0 6-2 24-4 7 8-0 27-9 


The agreement between the calculated and measured (A-—B) creep is 
everywhere within 2:1. 

This is considered by McLean to be a satisfactory degree of agree- 
ment in view of the wide scatter in disorientation between neighbouring 
subcrystals, and the consequent difficulty of establishing a reliable 
average value from comparatively few readings. 

Unlike Woop, McLean considers that relative shear movements 
in suberystal boundaries make only a minor contribution to the total 
creep, and conversely that creep due to relative movements of sub- 
crystals makes little contribution to the change in orientation across 
the boundary. It was found, for example, in a fine-grained specimen 
after 901 hours of creep, that the average sub-boundary flow was 
less than 0-2 x 10cm. The average subcrystal diameter was 


154 


wee 
4 
<4 
= 
= 
ey 


THE PROCESS OF CREEP IN METALS 


2-3 x 10-% cm. This flow would therefore lead to an average disorienta- 
tion of the subcrystals of less than 1°, whereas the measured 
disorientation was 16-6°. 

The displacements at sub-boundaries due to relative shear movements 
were always very small, even in comparison with the shear movements 
at the grain boundaries, which themselves did not make a substantial 
contribution to the total creep under the conditions of McLEan’s 
experiments. This is shown by the data given in Table 4. 

TABLE 4 


Comparison of Displacement at Sub-boundaries and Main Grain Boundaries 
during the Creep of Pure Aluminium at 200°C (McLean?) 


Displacement (m4) at: 
Grain Duration 
size of test 
(grains/mm) (hours) Sub-boundaries 


Grain 


boundaries 


94 


The displacement at the grain boundaries was at least 50 times as great 
as that occurring at the sub-boundaries. 


THe Work or KELLY AND GIFKINS 

and have also made observations on high-purity 
aluminium which are complementary to those of McLean. They have 
confirmed that subcrystals are formed from some type of deformation 
band, and their study relates almost entirely to the nature of these 
bands and of the substructure formed within them. Whereas McLEAN 
postulated that the deformation bands form first near a crystal boun- 
dary, as the consequence of a piling up of dislocations, and then 
spread acrosss the grain, KeLLy and GrirkINs suggested that the 
bands develop across the whole grain simultaneously. They supported 
a suggestion made by Gervais, Norton and Grant) referred to 
more fully below, that these bands are kink bands. They also noted 
that bands of substructure vary in width from that of a single sub- 
crystal to a width of 2—4 subcrystals. Confirming MCLEAN’s observa- 
tions they found that, at 200°C and 300°C, polygonization was not 
complete until a deformation of about 20 per cent had been reached. 
The subcrystal size varied over quite a wide range for each set of con- 
ditions of deformation, although the mean subcrystal size, as revealed 
by x-ray evidence, varied systematically with temperature and strain 
rate, as had been noted by previous investigators. 

In zine, the same authors“ showed that subcrystal formation 
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during creep developed in a different way from aluminium and the 
process was much easier to follow metallographically. Surface defor- 
mation during the formation of subcrystals was much less complex. 
Local curvatures and undulations which developed in the early stages 
of creep subsequently changed into the junction of sharp subcrystal 
facets. Further deformation increased the tilt between these facets 
and led to the formation of new curvatures and subcrystals within 
those already present. 


THe WorkK OF GRANT AND HIS COLLABORATORS 


The investigations of Grant and his co-workers have substantially 
increased the sum of knowledge relating to the mode of deformation 
during creep. The formation of substructures during creep is dealt 
with in two papers by Gervais, Norton and Grant’), &®) and three 
by CHANG and Grant. 4, “0 The experimental work was carried 
out on pure aluminium of very large crystal size. The crystal size was 
so large that single crystals occupied the whole cross-section of the 
specimen. This large crystal size had the advantages that x-ray 
examination could easily be related to portions of single grains and that, 
by suitable marking of the surface, it was possible to study the time 
dependence of the deformation at various features of the structure, 
e.g. across slip bands and grain boundaries. A disadvantage of the 
large crystal size however is that some care must be exercised in 
applying the results of this work to a consideration of creep in materials 
of fine crystal size in which the vast majority of crystals have no free 
surfaces, and are consequently subject to restraining forces exercised 
by neighbouring crystals. 

Cuane and Grant concluded that, under the conditions of their 
experiments, the fundamental mode of deformation, at least in the 
early stages of creep, was by slip. Substructures were formed at a later 
stage of the creep process as a consequence of the restriction of slip 
processes. A distinction was drawn between two types of substructure, 
one resulting from kink bands and one from deformation bands. It is 
clearly necessary, in order to appreciate CHANG and GRANT’s arguments, 
to realize the distinction between these two types of inhomogeneous 
deformation. Kink bands were first observed by Orowan® in cad- 
mium and have since been observed in zinc and in aluminium. “*~*® 
Kink bands arise when shear takes place in a definite crystallographic 
direction in the lattice in order to relieve a bending moment. The 
formation of a kink band is illustrated diagrammatically by Fig. 29. 
In Fig. 29a slip is taking place under the action of the vertical stress 
along the slip planes shown. As slip proceeds under the action of this 
stress a transverse bending force is developed which can be relieved 
in one of two ways exemplified by Figs. 29b and c. In Fig. 296 slip 
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has developed on a second set of slip planes so that the specimen shows 
cross slip. In Fig. 29¢ a kink band has developed by a shear movement 
along certain lattice planes. This enables deformation to continue 
along the same slip system. Obviously the angular difference between 
the kink band and the remainder of the crystal will alter as deformation 
proceeds. The crystallography of kink band formation during creep 
in aluminium has been the subject of detailed study by Gervais, 
Norton and Grant. 

During creep it was found that a rather unusual type of kinking 
occurred in regions in which slip was not previously detected. It was 
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Fig. 29. Relief of bending moment Fig. 30. Formation of kink 
caused by slip (a), by cross slip (b) or band caused by bending mo- 
by kink band formation (c). (After ment without previous slip 
A. M. Gervais, J. T. NorTON and and subsequent deformation 
N. J. GRANT?) by slip within the kink band 

only (6). (After A. M. Gmer- 

vais, J. T. NorToN and 

N. J. 


envisaged that this took place under the influence of a bending move- 
ment alone, not sufficient to cause slip as shown in Fig. 30. In Fig. 30) 
the bending movement is accommodated by the formation of a kink 
band and slip subsequently occurred only in this band. A typical case 
of this is illustrated by Fig. 31, which shows kink bands in a specimen 
after creep at 90 psi at 580°C. Slip bands can be seen running right up 
to the left-hand edge of both the prominent kink bands. It is obvious 
also from this figure that because of the large and sudden change of 
orientation at the edge of a kink band, the edge is sharply and clearly 
defined. 

A deformation band differs from a kink band in that it involves 
two active slip systems, and it represents the development of secondary 
slip in one region of the crystal. For this reason it is clearly distinguished 
from a kink band by a much more obvious rumpling of the surface 
and a less clearly defined edge, since the change of orientation at the 
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band edge is appreciably more gradual for a deformation band than for 
a kink band. 

According to CHanG and Grant, substructures can form during 
creep in both types of band, the substructures formed by kink bands 
having sharp boundaries while those formed by deformation bands 
have relatively broad boundaries. 


ELONGATION 
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J © ACROSS BOUNDARY BETWEEN GRAINS R AND P 
ive ” ” fol AND 


Fig. 35. Component creep curves across grain boundaries of various 

orientations in coarse grained aluminium specimen creeping at 

85 Ib/in.* at 370°C. See Fig. 36 for location of grain boundaries in 
specimen. (H. C. CHANG and N. J. Grant'”’) 


Examples of kink bands and subgrains are shown in Figs. 32-34, 
which show the same field of the surface of a specimen creeping at 
204°C. The field includes a triple point at which three grains £, G and 
P met. The hole at this point is a marker indentation. At an early 
stage in the deformation there was slip in grain E propagated across 
the boundary into grain P, but not across the boundary into grain G. 
Later in the creep (Fig. 33), kink bands were formed in grain £. These 
are visible as the darker bands running approximately at right angles 
to the slip planes and perpendicular to the boundary between grains 
Gand E. These caused inhomogeneous deformation across the boun- 
dary in grain @ which later led (Fig. 34) to subgrains in grain @ near 
the triple point. Fig. 34 shows very clearly the sharp definition of the 
edges of the kink bands in grain 2 and the banded appearance of the 
substructure in grains EZ and P, as well as the relatively irregular 
appearance of the substructure in grain G. 

Gervais, Norton and Grant? have also confirmed McLean's 
observation that as creep proceeds no significant sliding takes place 
at the edges of the kink bands, but that there is rotation across the 
band boundary. 
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Fig. 31. Practical observation of behaviour idealized in Fig. 50 during 
creep of high purity aluminium at 90 Ib/in.? at 580°C. Slip bands stop at 


plane of sharp bending on the left side of kink bands. Oblique illumina- 


tion | 11). Reduced approximately 60 per cent for reproduction. 
(A. M. Gervais, J. T. Norron and N. J. Grant?) 


Fig. $2. Surface of aluminium specimen creeping at 400 Ib/in.* for 8-5 hr 
at 204 C 60). (H.C. CHANG and N. J. Grant@!) 
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Fig. 33. Same field as Fig. 32 after 385 hr at 400 Ib/in.*, 322 hr at 
550 and 220 hr at 750 Ib/in.* mo). (i. and N. J. 


Same field as Fig. 32 after rupture at 750 Ib/in.? at 204 €, 
(H.C. CHane and N. J. Grant’ 
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Some of the most revealing and significant findings of CHane and 
GRANT relate to measurements which they have made of the creep rate 
at different parts of their specimens. Due to the large grain size of 
their specimens it was possible to mark out gauge lengths by fine 
needle point indentations, such as that shown in Figs. 32-34, and to 
measure the variation of extension with time across grain boundaries 


Fig. 36. Flat projection of specimen to which creep curves in Fig. 35 

relate. Black dots are reference marks for component creep curves. 

| Back, 3 Front, 2 and 4 Edges of specimen. (H. C. CHANG and N, J. 
GRANT) 


and at points within individual grains. Measurements were made in 
this way at temperatures of 205°C, 370°C and 595°C at initial stresses 
from 50-1200 psi. 

Typical observations of the creep across grain boundaries of CHANG 
and GRANT’s specimens are shown in Fig. 35, the location of the 
grain boundaries being shown in the projection of the specimen surface 
shown in Fig. 36. Two features are immediately apparent: (i) creep is 
much more marked across some boundaries than across others, (ii) 
the creep is cyclic in character. The creep curve for the specimen as a 
whole, which is not reproduced, was smooth and free from cyclical 
variations. A metallographic study of the grain boundaries, which was 
made concurrently with the measurements of creep, showed that it was 
possible to correlate the periods of accelerating and subsequent 
decelerating creep with visible changes at the boundary. The accelera- 


tion was accompanied by marked shear displacements at the boundary, 


while the deceleration was accompanied by a migration of the boundary. 
The grain boundary migration thus occurred in steps with the periods 
of grain boundary glide in between successive steps. Fig. 37 shows the 
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region of a triple point between 3 grains, and clearly shows the steps 
of grain boundary sliding and migration. 

The difference in creep rate between different boundaries could be 
correlated with their orientation to the direction of the applied stress. 
Thus in Fig. 35 Boundary IV (between grains B and C of Fig. 36) shows 
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Fig. 38. Deformation along the gauge length of aluminium specimen 
creeping at 200 Ib/in.* at 370°C after fixed intervals of time comparing 


relative creep across grain boundaries and within grains. (H.C. CHANG 
and N. J. Grant’*?) 


little creep after the first few hours, as might be expected from the fact 
that it lies nearly at right angles to the applied stress. Boundaries I 
between grains R and P, and II between grains D and R, are favourably 
orientated for boundary glide. 

The relationship between creep at the grain boundaries and creep 
within the grains is shown by Fig. 38 for creep at 370°C. This shows 
the creep at various points along the length of the specimen after 2}, 
54 and 94 hours. The projection of the specimen used in this test is 
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Big. 37 egion of triple point showing successive steps of grain boun- 


dary sliding and migration during creep | 150). (LL. C. CHANG and 
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shown in Fig. 39. The positions of the grain boundaries are shown. In 
general at early stages of the test, the deformation across grain boun- 
daries was notably greater than deformation in the grains, except for 
unfavourably orientated boundaries. As creep proceeded however the 
deformation in the grains tended to catch up and in some cases exceed 
the deformation across the boundaries, e.g. creep in grain D was 
associated after 2} hr with much less deformation than across the 
boundary between grains C and D, but exceeded the latter after 
54 hr and was appreciably greater after 94 hr. CHane and GRANT 
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Fig. 39. Flat projection of specimen to which Fig. 38 relates. Black 
dots are reference marks for component creep curves. | Back, 3 Front, 
2 and 4 Edges of specimen. (H. C. CHANG and N. J. Grant'*?) 


associated this behaviour with the development of angularity in 
the grain boundaries as creep proceeded, due to the interaction of 
slip bands and the boundaries. As this angularity developed, the grain 
boundary could slide smaller and smaller distances before encountering 
resistance to further displacement. The frequency of grain boundary 
migration therefore increased as the deformation proceeded. 


SUMMARY OF EXPERIMENTAL OBSERVATIONS 
The observations, which are described above, enable a fairly complete 
and well authenticated description to be given of the structural changes 
accompanying the first and second stages of creep, at least for pure 
aluminium, although it must be emphasized that the results relate to 
rates of creep which are in general much greater than those which 
would be tolerated during the service of components in which creep 
is to be minimized. Since the mode of deformation varies with the rate 
of strain, this is an important consideration. 

In general, creep occurs in its early stages by slip, which may be 
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localized in coarse slip bands across which the relative displacement is 
of the order of 1 «, or distributed more generally as fine slip associated 
with displacements of 50-500 A. Possibly even finer slip, corresponding 
to displacements down to 1 atomic spacing, may also occur, but would 
be undetected. The second stage in the creep process is associated with 
the development of a substructure. This occurs by a process of poly- 
gonization within, and between, deformation or kink bands, which 
develop within the crystals as a consequence of blocking of normal 
slip processes. The development of the substructure is associated with 
an increase in creep resistance (MCLEAN and Tate), and corresponds 
to the establishment of steady-state creep. The suggestion of Woop 
that the substructure can develop without prior slip is not confirmed 
by other workers. The continuance of steady-state creep is associated 
with a progressive increase of tilt between adjacent substructural 
units. 

Opinion appears to be divided as to the importance of relative 
movements of crystals at boundaries. According to Grant and 
RACHINGER these movements are of considerable importance. MCLEAN, 
on the other hand, found that grain boundary movements contributed 
only a small proportion to the observed creep under the conditions of 
his experiment. RACHINGER’s evidence that the surface of a specimen 
shows much less grain boundary movement than the interior may 
partly explain McLean’s result. Certainly it is clear that grain boun- 
dary displacements are increasingly important at high temperatures 
and low rates of strain. 

GRaANT’s work also throws considerable light on the interaction of 


slip and grain boundaries, the boundaries exercising a considerable 


influence on the propagation of slip and deformation bands while under 
the influence of slip and local glide: at boundaries the latter may 
migrate to new positions favouring the continuance of grain boundary 
glide. It is clearly established also that the deformation is very inhomo- 
geneous, shear displacements varying at different points along slip 
bands, and creep being more marked in some regions of the grains and 
in some boundaries than in others. Also it is clear that the relative 
rates of creep across boundaries and in grains vary in relation to each 
other as creep proceeds. McLean®” has proposed that there is a linear 
interaction between crystal slip and grain boundary sliding during 
creep, but it is difficult to reconcile this concept with CHane and 
GRANT’s observations, in which these two quantities vary very much 
from point to point on the specimen and during the course of the test. 
It should, however, be emphasized that Cuane and Grant worked 
with specimens with a crystal size which was so large that single grains 
occupied the whole thickness of the specimen. Individual grains were 
thus not constrained to anything like the same extent as a grain 
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surrounded by other grains in the interior of a specimen of smaller 
grain size. 


THEORY OF PRIMARY AND SECONDARY CREEP 


It is now proposed to discuss the theoretical interpretation of the 
phenomena described above. In the first instance the discussion will 
be largely qualitative in treatment, consideration of the time laws of 
creep being made at a later stage. 

The basis of the existing theory of deformation processes is the 
concept of dislocations. It does not lie within the scope of this survey 
to describe the properties of dislocations, and it is assumed that the 
reader is familiar with dislocation theory. Reference may be made, if 
necessary, to the excellent treatise of CorTRELL™?) on this subject. 

Briefly, the basis of the current theory of creep is that slip is attri- 
butable to the movement of dislocations along slip planes in the metal 
lattice, while polygonization or cell formation is associated with the 
thermal diffusion of dislocations from slip bands to form the boundaries 
between the substructural units. Dislocation theories of creep have 
been described in some detail by Morr®®), ©), ©) who has emphasized 
that the theories in their present stage of development are “extremely 
tentative and may well have to be revised or abandoned.” 

The movement of a single dislocation across a slip plane involves a 
displacement of neighbouring atoms across the slip plane by one 
atomic distance. The observed movements correspond, in coarse slip 
bands, to several thousand A, and, in fine slip lines, to as little as 50 A. 
Obviously, therefore, the movement of considerably more than one 
dislocation is involved even in the process of fine slip. The precise 
manner in which the movement of dislocations takes place is still 
undecided. It was at one time considered that the formation of a slip 
band was a high speed process involving the generation and movement 
of many dislocations in a short period of time, the velocity of disloca- 
tion movement approaching that of sound in the material. There is 
now some reason to doubt this suggestion. It has been shown by 
McLean, as discussed above, and by WiLsporr and KUHLMANN- 
Witsporr®® that a slip band consists of a cluster of fine slip bands. 
Also LieprrieD™” has shown that creep does not appear to take place 
by small jerks, such as would be expected if slip bands were formed 
which involved displacements of several thousand A in very short 
periods of time. Morr,@® who has been the chief protagonist of the 
dislocation theory of creep, now considers that such rapid slip 
“avalanches,” involving the generation and movement of a thousand 
or so dislocations, may occur during rapid deformation at the beginning 
of creep, but that during the later stages of creep slip occurs by the 
movement of single dislocations. Obviously, as creep proceeds, 
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dislocations moving along slip planes will pile up at obstacles to their 
further progress, obstacles which may be impurity atoms, sessile 
dislocations or grain boundaries. The piling up of such groups will 
constitute a steadily rising barrier to further deformation, and corres- 
ponds to the decreasing creep rate which occurs during the primary 
stage of creep. The experimental evidence shows that displacements 
may vary from point to point along slip bands, so that clearly obstacles 
to dislocation movements exist in the bands themselves, and the shear 
across a slip plane is probably rarely constant across a crystal, except 
perhaps for fine slip. 

As slip proceeds, local stress concentrations are set up inside individual 
crystals, due to the interaction of slip with grain boundaries and the 


DEFORMATION BANDS 
POLYCONIZATION BANDS 


SLIP PLANES 
a b c 
Fig. 40. Model for lattice deformation during creep (after D. MCLEAN?) 
(a) Initial condition of crystal; (b) lst stage creep; (c) lst and 2nd stage 


creep; (d) 2nd stage creep; (¢) late 2nd stage creep. Changes shown for 
one operative slip direction only 


constraining effect of neighbouring grains. These stress concentrations 
may be relieved by local distortions of the crystals which take the form 
of “kink” or “deformation” bands. 

The next stage of the creep process is the breakdown of the crystal 
regions in and between deformation or kink bands to form sub-crystals. 
On the dislocation hypothesis, this occurs by the diffusion of disloca- 
tions blocked on slip planes by a process similar to that which is con- 
sidered to be responsible for polygonization. A grain boundary may 
be regarded as an array of dislocations, the change of orientation 
across the boundary being simply related to the spacing between 
dislocations: a small difference of orientation is associated with a wide 
spacing of dislocations, and a large difference with a close spacing. 
The diffusion of dislocations from slip bands during secondary creep 
results in the formation of sub-crystals between which there are small 
angle boundaries in each deformation band (usually less than 1°), and 
boundaries of appreciably higher angle between adjacent bands. The 


sequence of structural changes is shown diagrammatically in Fig. 40, 
due to McLean. In this diagram the changes for one operative slip 
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direction only are shown. Slip in other directions will produce additional 
slip effects. In the initial stages (a) the slip bands are flat, but as defor- 
mation proceeds [(b) and (c)] deformation bands are formed. During 
secondary creep, polygonization develops [(c) and (d)]. Although the 
diagrams show only one sub-crystal across the width of each band, the 
work of Ketiy and Girkrns shows that there may in fact be several. 
The further progress of creep, associated with further slip and diffusion 
of dislocations, leads to an increase in the boundary angle between 
adjacent bands and finally (e) to a displacement at the sub-boundaries. 
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. Correlation between activation energies for creep and self 
diffusion. (After J. E. Dorn *’) 


The concept of slip followed by a climb of dislocations away from 
slip planes to form sub-crystal boundaries thus enables a generally satis- 
factory qualitative account to be given of the observed experimental facts. 
It may also be predicted that, if the diffusion of dislocations is the 
rate-determining factor in creep, then the activation energy for creep 
should be the same as the activation energy for self-diffusion, which 
also occurs by a vacancy diffusion mechanism. This has been dis- 
cussed by CoTTRe.i and AyTekry,* and by Dorn, who has collected 
together the available data, the activation energy for creep being 
usually calculated by Dorn from published creep data. A comparison 
is made in Table 4 of the activation energies for creep and for diffusion, 
for elements for which both are reasonably well established; and 
the activation energy for creep is plotted against that for diffusion in 
Fig. 41. 
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TABLE 4 


Correlation between Activation Energy (AH) for Creep and Self Diffusion. 
(After Donn’) 


hlement Creep Self diffusion 
AH (cal/mole) AH (cal/mole) 


Fe (99-93%) 78,000 73,000 
Au 50,000 52,000 
Cu 44,000 48,000 
Al 36,000 33,000 
131,000 — ¢ axis 
Cd 22.000 {17,300 ax 
118.900 c axe 
Pb 21,000 28,000 
in 16,500 17,900 
| 5,900 ¢ axis 


It will be seen from this data that the agreement between the 
activation energies is reasonably good except in the case of tin. Dorn 
considers that the data on the self-diffusion of tin may not be reliable 
since. if the data is correct, tin appears to be an exception to the general 
tendency of the activation energy for self-diffusion to increase with 
melting temperature. These data lend support to the suggestion that 
the rate-determining factor, at least during steady-state creep, is the 
diffusion of dislocations away from slip planes, but they cannot be 
regarded as in any way conclusive since exceptions to the general 
correlation are known to exist. COTTRELL and AYTEKIN, for example, 
30,000 cal/mole for the activation 


while finding a value of 28,000 
zine single crystals, found that the 


energy for steady-state creep on 
much lower figure of 11,000 13.000 cal/mole applied to the steady- 
state flow of polycrystalline specimens. 
Fevtuam, following an earlier treatment o 
has suggested that these low activation 
lanes and grain boundaries 


f Morr to account 


for grain boundary slip, 
energies result from the interaction of slip | 
which may lead to the disordering of small groups of atoms near the 
boundary, the disordering being akin to local melting. If this were the 
rate-controlling factor, the activation energy should be equal to nL 
where » is the number of atoms in the disordered group and L the latent 
heat. A value of » 8 for zinc gives an activation energy of about the 
right order to fit the results of CorTrRety and AYTEKIN. FELTHAM has 
although the activation energy for this hypothetical 
diffusion, it would not necessarily occur 
probability of occurrence of such a 
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highly co-operative process is small. Frvruam‘®), (2) has discussed 
this possibility in more detail in papers relating to the creep of alu- 
minium alloys and steels. In the case of steels,” the activation energy 
for creep increased with the carbon content from 61,200 cal/mole for a 
0-05 per cent C steel to 102,600 cal/mole for a 0-79 per cent carbon 
steel. The activation energy for self-diffusion, on the other hand, 
decreases with carbon content from about 68,000 cal/mole for ingot 
iron to 33,000 cal/mole for 1-06 per cent C steel within the same range 
of temperature. 

Fe_tHaM also found that the value of the activation energy was 
extremely structure-sensitive, and could therefore not be regarded as a 
fundamental physical constant. The results could, however, be 
accounted for by his postulated rate-determining mechanism involving 
the “remelting” of small groups of atoms at grain boundaries. The 
number of atoms required to participate in this local disordering, to 
give results of the correct order of magnitude, lay between 18 and 28, 
the actual values depending in a definite manner upon the amount of 
carbon and also upon the nature and distribution of other impurities. 

The activation energy for creep has also been discussed by CHANG 
and Grant.“ Drawing attention to the variation of creep rate 
between one grain and another and between grains and grain boundaries 
disclosed by their work, they consider that a single activation process 
cannot describe creep behaviour. If an activation energy is deter- 
mined, it represents a statistical summation of a number of activation 
processes, 


THe “TERTIARY” STAGE OF CREEP AND FRACTURE 
The “tertiary,” accelerating stage of creep, represents the initiation in 
a material undergoing creep of the conditions which eventually lead to 
fracture. Tertiary creep and fracture must therefore be logically 
considered together. An acceleration of creep rate may result from 
localized necking of the specimen with a consequent stress intensifi- 
vation, or from recrystallization, as was first noted by GREENwoop\™ 
and later by AnprapgE.“® ‘“‘Necking”’ fracture in creep may occur 
at relatively low temperatures and at relatively fast strain rates, but 
this is not the fracture-determining phenomenon in creep tests at very 
slow strain rates and at high temperatures such as are involved in the 
testing of engineering alloys. Bulk recrystallization is rarely encoun- 
tered during creep except in lead and its alloys. It is well established, 
however, that tertiary creep can occur for quite other reasons than 
necking and recrystallization. Sutty, CaLe and WILLovGHBy *® 
have demonstrated that it occurs in creep tests carried out under 


compressive stress, where stress reduction rather than stress intensifi- 
cation results from creep deformation. It is also well known that at 
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slow strain rates and high temperatures the type of fracture resulting 
from tertiary creep is one in which the specimen fractures by loss of 
cohesion at the grain boundaries, so that the fracture habit is inter- 
crystalline, and not transcrystalline as it is in tensile tests carried out 
at large rates of strain at the same temperature. 

It is reasonable, therefore, to associate tertiary creep and fracture 
of the type described with phenomena localized at the grain boundaries. 
It is clear from the work of McLean and of Cane and Grant and 
others, already described, that relative movements at grain boundaries 
become more marked as creep continues, and are a consequence of the 
changes taking place in the material during primary and steady-state 
creep. The processes of slip and kinking interact with the grain 
boundaries, and produce localized stress concentrations there due to 
the difference of orientation between neighbouring grains. This leads 
to grain boundary sliding and grain boundary migration, which take 
place alternatively in a cyclic manner as is clearly demonstrated, at 
least for coarse-grained material, by the creep curves across grain 
boundaries obtained by Cuane and Grant (Fig. 35), and by photo- 
micrographs such as Figs. 19 and 37. RAcHINGER too has amply 
demonstrated that creep may occur predominantly, under some 
conditions, by the relative movements of grains which themselves 
change their shape very little. The problem of tertiary creep is to 
account for the fact that the creep rate continuously accelerates in 
this stage, and eventually leads to separation of the crystal boundaries. 
Grant? has suggested that intercrystalline fracture results from an 
inability of the regions near the grain boundary to undergo recovery 
and consequently to migrate to a new position to relieve local stress 
concentrations. While this may well be true, it does not account for 
the acceleration of creep rate during tertiary creep, neither does it 
explain why intercrystalline fracture is favoured by slow strain rates, 
i.e. longer times, which should be more favourable to recovery processes 
in highly strained regions. 

The most promising approach to the problem of tertiary creep 
which has been made up to the present time, is that it is due to a segre- 
gation of vacant lattice sites at the grain boundaries. This leads first 
to the formation of microcracks which grow as creep and further 
vacancy diffusion proceeds to form intercrystalline fissures which 
propagate along transverse grain boundaries and lead to fracture. 
This suggestion was first made by GREENwoop'® and by GREENWOOD, 
Miter and Surrer,'®’ and the theory of the process has since been 
amplified by Crussarp and Friepe.' The occurrence of inter- 
granular fissures away from the actual path of fracture after creep 
under conditions leading to intercrystalline failure is well known, and 
has been mentioned by workers too numerous to warrant individual 
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mention. The diffusion of vacant lattice sites to form stable holes 
readily visible under the microscope commonly accompanies diffusion 
processes, and has been demonstrated and discussed by SMIGELSKAS 
and KIRKENDALL'”) and by Barngs.'??) 

CRUSSARD and FRIEDEL consider that there is ample evidence that 
the concentration of vacancies in a creeping metal is higher than the 
equilibrium value typical of an unstressed and unstrained metal. This 
evidence is provided by examples of accelerated diffusion occurring 
during creep, including polygonization which is a diffusion process. 
In their view two mechanisms contribute to this excess of vacancies: 

(1) The crossing of dislocations moving in intersecting glide planes 
produces rows of vacancies or interstitial atoms due to their screw 
components. Since the creation of vacancies requires less energy than 
that of interstitials, the net result will be an excess of vacancies. At 
low temperatures and at fast rates of deformation, successive disloca- 
tions will create several rows of vacancies lying side by side, i.e. a 
platelet of vacancies, and this will collapse: but during creep the succes- 
sion of vacancies will be very slow and an opportunity will exist 
for vacancies to diffuse before the platelet becomes big enough to 
collapse. 

(2) Dislocations blocked against obstacles may pass round them 
by “climb” and diffusion processes. This will involve the generation 
or absorption of vacancies. If the generation of vacancies takes place 
near a boundary, they may diffuse there and contribute to microcrack 
formation. 

CrUsSARD and FRIEDEL point out that until vacancies come within 
2 or 3 atomic distances of each other there is a small but repulsive 
elastic interaction between them. Thus, within a crystal a potential 
barrier exists to the merging of vacancies. This barrier, however, does 
not exist (or is much smaller) in the grain boundary, which is generally 
distorted, so that aggregation of vacancies occurs there much more 
easily than within the grains. 

Assuming that the vacancy hypotheses is correct, it is easy to see 
that the formation and growth of boundary microcracks will lead to 
an accelerating creep rate, since they lead to an effective decrease of 
the stress-carrying section of the specimen. Since the creep rate varies 
as a power function of the stress, a rapidly increasing creep rate is to 
be expected. Furthermore it is easily shown that, if the size of cracks 
is not uniform, the large ones will grow preferentially, since the number 
of captured vacancies increases as r* (where r is the radius of the crack) 
and the number of sites where they finally arrive increases as r*. This 


ar 
leads to an equation for crack growth of the form r. == r?, ie. an 


exponential function of the time. 
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CrussaRD and Friepet have pointed out that this hypothesis 
accounts satisfactorily for observations made by SuLLY and Harpy‘ 
on the creep of aluminium-copper alloys which are illustrated by Figs. 
42-44. In tests of alloys of high purity, fracture was intercrystalline, 
and the specimen away from the fracture contained numerous inter- 
crystalline cracks associated with shear movements in boundaries 
favourably orientated to the applied stress (Fig. 42). In over-aged 
alloys of normal purity, however, the fracture was “ductile,’’ i.e. it 
was associated with necking. The necked region of the specimen 
contained numerous large longitudinally elongated cavities (Fig. 43), 
while in the remainder of the specimen only small cracks perpendicular 
to the applied stress were observed (Fig. 44). It is to be expected that 
the radial stress required to open the holes in the necked region would 
be smaller than the axial stress which did not cause opening of the 
small cracks in the remainder of the specimen so that the formation of 
large holes cannot be due to stress alone. Crussarp and FRIEDEL 
therefore account for the large holes solely by the fact that creep is 
more localized in the necked region, and that the vacancy generation 
there is therefore much higher than in the remainder of the specimen. 

The microcrack theory of tertiary creep also accounts satisfactorily 
for observations such as those reported by Wits,‘ showing that 
there is very little structural change detectable by X-rays during 
tertiary creep, except that due to the higher creep rate. W1i_ms found 
no radical change in the mechanism of deformation on passing from 
secondary to tertiary creep, except that the substructure became finer 
during tertiary creep, as might be expected from the general correlation 
between creep rate and subcrystal size. 


Tue MatuematicaL Laws or CREEP 


Many attempts have been made over the last forty years to derive 
mathematical expressions which connect the creep rate, or time to 
rupture in creep, with the stress and the temperature of test. These 
attempts have been inspired by the hope that the establishment of a 
generally applicable relationship would either throw some light upon 
the rate-determining physical process, or would enable the long-term 
creep behaviour of an alloy to be predicted from the results of short- 
time tests. The latter objective, could it be achieved, would be of 
immense practical importance, since a vast amount of expensive equip- 
ment is involved for very long periods of time in establishing long-term 
creep data for engineering alloys. In spite of the large expenditure of 
effort, however, it cannot be claimed that either objective has been 
successfully attained, and such success as has been achieved relates 
only to special conditions and the results are of only limited 
applicability. 
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The Variation of Creep with Time 

The earliest observation of the time dependence of creep was made by 
Puitiips'’) who claimed that the early stages of the creep of such 
dissimilar substances as glass, metals and rubber all conformed with 
the expression | = « + f log?t, where / is the length of the specimen 
and ¢ the time and « and £ are constants. 

Subsequently ANpDRADE‘®), (7?) proposed the more general relation- 
ship | = i(1 + At) exp (kt) where |, is the length of the specimen on 
the immediate application of stress. § and k are constants. ANDRADE’s 
equation represents the combination of two types of flow: 

(1) Transient flow connected with the constant f. 


dl 
If k = 0 then the creep rate he 1], pt-4 


(2) Steady-state steep connected with the constant k, 


l dl 
f ( 
ldt 


The time laws of creep have been discussed by CoTTRELL.'”®) In general 


dl 
the creep curve can be expressed by _= At~" where in the general case 
( 


0 <n <1, n = 0 corresponding to steady-state creep, n = 1 corres- 
ponds to logarithmic creep (PHILLIPS), and n = % corresponds to 
ANDRADE’s equation. COTTRELL has pointed out that one of the argu- 
ments which may be advanced for the use of such time laws is that at 
dl 
t = 0 the creep rate ,, 2 when xn > 0. This agrees with the experi- 
mental observation that the creep rate is indefinitely large even at very 
low temperatures. Thus, MetssNer, PoLanyi and showed 
that even at a temperature as low as 1-2°K transient creep curves of 
crystals of cadmium and zinc commenced with characteristic 


steepness. 


Logarithmic Creep 

The logarithmic type of transient creep curve (n = 1) has been observed. 
Generally it occurs only at low stresses and at low temperatures, and 
it is considered to be due to the progressive exhaustion of the move 
ment of dislocations. Assuming that the material contains dislocations, 
it may also be assumed that some of these dislocations will move more 
easily under the applied stress than others, i.e. different dislocations 
will have different activation energies. On the original application of 
stress those dislocations with lowest activation energy will first move 
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and make their contribution to the creep strain, but as these move 
they become used up or “exhausted,” so that creep can only continue 
as a consequence of the movement of dislocations of higher activation 
energy. Creep thus occurs in the face of a rising energy barrier and thus 
at a decreasing rate. 

The theory of exhaustion creep has been considered by Becker, ‘*° 
by Morr and Naparro,"*” and by Corrrety.“ In considering this 
type of creep mathematically the following assumptions are usually 
made : 

(1) When an element of the body undergoing creep is thermally 
activated it contributes an increment ¢ to the total strain and this is 
the same for all elements. 

(2) After it has been activated the element makes no further contri 
bution to the total strain. 

(3) The elements are independent of each other, i.e. activation of 
one of them does not affect or is not affected by the activation of its 
neighbours. 

(4) The activation energy U(¢,) is the same function of the activation 
stress o, for all the elements. The assumed form of this function 
suggested by Becker was U(c,)ac,*, by Morr and NaBarro 
U(o,)ao,., while CorTRELL proposed a structural model in which the 
elementary process was the cutting of one dislocation line by another 
in which the function U(a4)ao,. 

Calculation from these basic assumptions in the latter case leads to 
an expression for the creep strain y 


(vNkT/A) log vt 


where .V and A are constants, A being given by U(a,) = Ac,; v is the 
frequency of stress fluctuation in the element. 

This is the basic equation of the logarithmic exhaustion type of creep, 
and has been shown by Wyarr'* to apply to the creep of polycry- 
stalline copper at temperatures below about 200°K. Under these 
conditions Wyatt also showed that his specimens behaved according 
to a mechanical equation of state, i.e. the rate of strain at a given time 
depended only on the current values of stress and strain and not on 
their previous values. This was proved by making sudden increments 
of load during the course of creep. This result is to be expected from an 
exhaustion theory of creep but is not of general application. 

By using the other relationships between U(c,) and o, referred to 
in (4) above, other expressions of the type yx (log )* can be derived 
where x is usually in the range 0-5-1-0. Morr and NaBARRo’s assump- 
tion that U(¢,)x(o,)* leads to ya (log ¢)**. This expression was shown 
by Davis and THompson'* to apply to the creep of a precipitation- 
hardened copper-silver alloy. They also made experiments in which 
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increments of load were made during the course of creep from which 
it was possible to calculate the magnitude of the activation energy for 
flow. This was found to be of the right order as that predicted by 
Morr and Nasparro’s theory of precipitation hardening, but the 
frequency v was several orders of magnitude smaller than the expected 
value, and this discrepancy has not yet been satisfactorily explained. 


Andrade Transient Creep 


The logarithmic, transient creep is rarely observed in practice, and 
most materials whose behaviour has been analysed conform more or 
less to the ANDRADE transient creep equation 


y= 

This expression has been shown by several investigators to apply to 
polycrystalline metals, and also by CoTTRELL and AyTEeKin'™ to apply 
to the creep of zinc single crystals, and by Fivon and Jessop‘ to 
hold also for non-metallic materials such as celluloid. Wvyarr,'*’ who 
found the logarithmic creep law to apply to the creep of polycrystalline 
copper, aluminium and cadmium below 200°K, found that the ANDRADE 
expression fitted better to the observed results at 400°K. 

Wyatt has shown that, during creep conforming to the ANDRADE 
formula, the creeping material does not conform to a mechanical 
equation of state, whereas during logarithmic ‘‘exhaustion”’ creep it 
does. The creep behaviour is thus not determined only by the current 
values stress and the strain but also by the prior stress-strain history. 
To explain such behaviour demands a model quite different from that 
required to explain “exhaustion” creep, and must involve the processes 
of strain hardening and thermal recovery. The fact that ANDRADE- 
type transient creep is encountered at higher strain rates and tempera- 
tures than logarithmic creep confirms the importance of these processes. 

This type of creep has been considered theoretically by Morr,“ who 
considers the rate-determining process to be the recovery or “‘climb” 
of dislocations from points at which their progress is blocked. This 
represents a stage in the process of polygonization referred to above. 
Morr assumes a schematic work-hardening curve of the type shown in 
Fig. 45, and he supposes that at the point P at the end of the instan- 
taneous extension the applied stress is equal to the internal stress o,. 
He considers, however, that a steady state will only be reached when 
o slightly exceeds o,, and that transient creep will occur until this state 
is reached. The reason for this is that each dislocation diffusing from 
a piled-up group will alter the stress in the neighbourhood. At a point 
X in the crystal, each time a dislocation escapes from a piled up group, 
the stress there will change by o,, and if these changes are of random 
sign after x such events the stress will have changed by nto,. He 


173 


: 
¥ 
: 
f 
— 


PROGRESS IN 


METAL 


PHYSICS 


then supposes that there is a Frank—Read dislocation source at the point 
X and that the point X is represented by the point Q on the stress- 
strain curve in Fig. 45. Then the number x of such events required 
to raise the stress at X by Ao, after which the source will produce 
another dislocation, is (Ag/c,)*, which may be written (6e/c,)* since 
Q 


P Ag 


strain. 


Fig. 45. Schematic work hardening curve used in Morrt’s theory. 
(After N. F. Morr *) 


Ao = Oe where 6 = da/de, i.e. the gradient of the stress-strain curve 
at point P. 

Then, if @ is the frequency with which dislocations escape from 
nearby sources the creep rate is given by 


de/dt = N L*bw(o,/6e)* 


where V is the number of sources per unit volume and L the slip 
distance. 
Integration of this equation gives 


ptt 
where = 3N L*be(o,/6)" 


This is of the required form for ANDRADE f flow. 

Morr has further related this theory to his theory for steady-state 
creep which is referred to below, and has predicted that § should vary 
in the same way with stress o and temperature 7' as does the steady- 
state creep rate. Some experiments by FELTHAM ® on the creep of iron 
and some carbon steels containing 0-05—1-15 per cent carbon at tempera- 
tures above the A, point appear to bear out these predictions. As Morr 
has pointed out, however, this theory involves several assumptions of 
which perhaps the least likely is that the density of barriers to disloca- 
tion movements is independent of the creep rate. This is unlikely to 
be the case when slip is operative on more than one plane. 


Steady-State Creep 


In the steady-state stage of creep, the creep rate to a first approxima- 
tion is constant, i.e. its time dependence is linear. The existence of a 
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steady state implies the balance of two opposing processes, one hinder- 
ing and one favouring flow. BaiLey*® was the first to propose that this 
stage of creep was the outcome of a balance between work-hardening 
and recovery processes, and modern theories are based upon essentially 
this idea, interpreted in the light of dislocation theory. 

Morr’ and others have considered this problem, and by calculation 
of rates of hardening and recovery have concluded that the steady- 
state creep rate de/dt should be given by an equation of the form 


de|dt = A/0 exp 
where @ is the gradient of the stress-strain curve at the applied stress 
o, W is an activation energy, and A and q are constants. Exponential 
equations of this type have been proposed from similar considerations 
not only by Morr, but also by KauzMann‘*?) and by Nowick and 
MACHLIN, 

This equation does not, however, truly represent the steady-state 
creep rate at relatively low stresses, and it is generally agreed that for 
normal stress levels and creep rates the exponential term should be 
replaced by a hyperbolic sine term, the expression for the creep rate 
then being 

d 


= A exp (— H/kT’) sinh (qa/kT’) 


where A, H and q are constants for a given material. 

Fe_THaM'® has shown that such an equation accurately expressed 
the variation of steady-state creep rate with stress for iron and plain 
carbon steels containing 0-05-1-15 per cent carbon at temperatures 
between the A, point and the solidus. Other investigations have shown 
that this or a similar relationship may be used with reasonable accuracy 
to relate the creep rate (or the creep strain) to the temperature for many 
metals and alloys. The significance of the activation energy term H 
has already been discussed earlier in this article in relation to the effect 
of structural factors on creep rate. 

Dorn has attempted to make a general correlation between 
various metals on the basis of equations of the general type given 


le — AH\, 
above. Using a general equation of the type _ - A exp TT )f(o), 
\ / 


he relates the creep strain to a temperature-compensated time by 
integration, i.e. ¢ is a function of texp(— AH/RT') and the stress. 
Dorn has found by x-ray and metallographic examination that the 
same structure is developed in different metals at the same value of 
texp (— AH/RT) for the same stress. 
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PRACTICAL CONSIDERATIONS 


Expressions such as those described above are of practical utility as 
well as of theoretical significance in enabling predictions to be made, 
from observations at selected stress levels, of the creep rates at other 
levels of stress. Unfortunately, however, their practical importance is 
limited by the fact that they cannot be used, in the present state of 
knowledge, to predict long-term creep behaviour with the accuracy 
required in engineering applications. For adequate engineering design 
it is often necessary to know the maximum creep strain which will 
result from the application of a given stress at a given temperature, in 
a very long period of time which may in certain applications be up to 
10 years. Complex engineering alloys commonly undergo structural 
changes during long exposures at service temperatures which alter 
their creep behaviour. These structural changes may be accelerated 
and modified by the influence of slow straining during their service life. 
The effect of these metallurgical changes is to produce deviations from 
the creep behaviour of pure metals which render inapplicable general 
relationships between strain rate, time and temperature which can be 
applied to the latter. These metallurgical changes are responsible for 
slight but important deviations from idealized creep behaviour, as for 
example in the shape of creep curves, which not uncommonly do not 
show true steady-state creep at a constant rate, but instead may 
exhibit a steady acceleration or deceleration of creep rate or even a 
cyclical creep behaviour of varying periodicity. In standard log or 
semilog plots of stress against the time to produce a given creep 
strain, these effects exhibit their influence as variations from a linear 
relationship or as discontinuous changes in slope, which make extrapo- 
lation from the results of short to longer times inexact and misleading. 
There is thus no satisfactory alternative, at the present time, to the 
time-consuming process of establishing design data by carrying out 
creep tests of duration approximating to the anticipated service life 
of components, and there is no adequate basis for predicting the long- 
term creep behaviour of complex alloys from the results of short time 
tests. Obviously, if structural changes occur in an alloy as a consequence 
of time, temperature and strain, these processes will modify the work- 
hardening and recovery processes, and make invalid all predictions 
which are based upon invariance of the constants associated with these 
processes. 

In considering the behaviour of alloys of a high degree of resistance 
to creep in the light of present day knowledge of the processes by 
which creep occurs, it is important to stress the vast difference which 
exists between the rates of creep often encountered in engineering 
practice and those used in laboratory investigations of creep processes 
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such as described earlier in this article. Whereas the latter usually 
involve creep deformations of the order of several per cent within a 
period of hours rarely exceeding 100 or 1000, the former sometimes 
require the deformation to be as small as 1 per cent or less in a period 
of the order of 100,000 hr. In view of the dependence, already 
described of the mode of deformation on the rate of strain, it is obvious 
that the relative importance of the various processes associated with 
creep, e.g. slip, subgrain and boundary movements, may be quite 
different in engineering alloys at practical creep rates from that dis- 
closed in the investigations which have been described. ALLEN,'*® 
considering this point, has pointed out that a creep strain of 0-1 per 
cent in an alloy of a mean grain size of 0-01 cm corresponds to the pas- 
sage of only 100-200 dislocations across each grain. Even if much 
larger numbers of dislocation movements across a fraction of the grain 
diameter are involved, such movements, in a period of time as long as 
several thousand hours, must be comparatively rare events. ALLEN 
therefore considers that in such cases it is difficult to imagine clusters 
of dislocations collecting at many points in the grain, or pressing 
against the grain boundary, as is envisaged in the theories accounting 
for the deformation processes at faster rates of strain. He considers 
that the movements of dislocations are confined to restricted areas 
of the metal, and that in order to account for the behaviour of alloys 
at slow rates of strain it may be necessary to concern oneself with the 
behaviour of localized regions which are untypical in either structure 
or in stress. The fine detail of metallographic structure may, therefore, 
be of great importance. 

During the last few years the gap between theoretical and practical 
investigations of creep has been significantly narrowed. It has become 
clear from the theoretical work that the rate of deformation exercises 
an important influence on the mode of deformation. Although the 
creep rates employed in academic investigations are still much higher 
than those which are of practical significance, the observed changes 
between fast and slow rates of strain has focused interest on those 
structural features such as the crystal boundaries, the behaviour of 
which becomes more important as the strain rate is decreased. 

On the other hand, although it is not the purpose of this review to 
describe recent advances in the development of creep-resistant 
materials, it must be pointed out that developments on the practical 
side have also made a valuable contribution to the accumulation of 
knowledge which is of theoretical significance. In this connection the 
work of Gien®” on the alloying factors which affect and determine 
the creep behaviour of ferrous alloys, and work such as that of 
Constant and Devsarr) on the influence of structure on the 
behaviour of creep resistant alloys, must be cited as typical examples 
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of investigations which further an understanding of the basic 
processes. 

By further extension of metallographic and other techniques to 
the processes of very slow deformation, as well as by further studies 
of the effect of alloying additions, precipitate sizes and spacing, and 
the behaviour of crystal boundaries and the effect of grain-boundary 
impurities and precipitates, it may be predicted with confidence that 
the next few years will produce advances in understanding of the 
phenomena of creep which will be at last as important as those which 
have emerged from the considerable efforts of the past few years. 
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THE MECHANISM OF EVAPORATION 


O. Knacke and 1. N. Stranski 


THE first systematic investigation of evaporation phenomena was 
carried out by Steran' in 1873. In his experiments, liquids were 
allowed to evaporate in narrow, only partly filled tubes; an inert 
foreign gas, for instance air, was blown over the tops of these tubes. 
STEFAN realized that evaporation is generally a diffusion problem; his 
experimental arrangement was such that there was a layer of saturated 
vapour immediately adjacent to the surface of the liquid, and this 
vapour diffused into the tubes through the foreign gas. However, the 
diffusion theory failed in the case of water, which showed an unex- 
pectedly small rate of evaporation," which could only be ex- 
plained later.“” 

In 1882 Hertz" published his classic paper “On the Evaporation 
of Liquids, Especially Mercury, In Vacuo.” Hertz tried to exclude 
the secondary diffusion into the foreign gas, and to investigate directly 
the rate of phase-change. He used several experimental arrangements, 
one of which is shown in Fig. 1. Mercury was distilled from the heated 
tube A into the cooled condenser B. The distillation temperatures 
ranged from 100 to 200°C, corresponding to a vapour pressure of 
0-2 to 20mm Hg. The whole apparatus was evacuated. A sealed-in 
thermometer touched the mercury meniscus, and the pressure at the 
evaporating surface was measured at branch C. The rate of evaporation 
established from the drop of the mercury meniscus was found to be 
between 0-08 and 1-67 mm/min. 

From the theoretical analysis of his experiments HERTz arrives at 
the following fundamental conclusions: There exists for every sub- 
stance a maximum rate of evaporation, which depends only on the 
temperature of the surface and on the specific properties of the sub- 
stance. The maximum rate of evaporation of a substance can never 
be larger than the number of vapour molecules that strike the surface 
of the condensate under equilibrium conditions. Consequently the 
upper limit of the maximum rate of evaporation is 


t 


where v[cm-sec~'] is the mean gas kinetic velocity and n,[{molecules-cm~*] 
the equilibrium concentration of the vapour. 
Experimentally Hertz obtained roughly 10 per cent of the maximum 
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rate according to equation (1). Any further evaluation of his experi- 
ments was not possible, since the surface temperature and the small 
under-saturation at the phase boundary could not be measured with 
sufficient accuracy. 

In 1915 Kyupsen™ carried out the first really unambiguous 
measurements on mercury. Fig. 2 shows his experimental arrangement. 
The pipette A contains mercury at room temperature; (this corres- 
ponds to a vapour pressure of approximately 10-* mm Hg). To assure 
perfect heat transfer, the pipette is surrounded by a copper sleeve B. 


‘ig. 1. HERTz’s Fig. 2. KNUDSEN’s 
apparatus drop method 


Mercury is dropping at the rate of one drop every four seconds from 
the tip of the pipette into an evacuated container D, which is immersed 
in liquid air to a level above the tip of the pipette. The evaporated 
mercury condenses on the walls of the container, whilst the drops are 
frozen to the bottom. The condensate amounted to several milligrams, 
when some forty grams of mercury drops had passed through the 
pipette. The rate of evaporation was found to be the maximum 
value, according to equation (1). However, this applied only to carefully 
purified mercury; the rate of evaporation of impure mercury was slower 
up to three orders of magnitude. 

KNUDSEN’s theoretical work is especially significant because he 
introduced the concept of «, the coefficient of evaporation. The 
coefficient of evaporation (later also denoted as “‘condensation coeffi- 
cient’’)* is defined as the ratio of the observed evaporation in vacuo, 

* The condensation coefficient should not be confused with the accommodation 


coefficient (40), which was defined by KNUDSEN as a parameter characterizing the 


exchange of energy between gases and solid or liquid surfaces, 
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and the maximum value according to equation (1). The condensation 
coefficient has a direct kinetic significance, since it shows that of all 
the vapour molecules which strike the surface of the condensate, only 
a fraction « actually condenses, while (1 — «) molecules are “‘reflected”’ 
back into the vapour. Consequently, the actual rate of evaporation 
can now be written as follows: 


— . . . (2) 
This equation includes the general case in which the substance does not 
evaporate into a vacuum, but shows an actual vapour pressure n < n, 
at the phase-boundary. The experimental results of Hertz already 
contained the relationship i ~ (n, — n). Consequently equation (2) is 
often called the HertTz-KNUDSEN equation. 

Lanomvrr”) in 1913 had already used equation (1) for the determina- 
tion of the vapour pressure of tungsten. In his experiments single 
tungsten spirals of approximately 10cm length and 0-016cm wire 
diameter or sixfold tungsten spirals of 0-007 cm wire diameter and 
77 cm total length were heated electrically in evacuated lamps. The 
temperature of the tungsten wire varied between 2440°K and 3136°K 
and the experiments ran between 15 min. and 1000 hr. The weight loss 
of the long spirals amounted to several milligrams, i.e. approximately 
10 per cent of the total weight. Lanemurr calculated the vapour 
pressures in the lamps to be between 10-7 and 10-* mm Hg, under the 
assumption that the evaporation had taken place at the maximum 
rate given by equation (1). However, he could only make the assump- 
tion « = | plausible, not prove it rigorously. 

The obvious parallelism of the work of Lanemurr and that of 
KNUDSEN is of special interest, because they approached the problems 
of evaporation from very different fields of research. In the case of 
KNUDSEN the origin of his interest in evaporation problems was the 
study of the heat conductivity and the streaming of dilute gases, and the 
development of his effusion method for the determination of vapour 
pressures (1909).“") LaN@MuIR, on the other hand, came to the problem 
of the rate of evaporation from his work on the reaction between 
tungsten and oxygen (1913).“© Hertz’s equation occurs in both 
LANGMUIR’s and KNUDSEN’s work. 

After Hertz, Knupsen and LaNnGmvurR had established the experi- 
mental and theoretical basis for the study of the rate of evaporation, a 
considerable amount of work was carried out which, depending on the 
specific aims, stressed the kinetics of the phase change condensate/ 
vapour, the structure of crystalline surfaces, crystal growth and the 
structure of imperfect crystals, the relationship between phase change 
and diffusion, the temperature distribution and the heat conductivity 
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in condensate and vapour, and finally the determination of vapour 
pressures of substances of high boiling points. This review will deal 
mainly with the kinetics of the phase transition; in the course of this 
it will be necessary to touch occasionally on some of the subjects 
mentioned above. 


EXPERIMENTAL METHODS 


The aim of most of the experimental work is the accurate determination 
of the condensation coefficient x. The experiments are usually evaluated 
by means of equation (1) or equation (2), in which all parameters 
other than « can be measured experimentally. A surprising variety of 
experimental methods has been used, and the large number of papers 
can be divided into the following groups: 

A. Evaporation into high vacuum for investigations of substances 
with a vapour pressure below 0-1 mm Hg. 

B. Evaporation of substances with higher vapour pressures. 

C. Condensation experiments. 


EVAPORATION in vacuo 


In the case of evaporation in high vacuum, a cooled plate, onto which 
all evaporated molecules condense, is placed opposite to the evaporating 
surface. The distance between this surface and the cooled plate, which 
can in some arrangements amount to several centimetres, is small 
compared with the mean free path of the vapour molecules, if substances 
with a vapour pressure of less than 0-1 mm Hg are investigated. In 
this case collisions in the vapour phase, and hence return of the 
evaporated molecules into the condensate, are nearly impossible. As 
mentioned above, the first experiments of this kind were carried out by 
Lanemurr. If wire spirals or metal rings are used in these experiments, 
a small geometric correction-factor has to be applied, because the turns 
of the spirals may evaporate into each other. The rate of evaporation 
can be determined either from the weight loss of the wires, or from the 
weight or chemical composition of the condensate, or from the change of 
electrical resistivity of the wires. LANGMuIR’s method is suitable for 
substances with high boiling points, and vapour pressures between 10~* 
and 10°’ mm Hg, because at these vapour pressures experimental 
runs between 10 min. and 24 hr are required. Smaller vapour pressures 
would lead to excessively long runs, higher vapour pressures to un- 
manageably short times. The rates of evaporation and the vapour 
pressures respectively of tungsten, molybdenum, platinum, copper, 
silver, iron, nickel, carbon, strontium oxide, nickel oxide and other 
substances were measured by LANGMuIR’s method. Fig. 3 shows a 
modern apparatus which CARPENTER and Marr used in their 
investigation of the evaporation of titanium. 
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The most difficult task in a LaNemurR experiment is the optical 
determination of the temperature. On the one hand the emission 
characteristics of the substance under investigation are often not 
sufficiently well known, on the other hand these emission characteristics 
can change during the experiment. This is due to the fact that the 
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emitting surface is often roughened during evaporation, and the 
| 


Fig. 3. LANGMUIR’s method for the investigation of titanium. A = 

tungsten rod; B = terminal block; C = nickel screen; D = titanium 

filament; EF Pyrex collecting sleeve; F = outer containing vessel; 

G = optical window; H = etched hole; J = Pyrex pegs; K = slotted 

driving plate; L = flattened supporting rod; M = cone and socket seal 
(CARPENTER and MAIR) 


emitted spectrum then shifts toward black body radiation. Experi- 
mentally, care has to be taken to prevent condensation on part of the 
container wall prior to the pyrometric measurements, by covering this 
area with a removable shield or by some other suitable arrangement. 
The question whether the degree of roughness of the evaporating 
surface has any influence on the rate of evaporation has been discussed 
by Metvitte.”? His calculations showed that if the condensation 
coefficient « = 1, the surface roughness has no influence, while for 
% < 1, surface roughness leads to an increase in the rate of evaporation. 
MELVILLE has published éstimates for this increase. 

A further development of Lanemutr’s method is due to MARSHALL 
and his co-workers“ (Fig. 4). A ring-shaped specimen is placed on 
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tungsten or molybdenum rods and brought up to temperature by 
induction heating. The rings are 2 to 6 mm high, their inner diameter 
is 22mm. This corresponds to a surface of 7 to 12cm?*. Nickel, 
beryllium and carbon (Acheson graphite) were investigated. When 
measuring the evaporation of liquid copper, the sample was retained 
in a 2 x 2mm groove in a molybdenum ring. In the case of nickel 
oxide a nickel ring was oxidized in air at 900°C and oxide layers of 
10,000 to 50,000 atomic layers thickness were obtained. MARSHALL’s 
experimental arrangement permits an accurate determination of the 
‘ 


WATER OUTLET 


WATER INLET) 


Fig. 4. MARSHALL’s apparatus 


temperature. Small holes (1 mm diameter, 3 to 4 mm deep) are drilled 
at several places into the metal ring. They emit nearly perfect black 
body radiation, which is compared with the radiation of the undamaged 
surface. This permits the determination of the emission characteristics. 

LANGMUIR’s method permits a fairly accurate determination of the 
condensation coefficient, provided the vapour pressure is known. If 
the vapour pressure is not known from other measurements, one can 
still estimate whether or not the condensation coefficient is close to 
unity. One guide is the vapour pressure curve, which can be calculated 
from equation (1) assuming « = 1. If this vapour pressure curve yields 
a reasonable heat of evaporation at absolute zero, and a plausible 
chemical constant, then « cannot deviate much from unity. In addition 
MARSHALL obtained a direct experimental criterion by drilling some 
of the rings in many places. If this procedure did not lead to an 
increased rate of evaporation, « must be close to unity. 
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Three types of experimental arrangements (recent examples shown in 
Figs. 5, 6 and 7) are used for the investigations of substances with 
relatively low boiling points, like cadmium, mercury, ammonium 
chloride, phosphorus and organic liquids. Wy tire” investigated a 


tt 
Fig. 5. Apparatus for evaporation in vacuum. A = aluminium block; 
B = evaporation vessel; C = diaphragm (for vapour pressure measure- 
ments); ¢ = thermocouple (WYLLIE) 


polar organic liquid, glycol, at room temperature. No cooled condenser 
plate was required, and a good vacuum pump sufficed (Fig. 5). Ata 
vapour pressure of 1-4 x 10-*mm Hg the condensation coefficient « 
was found to be 0-052. For experiments at higher temperatures the 


Fig. 6. Evaporation apparatus with microbalance and cooling 
surface A (BRADLEY) 


evaporation vessel was placed into a suitable thermostat and a con- 
denser plate, cooled with liquid air or dry ice, was added (Fig. 6). In 
BRADLEY’s apparatus (Fig. 6), which was used to measure the evapora- 
tion of rhombic sulphur, the microbalance is of special interest. NeEv- 
MANN and CosTeanu ‘*) had already used it, when they measured the 
rate of evaporation of KReO, at about 500°C in a similar experimental 
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arrangement. BRADLEY uses a quartz-microbalance. The sample, 
sulphur single crystal of 7-35 mg weight and 0-1-0-5 cm* surface 
area, was suspended on a quartz fibre. The measurements were 
carried out at temperatures of 15°-33°C, corresponding to vapour 
pressures of 0-4-4-0 x 10°*mm Hg. The rate of evaporation was 
(1-4-6 « 10-3 mg/min. At any one temperature, readings were taken at 
one or two minute intervals over a total time of 20 min. The advantage 
of the continuous weighing lies in the fact that a set of data can be 
obtained from any one experiment. With an arrangement similar to 
Fig. 6, but without the microbalance, Sprveier'” investigated the 


Fig. 7. Vacuum evaporation with heated condensate and cooling 
surface. (MELVILLE and Gray). 


evaporation of NH,Cl between 118° and 221°C, and found condensa- 
tion coefficients between 1/340 to 1/2560, decreasing with increasing 
temperature. At still higher temperatures it is more adequate not to 
use a thermostat, but to heat directly the sample or its carrier electri- 
cally. With the apparatus shown in Fig. 7, Metvitie and Gray have 
measured the condensation coefficient of red phosphorus at 305°—408°C 
as being 10-7-10-*. By the same method Bennewrrz'”’ determined the 
condensation coefficient of cadmium to be unity’ between 198°-234°C 
(corresponding to a vapour pressure of 0-5 x 10-*to 0-4 x 107? mm Hg). 

When this type of experimental method is used, the surface tempera- 
ture requires special attention. No heat losses from the surface will 
occur on account of either the expended heat of evaporation or on 
account of heat transfer into the vapour (because the rate of evapora- 
tion is very slow and the vacuum usually 10-° mm Hg). But the 


evaporating surface may cool down considerably by radiation loss to 


the cooled condenser plate. This decrease in surface temperature can 
be estimated theoretically, or determined experimentally by tempera- 
ture measurements with thermocouples. In some experimental 
arrangements the radiation loss to the condenser plate is not appreciable, 

Kxupsen’s drop method’, which has been described above, has 
the advantage of a constantly renewed surface of the mercury 
because of the formation of the drops. Hence the retarding effect of 
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impurities is reduced. For this technique, it is important to provide 
a good radiation shield for the tip of the pipette, for instance a highly 
polished chromium sleeve. Mercury dropping from unprotected 
pipettes freezes immediately. KNupsEN’s technique is also suitable 
for the investigations of the evaporation of mixed phases. For 
samples of low vapour pressure, for instance amalgams at room tem- 
perature, the time of evaporation of roughly | sec. per drop is too small 
to increase appreciably the concentration of the less volatile component 
at the surface. Herrmann and Kyacke™ used this method to measure 


Fig. 8. Measurement of Fig. 9. Resistivity method 
an evaporating droplet for measuring extremely 
a, according to VOLMER small rates of evaporation. 

and EsTERMANN (VoLMER and EsTeERMANN) 


the maximum rate of evaporation of mercury with respect to its 
partial pressure in cadmium amalgam with 7 Atom per cent Cd. 
VoLMER and EsTeRMANN*” used two especially simple and ingenuous 
methods to measure the rate of evaporation of mercury between 
~ 64°C and + 59°C. (This corresponds to a vapour pressure between 
4 10°% and 2 x 10°*mm Hg.) Their first arrangement (Fig. 8) 
consists of a type of Dewar vessel which contains some mercury in the 
bottom tip. The Dewar vessel is placed in a beaker of water and the 
vessel itself is filled with liquid air. The decrease of the diameter of a 
mercury droplet a situated on the side wall of the vessel is measured 
optically by means of a travelling microscope with 0-02 mm divisions; 
between 0° and 50°C the observed decrease of the diameter was 
4 10-* — 4 x 10°? mm/min. Taking the geometry of the droplet 
into account, the condensation coefficient « can then be calculated to 
1 + 0-07. Below 0°C the evaporation was too slow for optical 
observation. 
At lower temperatures the authors used electrical measurements. 
Their apparatus is represented in Fig. 9. Mercury evaporates from the 
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bottom of the container and condenses on the cooled walls, into which 
two platinum electrodes ‘‘a” are sealed. They are connected via the 
mercury contacts ‘‘b’’ to external copper leads. A platinum diaphragm 
(dotted line in Fig. 9) is used to produce in this area a band of con- 
densate of 2 x 10mm. Its electrical resistance is then measured 
between the two platinum electrodes. Typical data are, for instance, 
a decrease in resistance from 100 Q to 5 Q in 145 sec. at — 9°C, or from 
to in roughly at — 64°C. A resistance of 10000 
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Fig. 10. Evaporation of thin layers. Time of evaporation as a 
function of the thickness of the layers (KNACKE and SCHMOLKE) 


corresponded to a mercury film of 5 x 10~? cm thickness. The conden- 
sation coefficient of solid mercury dropped steadily from « = 1 at the 
melting point (— 39°C) to « = 0-85 at — 64°C. In order to avoid 
contamination from grease or foreign vapours, the experiments were 
carried out in sealed tubes. 

KNACKE and ScHMOLKE” have investigated the evaporation of thin 
copper and silver layers between 775° and 1065°C. The metals were 
first condensed in layers of 1 mm width and 0-1 to 1-64 thickness onto 
cold polished tungsten foil (60 « 5 x 0-03 mm). The carrier foil was 
then heated up electrically in vacuo, and the time required for the com- 
plete evaporation of the layer was measured. The end of the evapora- 
tion could be determined clearly by means of a low-power microscope. 
Fig. 10 shows the experimental data for copper. The rate of evaporation 
can be calculated in cm/sec. from the slope of the curves. The condensa- 
tion coefficient « was found to be unity. The curves do not pass through 
the origin, since at these temperatures layers of 0-1 to 0-2 « thickness 
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disintegrate rapidly by formation of holes. By a similar method 
LeHovec, Rosen, McDonacp and Bropger™ investigated the evapora- 
tion of germanium films on a mica base at 1100° to 1550°C. The rate 


¢ 


Fig. 11. Torsion balance arrangement (WESSEL) 


of evaporation was determined from the increase of transparency of 
the layer. 

The fact that the “evaporation pressure,” i.e. the recoil of the 
evaporating molecules against the condensate, can be measured 
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evaporation vessel 


molybdenum wire 


= galvanometer mirror 
= tungsten fibre 
glass plate 
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Fig. 12. High temperature torsion balance (WESSEL) 


directly, opens up new approaches for investigations of the mechanism 
of evaporation. Mechanical torsion balances or electrical balances are 
usually employed in these experiments. WerssEL‘*?) measured the con- 
densation coefficient of cadmium and silver with the setup shown in 
Figs. 11 and 12. Just below the melting point he found « = 0-996 + 0-02 
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and « > 0-92 respectively. The principle of these measurements is 
illustrated in Fig. 11. A closed rectangular box of cadmium or silver is 
suspended from a torsion wire. Holes are drilled in two opposite sides 
of the box; they have an area f, and /, and a distance |, and /, from the 
torsion wire. Saturated vapour effused from the holes, asserting a 
recoil of 4p, x f. On the other hand recoil against the metal wall 

results in a pressure of 4a. p,. Consequently 


° the torque is 
M = hps(l,f, + lef.) .[1 — a] =¢. D 


and can be measured from the angle of torque 
é@ and the moment D. This measurement 
yields directly values for (1 — «), and it is 
obvious that the accuracy of the measure- 
ments increases with increasing vapour pres- 
sure, increasing geometric factor and decreas- 
ing moment. At « = | the deflection is zero. 
WeEsseEL used a tungsten wire of 0-015 mm 
diameter and a moment of 0-0745 [g/cm? sec.?}. 
For cadmium, a deflection of 12-5° was ob- 
tained at a vapour pressure of 0-1 mm Hg; 
for silver the deflection was 3° at 0-003 mm Hg. 
The whole torsion arrangement was suspended 
in a furnace containing a graphite tube of 
100 mm length, 22mm inner diameter and 
1-5 mm wall thickness. Currents up to 100 
vestigation of the evapora- — used (Fig. 12).* 
tion of individual crystal CLANCEY®” and RipeaL and 
faces (RIDEAL and Wie- used the arrangement shown in Fig. 13, in 
GINS) which naphthaline or sulphur crystals were 
mounted on microscope cover glasses. The 
two crystals were covered with tinfoil, leaving only roughly 3 mm? of 
a certain selected crystallographic plane exposed. In this case the 
torque is given by 


Fig. 13. Torsion balance 
arrangement for the in- 


M = ps. (fy + 


It turned out that different crystallographic planes had different 
evaporation pressures and hence different rates of evaporation. The 
very careful investigation of sulphur will be discussed later. 


* WesseEL used the same apparatus for the determination of the vapour pressure of 
iron at 1550-1750°K. In this case the metal box was replaced by a silica or alumina 
box, containing pieces of iron wire. This type of vapour pressure measurement, which 
is a further development of KNupsen's effusion method, was first used by HELLER, 
NEUMANN, VOLMER and VOLKER’. ‘** to measure the vapour pressure of benzophenon, 
potassium and mercury. 
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MiescHer™® and Merzcer*, ) investigated the special problem 
of the molecular form in which substances containing different 
molecular aggregates in their equilibrium vapour, as for instance Se, 
and Se, would evaporate. They approached the problem by devising 
a method for the determination of the molecular weight of the evapora- 
ting molecules. This method requires a simultaneous measurement of 


Fig. 14. Electric balance for the simultaneous measurement of the 
rate of evaporation and the evaporation pressure (METZGER) 


the rate of evaporation and the evaporation pressure. The evaporation 
pressure P, of one type of molecule (-) is 

where p, is the partial pressure of the molecule type “k.”’ 


Using the relationship 


p(2rmkT)~* 
P can be expressed as 


Lt, . Vm, 


P = =P, = 
Vm 
with 
mt = (Li, . m,)/(Li, . V m,) 


For the ‘“‘mean” molecular weight of the evaporating molecules 


where J has the dimensions [mg/cm?/sec.] and P [mg/cm?]. The com- 
parison of the “‘mean”’ molecular weight M of the evaporating molecules 
and the mean molecular weight M° of the vapour in equilibrium can 
yield important information on the kinetics of evaporation. 
Metzcer®* used the apparatus pictured in Fig. 14 for the simulta- 
neous measurement of the rate of evaporation J and the evaporation 
pressure P. Roughly 20mg of the substance under investigation 
(17 mm diam » 0-01 mm corresponding to an area of 2-3cm?*) is 
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deposited from the vapour on a microscope cover glass 7' (0-15 « 18 x 
18mm) which is then attached to the left-hand tip of the beam W, 
made of Al wire. Attached to the opposite tip is a soft iron rod Fe, 
which dips into coil S. During evaporation the following takes place. 

1. Because of the weight loss of the sample the beam balance turns 
around the horizontal axis A, which is connected to a moving coil 
galvanometer. This rotation is compensated for by a current through 
the coil of the instrument. One mAmp corresponds to a force of 1-1 mg. 


fe 
| 
| 4 ped 


TIME min 


Pig. 15. The rate of evaporation and the evaporation pressure of 
tellurium (METZGER) 


2. The evaporation pressure on the other hand causes a rotation 
around the vertical axis A,. This rotation is compensated for by an 
a/e current through S, with 28 mAmp corresponding to 1-1 mg. 

The back of the cover glass was blackened with lampblack and the 
sample was heated up to temperatures between 50°-330°C by a Megapyre 
wire radiating onto the blackened back. A liquid-air-cooled condenser 
plate was placed in front of the sample. The temperature was deter- 
mined either from the rate of evaporation or from the heating current. 
Fig. 15 shows the experimental curves for tellurium. 

The following details of Merzcer’s and Miescuer’s results should be 
mentioned. Tellurium evaporates at 320°C as Te,, which is the form in 
which it occurs in the vapour, with « ~ 0-4. M = 261 + 16 compared 
to M° = 254. Selenium evaporates at 180°C with « = 1 as 90 per cent 
Se, and 10 per cent Se,, corresponding to the composition of the vapour, 
M = 444 + 30 compared to M° = 443. Sublimate evaporates as 
HgCl, at 50°C with « = 0-6, M = 268 + 86 compared to M° = 271-52. 
Calomel evaporates at 200°C with « = 0-1 (or « = 10~* according to 
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Neumann“) ?) as Hg and HgCl, corresponding to the vapour composi- 
tion, M = 229 + 16 compared to M° = 236. NH,Clevaporates at 170°C 
as NH, and HCl, corresponding to the vapour composition, M = 
27-4 + 0-8 compared to M° = 26-8. 

Arsenic shows a strange behaviour, seeming to evaporate even at 
low temperatures, preferably as As, molecules. At 260°C it evaporates 
uniformly as 70 per cent As, and 30 per cent As,, « being approximately 
0-05. Up to 530°C the vapour contains practically only As, molecules; 
M = 197 + 20 compared to M° = 299-6. Furthermore Mrescuer'® 
found ice to evaporate as H,O and sulphur as 8,. MeTzGER voiced 
the hypothesis that certain substances like Li, Ga, Bi, Sb and CuCl may 
evaporate partially in higher molecular modifications. In the case of 
red phosphorus the opposite seems to be the case. According to 
MELVILLE and Gray) it evaporates as P,, while the vapour in 
equilibrium consists almost entirely of P, molecules. 


EVAPORATION AT HIGHER PRESSURES 


In the case of substances with a vapour pressure larger than 0-1 mm Hg, 
it is no longer possible to maintain a high vacuum experimentally, and 
re-condensation according to the relationship 


(Ps — P) 


(22mkT’) 


has to be taken into account. This means that now the actual pressure 
p at the phase boundary has to be measured. Conditions have further- 
more changed, because the increased rate of evaporation results in an 
appreciable self-cooling of the surface, especially in the case of sub- 
stances with low heat conductivity. Measurements at higher pressures 
are mainly carried out on liquids, although some data of crystals with 
higher sublimation pressure, like ammonium chloride, urotropine, etc. 
were obtained by this technique. 

In several papers Atty and co-workers”), ® dealt with the 
evaporation of water and carbon tetrachloride, and determined their 
condensation coefficients to « = 0-036 and « = | respectively. In their 
experiment (Fig. 16) the liquid dropped from a pipette F into a beaker 
B, where the drops sink under a layer of oil which prevents further 
evaporation. The experiments are carried out under continuous 
pumping, and the vapour pressure in @ is regulated with a mercury 
bubbler, or at lower vapour pressures with a glycerine bubbler V. The 
actual pressure is measured 1 mm in front of the drop 7' by means of a 
mercury manometer M. The rate of dropping is regulated with com- 
pressed air; the temperature can be adjusted through the thermostat 
W. Each one of the beakers B can be moved during the experiment 
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under the tip of pipette 7’ by rotating the whole container G around 
the brass pivot S. The rate of evaporation is determined from the 
difference in weight between the amount of liquid passing through the 
pipette and the amount of liquid collected in the beaker. ALTY uses 
the connection between surface tension and size of drops to determine 
the surface temperature. The surface tension can be determined from 
the size of the drop, and the surface temperature is known if the 
surface tension is given. The mean surface area of the drop and its 


TO VACUUM PUMP AND 


MPRESSED AIR 


TO MANOMETER 7 A 
\ TO VACUUM PUMP 


TO MERCURY 
RESERVOIR 


Droplet method for higher pressures (ALTY and MacKay) 


Fig. 16. 


development with time was determined from a large number of photo- 
graphs (this technique had already been used by KnupsEen‘*), The 
following data are taken from the investigation of water: Diameter 
of the mouth of the pipette 3-5 mm, surface area of the drop approxi- 
mately 0-5 cm*, one drop every 20-60 sec., surface temperature — 8° to 
+ 23°C, resulting in a temperature decrease of the surface with respect 
to the water reservoir of 10° to 36°C, vapour pressure at the surface 
3-16 mm Hg, under-saturation of the vapour phase 5-40 per cent, 
weight of the drops 60-75 mg, 10-50 drops per experiment, amount of 
water evaporated 7-13 per cent. 

The work of Aury and Mackay" is especially interesting from a 
theoretical point of view. In order to determine the accommodation 
coefficient of water vapour at a water surface, the authors determined 
the heat balance for the evaporating water drops. The heat of evapora- 
tion expended is supplied (1) by the heat capacity of the drop, (2) by 
heat conductivity along the pipette and (3) by the heat exchange with 
the vapour, which is proportional to the accommodation coefficient 
and the temperature difference of surface and gas. From the heat 
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balance the accommodation coefficient was determined as unity. The 
result is of fundamental theoretical interest, since it means that, 
although 96 per cent of the water molecules do not condense, but are 
“reflected” (condensation coefficient « = 0-036) at the surface, there 
is nevertheless perfect energy exchange between them and the surface, 
and they attain thermal equilibrium with the surface before 
re-evaporating. 

HAMMEKE and Kapp_er,'?”) who also investigated the evaporation 
of water, measured the surface temperature by means of infra-red 


Fig. 17. Measurement of the surface temperature by infra-red 
radiation (HAMMEKE and KAPPLER) 


radiation.. Their apparatus is shown in Fig. 17. The water evaporated 
from the container M into the cooling trap AK, the rate of evaporation 
being adjusted by means of a mercury flow regulator R. The actual 
pressure could be read on the pressure gauge Ma to 1/100 mm Hg. The 
radiation was measured by means of the thermopile S. The measuring 
chamber was partitioned off from chamber M by a thallium-bromine- 
iodine window F; both were enclosed by the thermostates 7h, and 
Th, respectively. At room temperature the radiation lies practically 
entirely in the infra-red region, with a maximum at approximately 5 w. 
In this region water is a nearly perfect black body, and reflects only a 
small percentage of the total radiation. Furthermore, the coefficient 
of extinction is very large, so that the radiation can only come from a 
layer of approximately 0-01 mm thickness. The accuracy of the 


temperature measurements is quoted as 0-05°C, The rate of evapora- 
tion in these experiments amounted to 0-01—0-2 mm/min. from which 
the velocity of the gas perpendicular to the surface can be calculated to 
500-10,000 mm/min. At an undersaturation of 0-1 to 2-0 per cent the 
rate of evaporation was exactly proportional to the pressure difference 
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of 0-02 to 0-4 mm Hg. The condensation coefficient at 20°C was found 


to be « 0-045. 


Macue™, ©) and Pricer’ investigated the rate of evaporation 
of water and carbon tetrachloride on boiling. In this case the actual 
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Fig. 18. Arrangement for the 
exact measurement of the sur- 


face temperature at the boiling 
point (PRCGER) 


vapour pressure, as well as its tempera- 
ture, is determined by the atmospheric 
pressure. Consequently only the surface 
temperature has to be measured, which 
is in principle always higher than the 
boiling temperature. PRUGER’s appara- 
tus (Fig. 18) consists of a boiling flask, 
situated in an electrically heated thermo- 
stat. The vapour chamber of the flask 
is divided into two parts. In the upper 
part the vapour flows from the flask @ 
through the tube A, and leaves the 
system after passing through a reflux 
cooler. The part of the vapour under 
the closed bell jar Gl streams down 
through the tube R’, condenses in the 
open beaker Z and is weighed later. 
This unusual arrangement is necessary 
to assure the maintenance of true atmos- 
pheric pressure and boiling temperature 
under the bell jar Gl, where the actual 
measurement takes place. The thermo- 
couple 7’, measures the temperature of 
the liquid; during evaporation the 
thermocouple junction slowly traverses 
the surface region of the liquid. The 
distance between junction and surface 
is measured continually with a travelling 
microscope. The temperature of the 
vapour is checked by the thermocouple 
T,. All thermocouple leads are led out 
through a gas-tight seal in the bell jar. 
Their reference junctions are placed in a 
copper boiling flask. The evaporation 


process is conducted in such a way as to avoid the formation of gas 
bubbles in the interior of the liquid (this is in principle possible, 
because gas bubbles in the interior can only be formed by local vapour 
nuclei which occur only on finite superheating). Pricer obtained 
the following results in his investigation of water. The surface tempera- 
ture was higher than the boiling temperature by 0-01 to 0-05°. This 
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corresponds to a difference in pressure (p, — p) of 0-27 to 1-3 mm Hg or 
an undersaturation of the vapour (with respect to the surface tempera- 
ture) of 0-04-0-18 per cent. The rate of evaporation was 0-07- 
0-13 mm/min., consequently the velocity of the vapour at the surface 
was 130-240 mm/min. The condensation coefficient was found to be 
a 0-02. 

Fig. 19 shows the temperature distribution of boiling CCl, below the 
surface as measured by Pricer. The solid curve was measured with a 
bare copper-constantan junction, which had the shape of a flat rod 


| 


BARE JUNCTION — 


° /THERMOCOUPLE IN 
7 GLASS TIP(o~O-55 mm) 


7 


p2 O4 O68 O86 tO 12 


mm 


Fig. 19. Temperature distribution at the surface of boiling CCl, 
(PRCGER) 


(0-04 mm thick, 0-7 mm long) and was immersed parallel to the surface 
of boiling CCl,. It can be seen from the curves that the bulk of the liquid 
was superheated almost up to the surface by three degrees. The tem- 
perature dropped steeply within a thin layer of approximately 0-3 mm 
adjacent to the surface, and reached at the surface a value of only 
0-005° above boiling temperature. The superheating at the surface of 
the liquid was extrapolated from the linear temperature decrease (in 
Fig. 19 roughly 100°/em), which was measured in a large number of 
experiments. The thickness of the surface layer in water, which varies 
with the rate of evaporation, heat conductivity and convection, was 
determined to be 0-66 mm. (The temperature values below the boiling 
temperature in Fig. 19, which were read on the thermocouple between 
the time of its leaving the liquid and the tearing off of the surface 
film (Abr.), are related to an additional evaporation effect on the surface 
of the junction.) In these measurements it is of extreme importance to 
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provide a very thin junction. The dashed curve in Fig. 19 illustrates 
this point. It was obtained with a junction 0-55 mm thick, and the 
results could lead to a wrong extrapolation. 

Bucka"® has measured the evaporation coefficient of ethyl alcohol 
from the increase of pressure which occurs in a closed vessel in which 
alcohol is evaporated. Fig. 20 shows his apparatus. A copper piece 
K with a 2mm-deep bore at 7 is placed on an aluminium block 
A inside a bell jar of 8-3 litre capacity. The profile of the bore 
is identical with that of the alcohol meniscus in a tube of 
equal diameter. The jar is evacuated and isolated from the pump. 


4 


REFERENCE 
— JUNCTION 


Fig. 20. Evaporation in a closed vessel (BUCKA) 


During subsequent evaporation the vapour pressure is measured 
continuously with a mercury manometer. The temperature is recorded 
simultaneously by means of an insulated constantan wire which is led 
through the aluminium block to the bottom of 7’. This makes the 
bottom of 7’ one junction of a constantan-copper thermocouple (the 
reference junction is situated outside the jar in a water bath). This 
arrangement makes it possible to measure the temperature at the very 
end of the evaporation process. (This stage is reached before complete 
saturation of the vapour.) Fig. 21 shows the change of pressure as 
well as the temperature difference A7' between the bottom of the con- 
tainer and the reference temperature (water bath). 

It is possible to derive the relationship between the rise in pressure 
and the rate of evaporation under the assumption that an immediate 
equalization of pressure takes place in the vapour, i.e. that the vapour 
pressure is uniform throughout. The change of concentration in the 


vapour is 


dn/dt i(F/V) a.v/4.(n,—n).(F/V) 


where F is the area of evaporating surface, V the volume of the gas. 
Consequently, the increase in pressure 


dp F kT 


) 3 
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The following data were given by Bucka for the end of the evaporation 
process: Surface temperature: 12-4-15-5°C, saturation pressure: 
28-35 mm Hg, pressure difference (p,— yp): 9-13 mm Hg, under- 
saturation approximately 34 per cent, increase in pressure approxi- 
mately 2-5 mm Hg/sec. The condensation coefficient was determined 
to be a = 0-024. 

rial 


—+ - 


p 


Hg -MANOMETER 


a 
EVAPORATION TUBE 
(Cu) 


Fig. 21. Increase in pressure and Fig. 22. Evaporation in a closed 
change of temperature during the vessel (VON BoGDANDY, KLEIST 
evaporation of C,H;,OH (BucKaA) and KNACKE) 


Von Boepanpy, and Kwnacke' also investigated the 
evaporation in a closed system. However, they did not use the equation 
(3), but its integral 


F kT’ 


In(p, — p) = + const. 


2am 
where ¢ is the time of the experiment and p the actual pressure as a 
function of the time ¢. Fig. 22 shows the apparatus which was used to 
investigate carbon tetrachloride and ethyl alcohol. The sample was 
evaporated in a copper tube of 1-5-2-5 mm diameter, which was placed 
in a water bath. It was connected to the rest of the apparatus by a 
metal joint. For the actual measurement, the vapour chamber, which 
was initially filled with saturated vapour, was briefly connected to the 
pump, partly evacuated and closed off again; the increase in pressure 
was then measured. Liquid SnCl, was investigated in the same arrange- 
ment at 350°C. Slight modifications of the apparatus were introduced, 
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and ground joints were avoided, because of the high temperature. In 
this case tin was used as manometer liquid. Fig. 23 shows an experi- 
mental curve for ethyl alcohol. Its linearity is a sensitive criterion for 


Clore) 


10 is 2 
Fig. 23. Pressure change during the evaporation of alcohol (0°C) 
log (p, — p) = N..t + const. 


the constant temperature of the surface, which can be maintained 
only when the surface is small. The delay of the evaporation towards 
the end of the experiment may have several trivial reasons, like surface 
tension effects in the manometer, imperfect equalization of pressure, 
or cooling down of the surface. The condensation coefficients were 


CRYSTAL VAPOUR 


Fig. 24. The connection between phase transition and diffusion 


obtained as 0-036, 0-99, 0-96 for alcohol, carbon tetrachloride, and 
tinchloride respectively. 

Evaporation in the presence of a foreign gas is discussed in a number 
of other papers. Under these circumstances the phase transition is 
followed by diffusion into the foreign gas. In the case of a steady-state 
condition both processes, the phase transition and the diffusion, occur 
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at the same rate. Fig. 24 pictures a very simple set of diffusion 
conditions for which the following equation holds: 

, Np — Ny v 

i=D 
where D is the diffusion coefficient in the foreign gas, n», the actual 
concentration of the vapour immediately at the phase boundary, and 
n,, the density of the vapour at a distance L from the surface of the 
condensate. After eliminating », from both equations one obtains 


(4) 


Equation (4) contains the two extreme cases in which either the phase 


transition (2 .~ <-—] or only the diffusion («. - > =) determines 
4° 

the rate. In slow evaporation studies the experimental conditions 
lay between these two extremes. It should be noted that equation (4), 
which describes the fundamental relations in a concise form, must, of 
course, be adapted in any special case to the special diffusion conditions 
of the experiment, i.e. geometry, partial pressures, etc. In this connec- 
tion the work of Steran® and Macue,” and especially the paper of 
BrapLey, Evans and WaytLaw-Gray“”) should be noted, where also 
the details of the kinetics of the interface gas/condensate are discussed. 
These authors also give further bibliography. 

Macue‘) measured the evaporation of water by STEFAN’s method, 
using tubes of 160mm length and 2-3 mm inside diameter. The 
diffusion distance was 20-30 mm, and the temperatures of the experi- 
ments ranged from 89°-95°C. Hydrogen, nitrogen, air and carbon 
dioxide, all at atmospheric pressure, were used as foreign gases. The 
evaluation of the experiments showed that there had been a slight 
undersaturation at the phase boundary, which was due to the small 
condensation coefficient of water (which in this determination came to 
the right order of magnitude). These experiments showed a distinct 
influence of the foreign gas on the rates of evaporation. The rates of 
evaporation of water in the presence of hydrogen, nitrogen, air and 
carbon dioxide were approximately in the ratio of 10:6:5:4. MAcHE 
observed furthermore that, when using leached glass beakers, the rate 
of evaporation was about twice the value measured in new beakers. 

BrapLey, Evans and “%) used the diffusion 
method for the investigation of substances with very small vapour 
pressure. Brap Ley used his above-described apparatus (Fig. 6) to 
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measure the evaporation of sulphur in the presence of air at 0-02- 
98 mm Hg pressure. The temperature was roughly 30°C, corresponding 
to a vapour pressure of sulphur of approximately 4 x 10-* mm Hg. By 
the diffusion method the condensation coefficient was found to be 
a = 0-68, which is in satisfactory agreement with the value of « = 0-73 
obtained from the evaporation in high vacuum. Several other sub- 
stances were measured by the same method. In the case of ammonium 
chloride, red phosphorus, and other substances with abnormally small 
condensation coefficients, the phase transition is extremely slow 
compared to the diffusion in the foreign gas, «.v/4 << D/L. Conse- 
quently, it is possible to measure the rate of evaporation of these 


> | 4 4 


Fig. 25. Evaporation of droplets. The radius r as a function of time, 
in an atmosphere of H,:air of 30:70 (1); im air (II); in CO, (IIT); 
(GuprRiIs and KULIKOWA) 


substances also by the entraintment method, which is a technique 
generally used only to obtain equilibrium data, not rates. WINKLER‘ 
measured the rate of evaporation of monoclinic arsenic oxide in 
streaming nitrogen and air by this technique, and found « < 10~’. 
Gupris and Kutikxowa®® investigated the evaporation of very small 
droplets of water (1-4-0-5 4 diameter). The droplets were visually 
observed between two condenser plates, in an arrangement similar to 
MILLIKANS measurements of the charge of the electron. A single 
droplet was continually observed over a period of time varying from 
several minutes to four hours. The decrease in diameter of the droplet 
was calculated by means of Sroxe’s formula. The evaporation took 
place in air, hydrogen, carbon dioxide and in an air-hydrogen mixture. 
The foreign gas was saturated with water vapour, so that the reason 
for further evaporation was the increase in vapour pressure of the drop- 
lets. In air and carbon dioxide the droplets could be observed for 
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3-4 hr (Fig. 25), although one would expect them to evaporate com- 
pletely within a few seconds. Only in hydrogen was evaporation rather 
fast, i.e. within 2-3 min. Gupris and KuLrkowa explain the low rate 
of evaporation in air and carbon dioxide by considering absorption of 
the gas in the surface layer of the droplet. This would slightly decrease 
the vapour pressure of the droplet, and could compensate for the small 
increase in vapour pressure which would amount to 0-2 per cent, as can 
be calculated from THomson’s formula. 


CONDENSATION EXPERIMENTS 
One might be inclined to assume that the Hertz-Knudsen equation 
a(p, Pp) 


would equally apply to the rate of condensation, in 


this case with p > p,. The proportionality i < (p,—p) has been 


(U 
Fig. 26. Measurement of Fig. 27. Measurement of 
the rate of condensation the rate of condensation 
(VOLMER and EsTERMANN) (VOLMER and SCHULTZE) 


proved experimentally by condensation experiments with iodine, white 
phosphorus and naphthaline. However, there exists as yet no unam- 
biguous experimental proof that « has always the same value for both 
condensation and evaporation. Although there are a great many 
data available on evaporation experiments, there are as yet only a few 
investigations of the rate of condensation. 

and EsterMann®” conducted condensation experiments 
on mercury. They used a type of Dewar vessel, similar to the one 
employed in their evaporation experiments (Fig. 8), but with an 
additional side arm (Fig. 26). This vessel was placed in a bath of 0° or 
— 10°C. The bottom contained liquid air, melting methyl alcohol 
(— 95°C) or melting chloroform (— 63°C). The amount of condensed 
mercury could be determined from the decrease in volume of the 
evaporating mercury, measured before and after condensation in the 
calibrated side column. The rates of condensation on cooling with 
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liquid air, methyl alcohol and chloroform showed the ratio of 
1:0.93:0.92. Assuming that on cooling with liquid air complete 
condensation takes place (KNupsEN‘), the condensation coefficients 
were « = 0-92 and « = 0-93 at — 65° and — 95°C respectively. How- 
ever, the evaporation coefficient at — 64°C was determined” to be 
a = 0-85. 

Votmer and Scuvuize™! measured the rate of condensation of 
iodine, white phosphorus and naphthaline. They used a U-shaped 
container, each leg of which was placed in a separate temperature bath 
(Fig. 27). The right leg contained the reservoir of the substance under 
investigation, and was kept at 0°C, while the left leg, in which the rate 
of condensation was measured by optical observation, was kept at a 


| 


i 
re) 02° oe* 


Fig. 28. Rate of condensation of iodine, expressed in mm/h as a 
function of the temperature difference AT 


slightly lower temperature. From the experimental data for iodine 
(Fig. 28), Frank” calculated a condensation coefficient of « = 0-3 for 
supersaturations larger than 2 per cent (A7' > 0-4°). At the smallest 
temperature difference of A7' = 0-15°, which corresponds to a super- 
saturation of approximately | per cent, the condensation coefficient 
was abnormally small. This is due to a nucleation effect which was 
predicted by Vo_meR, and was the initial reason of this experiment. 
As far as the theory of two-dimensional nucleation and its application 
to imperfect crystals is concerned, the literature has to be consulted”), 
In the case of phosphorus and naphthaline no condensation delays were 
observed, even at very small temperature differences. 

McNvtr and Meni made detailed observations of the changes 
that occurred on a cadmium surface during condensation. Their 
experimental arrangement was basically the same as SCHULTZE and 
Votmer’s. The temperature of the condensate was 274°-315°C, 
corresponding to a vapour pressure of 0-015-0-086mm Hg. The 
supersaturation was 20 per cent—300 per cent. At higher temperatures 
cadmium grows mainly in the form of lamellae, which could be as high 
as 0-3 (Fig. 29). The lateral rate of growth of these lamellae was 
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1-6-20 u/min. This is 0-1-35 per cent of the maximum rate of 
condensation, calculated from the Hertz-Knudsen equation. It should 


Fig. 30. The rate of evaporation E of HgJ, in vacuum and the 
emission (v D) during the condensation of HgJ, (HAWARD) 


be remembered that the values of the lateral rate of growth contain 
only part of the total rate of condensation, since there is also normal 
growth of the lamellae. 

Hawarp*) measured the rate of condensation of molecular beams. 
He investigated mercuric iodide, iodine, tin iodide and salicylic acid. 


———» D  mg/min 


Fig. 31. The emission (vy — D) of HgJ, as a function of the rate of 
condensation at two different temperatures (HAWARD) 


The temperatures of the respective condensates ranged between 7° and 
35°C, — 54° and — 44°C, + 7°C and 24°C, — 7°C and 24°C. The dis- 
tance between condenser plate and furnace was 2-5cm. The density 
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of the molecular beams “y”’ was of the order of magnitude 
1/10 mg/cm* sec. Depending on the actual conditions of the experiment, 
this corresponded to supersaturations of up to several 100 per cent. 
The rate of condensation D was determined from the increase in weight 
of the condenser plate. Furthermore, the author measured the rate of 
evaporation in vacuum £. From the Hertz-Knudsen equation the rate 
of condensation should be D = «.v — E. But the rate of condensation 

r of red mercuric iodide which has a condensa- 

| tion coefficient « ~ 0-6 was measured to 


.£. Consequently the emission 
x 


HOLDER from the surface, which can be calculated from 
the difference (vy — D), is larger on condensation 
than on evaporation (Fig. 30). The same fact is 
brought out even more strongly in Fig. 31, 
where the surface emission (vy — D) of mercuric 
iodide is plotted as a function of the rate of 
ao condensation D. In order to explain Figs. 30 
and 31, Hawarp assumed that an unstable 

intermediate layer of a type of yellow mercuric 

oI iodide is formed on condensation. This layer 
would have a higher vapour pressure. Salicylic 

SASS OF | acid apparently condenses according to a more 

\ complicated mechanism. The relationship be- 

SOLID PHASE, tween the density of the molecular beams 

and the rate of condensation indicates a bi- 

Fig. 32. Arrangement for molecular reaction. This is plausible, since 

the measurement of the crystalline salicylic acid is built up of double 

As,O, (STRANSKI) molecules, while its vapour consists of single 

molecules. 

A special type of condensation has been observed in the case of 
phosphorus (MELVILLE and Gray,‘®*) arsenic oxide, As, P,O,;, As,S, 
and Sb,O, (STRANSKI et al.‘*)). The vapour of phosphorus or arsenic 
oxide consists of P, or As,O, molecules, and generally, when the 
vapour condenses, white phosphorus or regular arsenolith are formed, 
i.e. crystals that are built up of P, or As,O, molecules. However, the 
mechanism of condensation is entirely different, if the vapour molecules 
are activated or dissociated immediately before condensation. This 
can be achieved by ion impact or by thermal activation on a red hot 
wire (Fig. 32). In this case red phosphorus or the claudetite-type arsenic 
oxide is formed. These modifications have valence lattices, and can 
be regarded as polymers of P, or As,O,.“°:"" The normal vapour 
molecules P, or As,O, condense only very slowly on red phosphorus or 
claudetite. Under these conditions the condensation coefficients 
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a<10-’. This explains why from the supercooled vapour nearly 
always the fast condensing modifications—white phosphorus and 
regular arsenolith—are formed. Only the activated or dissociated 
vapour molecules condense on the valence lattices at regular rates. The 
activated condensation of red phosphorus, claudetite, and similar 
substances, is also related to other anomalies of crystals with valence 
lattices. This will be discussed later. 

Investigations of the rate of condensation are hampered by experi- 
mental difficulties, which have yet to be overcome. These are mainly 
related to the following facts: a small supersaturation has to be experi- 
mentally established, maintained and controlled; the surface tempera- 
ture has to be measured precisely, and the as yet uncontrollable 
influence of the container material, of adsorbed gases and of adsorbed 
impurities has to be eliminated or assessed.) No quantitative con- 
densation measurements on liquids are known to us. Quantitative 
condensation data should be of special interest in the field of physical 
metallurgy, since such experiments should have interesting implications 
on the mechanism of solidification from the melt). 


Tue THEeory or EVAPORATION 


The theory of evaporation was developed in three stages. The first 
dealt with the problem of how long it would take on the average until 
a molecule leaves its potential trough, where it is bound with an energy 
4, the energy of evaporation. PoLtanyr, WicNER,‘) 
PELZzZER” and Neumann‘ solved this problem by a statistical 
approach; on this basis they could derive the Hertz-Knudsen equation, 
but had to make the additional assumption that all molecules on the 
surface have a binding energy A, and that all of them have an equal 
chance to evaporate. However, in the case of a crystalline solid this 
assumption is not valid, since most of the molecules in the surface 
have a binding energy much larger than /, as was shown by Kosse.‘*® 
and STrRANSsKI.'*) On the basis of this concept VoLMER® revised the 
theory of evaporation. (This marks the second stage in the history of 
the theoretical development.) According to VOLMER all molecules 
evaporate in a stepwise process. In a first step these molecules move 
from their “half-crystal positions’ where their binding energy equals 
the energy of evaporation, to the surface. Here they are less strongly 
bound and only adsorbed. These molecules migrate along the surface 
for longer or shorter intervals and subsequently evaporate. This con- 
cept requires the inclusion of surface diffusion and of crystal imperfec- 
tions on the surface into the framework of the theory. VOLMER’s ideas 
of the stepwise evaporation have been formulated quantitatively by 
Burton, CABRERA, Frank"), @), Knacke, STRANSKI and WoLFF®), 
(8) Again the Hertz-Knudsen equation could be derived. The third 
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stage of the theoretical development was started by Herzrecp, 
who pointed out that the rate of evaporation is influenced by the state 
of rotation of the molecules. This concept, which has its roots in the 
fundamental kinetic theory of reactions, is usually discussed on the 
basis of the transition-state theory. The main problem is the discussion 
of the physical state of the activated molecular complex on evaporation. 
Combining the transition-state theory and VoLMeEr’s concepts, it is 
possible to discuss the mechanism of evaporation on a theoretically 
and physically sound basis, and to interpret the meaning of condensa- 
tion coefficients equal to or smaller than unity. 


STATISTICAL CALCULATIONS 


This chapter deals only with the case of direct evaporation. We want 
to know the evaporation probability of a molecule which is bound on 
the surface with an energy /, equal to the heat of evaporation. Two 
equivalent methods—one by PoLanyi and Wiener, the other by 
Herzrecp, Petzer and NevumMann—are available to answer this 
question. 

PoLany! and Wiener” regard the condensate as a system of oscil- 
lators. The first rough estimate of the evaporation possibility can be 
obtained under the assumption that the surface molecules oscillate 
isotropically about their equilibrium positions, and that these oscilla- 
tions are independent of the oscillations of the neighbouring molecules. 
If the frequency of the harmonic oscillations is y, the number of energy 
fluctuations per second > / in one direction of oscillation is v . e~**". 
If one assumes that any fluctuation > / leads to evaporation, then the 


evaporation probability of a molecule in the surface is 


f [sec] 


However, this estimate leads to excessively low values of evaporation 
probability, because it does not take into account the interaction be- 
tween the molecules. PoLanyi and Wiener calculate this interaction 
from the interferences of the eigen-frequencies of the condensate. 
The calculation can be carried out using, for instance, an array of 
oscillating points as a model. We will not derive the expression here, 
but only note PoLany! and WicNer’s final results. The evaporation 
probability 


for evaporation into a solid angle 27. Equation (5) is in general agree- 
ment with the experimentally observed data of the evaporation 
probability. 

Herzrecp, and Neumann’ based their method on 
the following consideration. The state of any molecule on the surface 
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can be described by two distribution functions, the Maxwell energy 
distribution, and the distribution of their centres of gravity in space. 


The spatial distribution p(x, y, z) = p(r) is characterized by the fact 


that the deviation r= (xz, y, z) from the equilibrium position is 
connected with a potential energy e(r). At the periphery of the attrac- 
tion sphere r, the potential energy is e(r,) = A, and the mean density 


of the molecule is p(r,). If a molecule is situated at the periphery of 
the attraction sphere, no activation energy is required for its evapora- 
tion, since it possesses already a potential energy equal to the heat of 
evaporation. The evaporation probability of a surface molecule is 
consequently 


’ 


f= o| p(ro) .f(w).dw = w [see] (6) 
2am 


w is the surface area and {(w) the Maxwell distribution of gas velocities 


perpendicular to this surface. The concentration p(rg) is determined by 
the distribution function to 
e 
dr 
with an integration over the whole attraction sphere r. This integral 
represents the volume contribution of the partition function Q@* of the 
condensate. The complete partition function contains, in addition, 
the momentum contribution, which is 
tit 2amkT 
h 3 ey Py /2mkT dp dpy dpz = he ) 


which is at the same time equal to the partition function Q° of the unit 
volume of the ideal gas. Hence the evaporation probability can be 
written as 
kT \t Q 
This is actually the maximum rate of evaporation according to the 
Hertz-Knudsen equation because 


. n, {sec 8 
2am 4 | (8) 


(9) 


is the statistical expression of the mass-action law. Let us consider 
equation (8), and include the internal partition function of the mole- 
cules. Then this equation has a direct physical significance. It indicates 
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that, in all substances in which the molecules have the same internal 
states in both vapour and condensate, evaporation takes place with 
maximum probability, corresponding to a condensation coefficient 
a== 1. This is an important result, because in every evaporation 
process direct transitions occur from the condensate into the vapour. 
The above relationship clarifies the rate of these transitions. Further- 
more, there are surfaces on which all or the majority of the molecules are 
bound with the energy of evaporation A; for instance on high index crys- 
tal planes and possibly even in liquids. In these cases there exist 1/w 
equivalent molecules per cm* surface and the Hertz-Knudsen equation 


i = — .n,[molecules/cm*-sec] is then easily obtained from equation (8). 


A special case of the general equations (6) and (8) should be men- 
tioned here, namely, the evaporation of an Einstein solid. In this case 
the potential energy e(r) and the concentration p(r,) are governed by 
the following relationship 

e(r) « 
tT 
where r is now the radius and not the radius vector r. 
The evaporation probability can consequently be expressed as: 


kT 
= kT 


) (12) 


Because of the model chosen, equation (12) contains the vapour pressure 
equation of a monoatomic substance. From the comparison of equation 
(12) with the general equation (8), it is evident that at low temperatures, 
where the partition function of the condensate Q@* = 1, the frequency 
vy is to be replaced by k7'/h. Furthermore, there is complete conformity 
between the special equation (12) and equation (5) as derived by 


PoLany! and WicNER. With w = and = . 
kT 


STEPWISE EVAPORATION 


2) 
. | 
0 
k7 2am 


VoLMER’s concept, that evaporation takes place by means of a self- 
adsorbed layer, is the result of the theoretical and experimental work 
of Lanemutr, KNupsEN and VoLMeR. pointed out that 
vapour molecules, on approaching the crystal surface, are attracted, 
and that they consequently obtain additional kinetic energy. When 
they strike the surface, only one or very few molecules are affected by 
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the impact of the collision; the energy is dissipated very quickly into 
the crystal lattice. According to Lanemurr*), “ the time required 
is only of the order of the atomic or molecular vibration frequencies. 
Hence there is little or no “elastic reflection” of the vapour at the con- 
densate, but only ‘‘condensation and A similar 
mechanism of adsorption and desorption applies also to the reflection 
of gases from foreign surfaces. On account of the fast energy transfer, 
LANGMUIR also concluded that the condensation coefficient « has to 
be unity. It will be shown later that this conclusion is only partly 
justified. KNupsen™® had published similar concepts, and he stated 
clearly that the reflection of the vapour molecules at a surface must 
be diffuse, and that the direction of reflection must be independent 
of the direction of incident. The evaporation probability in particular 
must show a cosine distribution normal to the surface, because only 
under these conditions is it possible to establish and maintain a 
detailed equilibrium between vapour and condensate. KNupsEN‘* 
took the trouble to prove experimentally the cosine distribution of the 
evaporation probability. For this purpose, crystals of sulphur, zinc, 
silver and ammonium sulphide were mounted in an evacuated and 
liquid-air cooled sphere in such a way that they formed part of the sur- 
face of the sphere (Fig. 33). The deposit on the inside of the sphere 
was of even thickness all over the surface, which experimentally 
proved the cosine distribution. KNUDSEN’s reason for the experiment 
was that the strict periodicity of the crystal lattice seems to suggest 


the presence of certain preferred directions of evaporation. It should 
be remembered that not only the cosine distribution, but also the 
Maxwell energy distribution of the evaporating molecules, has been 
proved experimentally; it was Stern’? who demonstrated the latter 
in his first experiments, where he used a silver wire as a direct source 


of a beam of monoatomic vapour. 

A considerable contribution to the explanation of the mechanism of 
evaporation was finally made by an experiment of VoLMER and 
EsTeRMANN™ (Fig. 34). A glass container with mercury @ was 
placed in a temperature bath of — 10°C. Condensation occurred 
at the tube 6 which contained melting chloroform (— 63°C). After 
about one minute one or very few crystal flakes formed, which grew 
further into the vapour. It was found that the rhombic crystallites 
showed at the beginning a ratio of thickness to length of approximately 
1:10. On the basis of the linear velocity of growth, the condensation 
coefficient at the basal plane was estimated to approximately 10~*. 
However, the side faces grew roughly 1000 times faster than expected 
from the maximum theoretical estimates on the basis of the number of 
collisions, i.e. 0-3 mm/min., compared to the theoretical value of 
<3 x 10 mm/min. From these observations we have to draw the 
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following conclusions: the striking lateral growth of the crystallites 
can only be explained by a surface diffusion process which takes place 
within a self-adsorbed layer. This self-adsorption is consequently an 
important intermediate state, which occurs both on condensation and 
evaporation. KNuDSEN’s and LaNnemurR’s concept that every 
reflection consists of an adsorption and a desorption has to be enlarged 
by the observation that the molecules, while in the adsorbed layer, 
may have a considerable mobility. The surface diffusion leads to a 


— Hg ~ CRYSTAL 


Fig. 33. Arrangement Fig. 34. Condensation experiment of 

for the measurement of VOLMER and EsTERMANN. Verification 

the cosine distribution of surface diffusion effects 
(KNUDSEN) 


mutual interaction of evaporation and condensation of neighbouring 
crystal planes.* 

The cosine distribution of the evaporation probability can be easily 
understood on the basis of this self-adsorbed layer. The Maxwell 
energy distribution of the evaporating molecules can be explained 
immediately from the derivations of HerzreLp, PeLzER and NEUMANN, 
which can be applied in a similar way to the adsorbed molecules. 
However, Lanomutr’s™* argument that because of the fast energy 
transfer the condensation coefficient « has to be unity, is not com- 
pletely conclusive, since the energy transfer takes place on entering the 

* Vo_tmer'” furthermore concluded from his experiments that the growth form of a 
crystal is mainly determined by the condensation coefficients of its different crystallo- 


graphic planes. Ripear and Wicerns'”® could verify experimentally this conclusion for 
rhombic sulphur grown from solutions. 
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self adsorbed layer, without necessitating an actual condensation, i.e. 
the incorporation of the molecule into the crystal lattice. The question 
why, even in the case of an indirect evaporation, the condensation 
coefficient is frequently unity, still remains open. 

At this point it is necessary to obtain an accurate picture of the 
structure of the crystal surface. According to KosseL“™®) and STRANSKI 
($2), ©”) a number of characteristic sites can be singled out on any 
crystal surface. Fig. 35 illustrates this for a simple cubic lattice. We 
can distinguish between sites in a completed edge (1), at a completed 
corner (2), in a completed surface (3), on the incomplete edge (4), at 


> 


= 


Fig. 35. Simple model of a crystal (KosseL and STRANSKI) 


the incomplete corner (5), at a step (6). There are furthermore the 
most frequent positions of adsorbed atoms (7) and vacant lattice 
positions in the surface (8). Finally there is the most important of all 
sites on the surface of the crystal, the “half-crystal position”’ (4). 
Depending on the sites they occupy, the molecules in the surface 
are bound with different energies. In the following estimates of the 
binding energies in homoeopolar and metal crystals, it is assumed that 
the binding energies are additive and only the interactions of the 
nearest and second-nearest neighbours are taken into account. Up 
to now, this assumption was shown to be completely adequate.‘*: 
8) On the basis of this assumption the binding energy is given 
by the number of first-nearest and second-nearest neighbours, which 
correspond to the energies of ¢, and ¢, < 0-1¢,, per bond respectively. 
Hence molecules in the positions 1, 2, 3, 4, 5, 6 and 7 (Fig. 35) 
possess a binding energy of (4/4), (3/3), (5/8), (1/3), (1/2), (2/6), and 
(1/4), and in the half-crystal position a binding energy of (3/6), where 
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the bracket e.g. (3/6) stands for 3-4, + 6-¢,. The half-crystal position 
is distinguished by the fact that the binding energy of a molecule in this 
position is exactly equal to the lattice energy. For a large crystal the 
equilibrium between vapour and crystal is consequently represented by 
the molecules in the half-crystal position. The statistical equilibrium 
between direct evaporation and direct condensation, as described in the 
previous paragraph, is applicable to the molecules in half-crystal posi- 
tions. All molecules in the top surface (3) do not appreciably take part in 
the evaporation process, because they are bound too firmly, whereas the 
adsorbed molecules evaporate very readily. A molecule leaving a half- 
crystal position consequently constitutes the “repeatable step” in the 


VAPOUR 


HALF CRYSTAL 


POSITION 
Fig. 36. Change of potential energy of a molecule during stepwise 
evaporation, schematic drawing—‘‘normal” change of potential - - - 
abnormal change of potential 


mechanism of evaporation. In the case of condensation the corres- 
ponding process is, of course, the attachment of a new molecule at a 
half-crystal position. Because of this, the half-crystal position is often 
called “growth site.” 

According to Votmer,‘* there is only a small probability for 
direct evaporation from the half-crystal position. Much more frequent 
is the indirect process, the stepwise transition into the vapour, 
which brings a molecule first to a step or onto a surface, because 
the activation energy for this process is only 1/2 to 1/3 of the 
heat of evaporation. In Fig. 36 the process of stepwise evaporation is 
illustrated schematically by plotting the different potential energies 
which a molecule can attain in the course of evaporation. ¢ denotes 
the potential energy of each equilibrium position and y the required 
activation energy for each transition. The dotted line denotes a special 
evaporation process which will be discussed later. In order to obtain 
estimates of the order of magnitude of the transition probabilities, which 
are of considerable interest, calculations have been carried out on a 
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sphere model of an hexagonal surface’ (Fig. 37). It was assumed that 
the attraction potentials were additive, and that they decreased with 
the sixth power of the distance. The actual potential was then calcu- 
lated from the geometry of rigid spheres. The transition probability 
W between the various sites, normalized with respect to the probability 
of the direct transition half-crystal position — vapour, are compiled 
in Table 1. The potential differences Ad and the activation energies y 


TABLE 1 


(a) 


Half-crystal 


position 


Half-crystal position O-15 0-47 
0-55 0-47 
7,600 29,000 


0-0 0-32 
0-39 0-39 0-34 
180,000 180,000 480,000 


0-47 — 0-32 
0-10 0-10 
55.107 5-5.10° 


(b) 


Half-crystal 
position Step Vapour 


Half-crystal position O15 O47 
0-37 0-67 
260,000 680 


0-0 0-32 


0-26 0-32 
2.106 700,000 


0-32 0-0 
0-10 0-10 


5-5. lw’ 55.10’ 


are also relative values with respect to the direct evaporation. These 
data were calculated for a temperature of 4/k7' = 20, which is equivalent 
to roughly one-half of the absolute boiling temperature, or a vapour 
pressure of approximately 0-1 mm Hg. Table | consists of two parts, 
because any hexagonal surface has two half-crystal positions with 
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= 
Step Face Vapour 
1-00 
1-00 
Step Ad 0-85 
0-85 
20 
Face Ad 0-0 0-53 
0-10 0-53 
Ww 5-5. 10° 10,000 
= 
1-00 
1-00 
1-00 
Step Ad O15 0-85 
5. 108 20 
Face 0-47 0-53 
Ww 8. 10° 10,000 
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slightly different co-ordinations. The figures show clearly that direct 
evaporation is much less probable than any other transition. 

The concentration of molecules in the self-adsorbed layer is rather 
small. If 4 denotes the binding energy in the half-crystal position, ¢,, 
the binding energy in the adsorbed layer and ¢,, the binding energy of 


Fig. 38. Structure of a step (BURTON, CABRERA and FRANK) 


a molecule in the top crystal plane of the surface, then the concentration 
of the adsorbed layer is approximately 


l/a® .exp — (A — ¢,,)/kT [molecules/cem?*] 


and the concentration of imperfections in the surface is approximately 


.exp — (¢,, — A)/kT [cm~*] 


If we estimate that A — ¢,, ~ ¢,, — A ~» 4A then the concentrations 
become approximately I/a?. 10~** [cm~*] at a temperature of one- 
half of the absolute boiling temperature. Similar estimates can give 
us a picture of the structure of a step which has a complicated profile. 
(See schematic sketch in Fig. 38.) The contour of the step protrudes 
and recedes, creating half-crystal positions at every interval. If such a 


Yl. 


Y 


Yy 


Fig. 39. Formation of half-crystal positions in a step 


contour is formed on a formerly straight step, an expenditure of energy 
is required, let us say an energy w for each half-crystal position. Let 
n or gq denote the probability of a lattice site in the contour of the 
step constituting or not constituting a half-crystal position. Then 
niq =e“ and 2n + q= 1. The mean distance between the half- 
crystal positions is jn = 1 + }..e**" lattice spacings. The energy 
of formation of a half-crystal position can be estimated on the basis 
of a model, illustrated in Fig. 39. Two (or more) molecules were 
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removed from a straight step and added onto its contour. This requires 
an energy ¢, with each of the four newly created half-crystal positions 
having an energy }¢ = w. With a closed packed step on a (111) plane of 
a f.c.c. crystal w is equal to }¢,, if only the binding energies between 
next nearest neighbours are taken into account. The lattice energy of a 
f.c.c. crystal is 2 ~ 6¢,, consequently the mean distance between half- 
crystal positions is $n ~ 4, again for A/k7’ = 20. In less closely 
packed steps the distance between half-crystal positions is still 
smaller. At very low temperatures the steps are straight. These 
estimates of the structure of the steps were carried out by Burton, 
CABRERA and FRANkK,‘'”) who also extended the argument by including 
the entropy factor. Basically the picture remains unchanged. 

In addition to the structure of the steps the question of the number 
of steps in the surface is of interest. Srransk1'**) showed that, in the 
case of an ideal crystal, the low index faces are atomically plane, apart 
from adsorbed molecules and imperfections in the lattice plane of the 
surface. For higher index faces one has to expect surface roughening ; 
this produces subaggregations on the surface, which are in turn 
bounded by low-index equilibrium faces. The exact mathematical 
calculation of the surface structure of an ideal crystal is somewhat 
difficult, and requires methods of co-operative statistics. Burton, 
CABRERA and FRANK,” following work by ONSAGER and BETueE, arrive 
at the following conclusion. Low index faces with only nearest neighbour 
interaction ({100} in f.c.c. crystals) are essentially plane, up to tempera- 
tures around the melting point. However, faces with effective second 
neighbour interaction (for instance {110} in f.c.c. crystals) have a 
transition temperature of roughly one-half of the absolute melting 
temperature. Above this temperature strong roughening of the surface 
occurs, which can be interpreted as “‘surface melting’ with respect to 
the binding between second-nearest neighbours. Whether or not these 
thermal steps exercise any detectable influence on the mechanism and 
the rate of the evaporation process has not yet been established. 

Surface steps that are produced by lattice imperfection are of para- 
mount importance for the rate of evaporation. These are in the first 
place surface positions where dislocations from the interior of the 
crystal terminate (Fig. 40). The mechanism of spiral growth, which 
was predicted by Franx,‘*) was experimentally verified in numerous 
cases on natural minerals, as well as on crystals grown from the vapour 
or by electrodeposition (Fig. 41). In the case of spiral growth the steps 
do not grow out, but are perpetuated. This type of growth was mainly 
observed at very slow rates of condensation. However, exact quanti- 
tive experiments have yet to be carried out. The implications of 
FRrankK’s model on the problems of evaporation have not yet been 
discussed in detail. 
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In most condensation or evaporation experiments, the growth 
lamellae (Fig. 42) or the terrace-like structure of the evaporating surface 
are the centre of interest.“®. 5). The height of growth lamellae 
varies from a few lattice distances to roughly 1 uw. The height of the 
lamella may change during lateral growth, generally it increases. Some- 
times the lateral growth shows fluctuations, which may be caused by 
foreign atoms blocking further growth temporarily. On evaporation of 
KCl and KI crystals the formation of conic depressions in the crystal 
surface was observed (Fig. 43).{") This means that the dissolution of 
the solid is not a homogeneous process, but that it takes place via 


Fig. 40. Model of a screw dislocation terminating in the 
surface (FRANK) 


layers or terraces. The details of the theory of crystal growth shall not 
be discussed here, but it should be mentioned that the presently 
available observations show an imperfect crystal on evaporation to 
contain a large number of steps with a mean distance of less than 
100 to 1000 A. 

The surface diffusion has been varified qualitatively in various 
experiments. In addition to the experiments on mercury, mentioned 
earlier, attention should be drawn to an experiment by VOLMER and 
ApHIKARI® on benzophenone. Drops of mercury were falling on the 
tip of a crystal of benzophenone. It turned out that not only the tip 
dissolved, but parts of the crystal that had not been in direct contact 
with the mercury. Similar effects were observed on phthalic anhy- 
dride.“* It has long been well known that crystals nucleating in 
freezing drops may grow far beyond the contours of the original drop. 
The shape of ice crystals on the window pane has its origin also in a 
process of surface migration. The surface migration of rock salt can be 
demonstrated by placing a heated ring of platinum wire around a 
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Growth spirals on SiC (VERMA) 


(4) (b) 


Fig. 42. Block structure and growth lamellae on cadmium: a—normal 
field; b—-interference fringes (McNutTT and MEHL) 
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(b) Trough position on OLL (p 1 -6r, 
e.g. Ba-atoms on W). 


(c) Saddle position on O01, (d) Trough position on 112 (p 1-3r). 


(e) Normal saddle on 112 (diffusion along (f) Saddle on 112 (across the grooves). 
the grooves). 


Fig. 44. Model of the adsorption positions on b.c.c. lattice planes 


(a) Trough position on O11 (p r). 
> 
| 


Tungsten tip of 1000 A diameter, photographed with field 


emission microscope. Verification of the migration of tungsten on 
tungsten (DRECHSLER 
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rock-salt crystal.‘*?) New crystallites grow on the surface some distance 
from the wire. The first measurements of surface diffusion were carried 
out by Becker,’ Taytor and Lanemurr** and BoswortH®” on 
foreign adsorption layers. They measured the diffusion of thorium, 
cesium, barium and potassium on tungsten. CLancey‘®), “*) measured 
the surface migration of naphthaline on different base materials, using 
a torsion balance (LeCLAarrE, Progress in Metal Physics, 4 (1953) 293). 

The coefficient of surface diffusion can be estimated on the basis of 
EtNsTetn’s formula” 


re—4.D.1 


r? is the mean square of the displacement in the z or y direction, ¢ the 
corresponding time of observation, D the diffusion coefficient. If ¢ is 
replaced by ¢,, the mean lifetime in one surface position, 


(14) 


and if r is taken as r = a, the distance between neighbouring equili- 
brium positions, the following estimate can be obtained: 


The transition energy y, can be calculated from the sphere model of 
the surface, as shown above. Fig. 44 shows several surface models of a 
b.c.c, crystal.’ The black spheres indicate adsorbed atoms of different 
size in equilibrium position (trough position), and in different saddle 
positions. From these pictures it can be seen that there are preferred 
directions of surface diffusion, for instance, along the grooves of {112}. 
Furthermore, the geometry of the surface indicates that the heat of 
adsorption and the energy of transition can vary considerably between 
different crystal planes. For instance, in the case of adsorption of 
tungsten on tungsten, the mean lifetime at 1000°K on a {112} plane is 
roughly one second; on {111} it is approximately 10" sec. (DREcH- 
sLeR"?)), The calculation of diffusion coefficients for b.c.c. crystals is 
of special interest, since experimental data on tungsten can be obtained 
with E. W. MU.LiEr’s‘® field emission microscope. Fig. 45 shows a 
tungsten tip onto which tungsten was deposited from the vapour. 
The originally rounded tip, which is a perfect crystal of approximately 
1000 A diameter, shows bright segments around the poles of certain 
planes. These are the regions where increased electron emission occurs, 
and one can conclude that on these areas edges were formed on the 
originally round surface. This can be explained as follows: surface 
diffusion is especially large on high index planes. Consequently any 
tungsten atoms adsorbed there will migrate quickly to the sides, and 
are retained on the neighbouring high index planes. The result is a 
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lateral growth of the low index planes and the formation of edges at 
the rims. The picture indicates clearly the preferred directions of 
diffusion on {011} and {112}, which could be predicted from the 
symmetry of these planes. From several of these photographs, taken 
at different intervals, the diffusion coefficient can be calculated by the 
standard mathematical procedures. The measurement of the diffusion 
coefficient was carried out for barium on tungsten. Fig. 46 shows its 
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A 
535°K 


Fig. 46. Diffusion coefficient D [cm*/sec) of individual crystal faces. 
Barium on tungsten (DRECHSLER) 


value and temperature dependence (the circles are the experimentally 
obtained data). Table 2 compiles the measured and calculated energies 


TABLE 2 


Transition Energies on Single Crystal Planes for Ba on W. In column 
012, the Energy is given across the Grooves 


Plane 110 122 O12 | O12, 11i | 001 112 123 (134) 


Experi- 0-31 on the 


mental plane only 
in eV ~ 0-20 0-24 1-45 0-50 0-66 ~ 0-76 slightly 
(average CoV ered 


with oxygen 


Theoretical 


o-19 0-46 1-34 0-47 0-65 0-73 0-79 


in eV 


of transitions on certain single crystal planes. Their good agreement 
proves the usefulness of the method of calculation, initially used by 
STRANSKI and (®) 

Neumann discussed the surface diffusion on ionic crystals. In 
this case surface migration is based on the following mechanism: 
one ion on the surface is lifted out of the crystal plane and rotates 
past its neighbour, which remains in its equilibrium position (Fig. 47). 
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Surface migration is thus connected with a rotation process. Distinct 
differences between different crystallographic planes can also be expec- 
ted for the surface diffusion on ionic crystals. 

The influence of the surface diffusion on the rate of evaporation 
depends on the mean path of the adsorbed molecule in the adsorbed 
layer during its lifetime /,,. The mean lifetime is 


+ 


Fig. 47. Surface migration on ionic crystals (NEUMANN and VOLMER) 


where the frequency factor is again of the order of magnitude of the 
atomic frequency and ¢,, is the energy of adsorption. From (13), (15) 
and (16) the mean diffusion distance r can be derived 


r=(4.D.t,)t wa. (17) 


A few values of r, as estimated by Neumann, (68) 
Burton, CaBRerA and FRANK"? should be mentioned here. On 
closed packed planes and at a vapour pressure of approximately 
0-1 mm Hg, r is approximately 230 lattice distances. In the special 
case of {110} and {111} planes of a f.c.c. crystal, r ~ 3000 andr ~ 400 
lattice distances respectively. For the equilibrium faces of rock-salt 
at 500°K and 1000°K, r is approximately 1000 and 25 respectively; 
for a tetragonal ionic crystal KReO,, with an evaporation coefficient 
« of 0-85 (NEUMANN and CosTEaNv) r~ 13 for {110} and {111} orr~1 for 
{001} at 500°C. With increasing temperature the diffusion distances 
decrease exponentially. 

The rate of stepwise evaporation may now be calculated on the basis 
of the previously developed concepts of the structure of the crystal 
surface and of the mechanism of surface diffusion", °*. We will 
consider a process of evaporation with the following sequence: Half- 
crystal position — step — surface —- vapour.°* The calculation is 
carried out on a surface element / . d, which is bounded by two parallel 
steps (Fig. 48), / denotes their length, d their distance. h{cm~] is the 
density of half-crystal positions in the steps, e[molecules/em] is the 
density of the molecules adsorbed at the steps, s{|molecules/cm?*] is the 
density of the self-adsorbed layer, and n{molecules/cm*] is the actual 
concentration of the vapour which is assumed to be constant over the 
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whole surface. The ‘current’ of molecules from the half-crystal 
positions to the step is 


(a) As, 


k denotes here and in the following equations the rate constant of the 
transitions. By the same reasoning the ‘current’? from the step to 
the surface is 


(b) 


with s, denoting the density of the adsorption layer immediately 
adjacent to the step. 

On the surface both migration and evaporation take place simulta- 
neously. The density of the adsorbed layer consequently decreases 


with increasing distance from the steps. The rate of evaporation at a 
certain point on the surface is equal to the (negative) divergence of the 
diffusion current, i.e. i ~— div grad s. On the other hand, the rate 


of evaporation at this point is given by i = k,,.s — 7 taking the 


ideal value of v/4 as the rate constant of the adsorption process. Let us 
suppose that diffusion takes place only in the x-direction. Then s(x) 
is given by the following relationship 


9 
Os 


D 


The rate constant /,, is equal to the reciprocal lifetime in the adsorbed 
layer 1/t,,. Consequently, according to equation (13) 


(4. D/k,,)t =r 


the mean diffusion distance, and we can now write 


4 
: 
Fig. 48 
| 5 
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The integral is then 


4°") cosh (djr) 


sv 


The “current” from the adsorption layer into the vapour is 
d/2 O28 


Ox? 


(c) As, = 2.1. p| 


v0 


dz=i. . 8 — ; n) tanh (d/r) 


For the steady state case the three “currents” are equal 


= 


We now eliminate the unknown concentrations e and s, from equations 
(a), (6), (c). Furthermore, we divide the equation by the surface 
element /.d, and we obtain the following relationship for the rate of 
evaporation 


tanh 
"4° 


rk d l 
1+-.—.t l+-.— 
tanh 


v 
(n, — n) [molecules/cm?-sec] 


which is again the Hertz-Knudsen equation. According to the 
definition of the rate constants in equation (a), (6) and (c) 
a 


r? 


l 
a exp — (Wes Pen) [kT 


and l/a.h=g, is equal to the mean distance g of the half-crystal 
positions measured in lattice spacings. Consequently we can now write 


r 
7 tanh 


(19) 
+ “tanh (£) -[1 + 9-exp — (ys — 
Tr r 


According to (19), the condensation coefficient has the value «, ~ 1 
if r >d and r > ag, that is, if the mean diffusion distance is larger 
than the distance of the edges and of the half-crystal positions. Under 
these conditions the equilibrium density of the self-adsorbed layer 
remains virtually constant. The rate-determining step in the stepwise 


225 


4 (2) 
= 
ky, . 
he* “es * “sv 
‘= F k —n (18) 
= 
k.. 
es 
€.9.6 
| 


PROGRESS IN METAL PHYSICS 


evaporation turns out to be the desorption from the self-adsorbed 
layer, because the preceding steps of the reaction are nearly equilibrium 
process. This leads to the general conclusion that, in the case of 
unrestricted adsorption and desorption, the condensation coefficient 
a is approximately unity. This result remains essentially valid, even if 
various other possible paths of the reaction are taken into account; 
for instance, the direct evaporation from half-crystal positions, the 
possible path half-crystal — surface — vapour and the occasional 
lifting of an atom out of the top crystal plane, which can be more 
frequent at high temperatures. 


CONDENSATION COEFFICIENT « < | 
The equilibrium concentration of the vapour is given by 
_@ 
OF ~ Ok OF 
Q 


where 
Q? = (2amkT /h?)! 


is the partition function of the ideal gas and 


Qi = (2amkT'/h?)) x | Jexp (— y, z)/kT . dx. dy .dz 


the partition function of the condensate, excluding the internal states 
of the molecules (for instance, rotation). @, denotes the internal 
partition functions, including the statistical weights or symmetry 
numbers. 

In the preceding derivations we had assumed a priori that the 
internal states and the statistical weights of the vapour molecules and 
of the condensed molecules were the same. Working on this assumption, 
we calculated the condensation coefficient for direct evaporation to 
a = 1, and for stepwise evaporation to « = 1. If the molecules of a 
substance change their internal energy states during evaporation, the 
previous derivations have to be modified. H&rzreLp* was the first 
to draw attention to this problem, and to discuss the following cases. 
If the internal partition functions are not taken into account, the rate 
of direct evaporation is, according to equation (8) and (20) 


kT 


2am 4 


In this case the coefficient of evaporation is <«,; "iQ! <1. The 
condensation process must in this case be restricted, because otherwise 
there would be no kinetic equilibrium between vapour and condensate. 
The condensation is often restricted by steric factors—for instance 
wrongly oriented spins in the case of the condensation of a diamagnetic 
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crystal, or disadvantageous geometrical orientations, which may occur 
when complex or polar vapour molecules strike the condensate. The 
other extreme is condensation without any restriction. It is then only 
possible to maintain a kinetic equilibrium between vapour and con- 
densate if the rate of evaporation is “‘supernormal,”’ i.e. if a molecule 
has the possibility of taking up additional energy (for instance, for the 
excitation of a rotational state) before leaving the surface. Both these 
extreme cases and intermediate stages are known to exist. 

The discussion of the general case of the rate of evaporation is best 
carried out on the basis of the transition state theory. (72), (77), (100) 
We shall discuss first the case of direct evaporation, where 

holds. 

Q* is the partition function of the activated complex, after sub- 
traction of the reactive co-ordinate, and e¢, the activation energy for 
evaporation. Throughout the following paragraph the transmission 
coefficient « will be assumed to be unity. In order to obtain an 
expression for the condensation coefficient, we now introduce the 
vapour pressure relationship, equation (20), and obtain 
kT Q* 
h Q 
with e = e, — A denoting the activation energy for condensation. 

An activated complex is by definition a molecule with equal pro- 
bability to condense or to evaporate. Consequently, its position is on 
the limit of the sphere of attraction, and it has already the translatory 
degrees of freedom of the vapour. The reaction co-ordinate is the 
translation normal to the surface. Hence 


with Q* denoting the internal partition function of the activated 
complex. If we express the partition function of the vapour as 

= (2amkT /h?): . QF 
then equation (22) and (23) yield 


2am 


~e/kT’ 


‘= n, 


The condensation coefficient for the direct evaporation process is then 


* 
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In the case of “normal” evaporation Q* = Q? and e¢ = 0, conse- 
quently «= 1, in agreement with the result of earlier statistical 
considerations.* 

In general the internal partition function of an activated complex 
can have any value between that of the vapour molecule and that of the 
condensed molecule. It is necessary to determine this value in each 
case experimentally or by theoretical considerations. 

In order to calculate the stepwise evaporation exactly, it would be 
necessary to determine all rate constants in equation (18) on the basis 
of the transition state theory. This calculation has not yet been carried 
out. Consequently we have to rely at present on the previously made 
estimate that «, = 1, which means that the equilibrium concentration 
of the adsorbed layer remains, even during evaporation, practically 
constant. However, the rate constant of the adsorption should now 
be formulated more precisely. Formerly we had assumed the ideal 
value of v/4. Now 

From this expression, together with equation (18), we obtain for «, again 
equation (24). The properties of the activated complex can now be des- 
cribed a little better, since in the case of stepwise evaporation the 
“activated complex” is a molecule with properties between those of 
vapour molecule and those of the adsorbed molecule. In this connection 
the rotation of the molecules is of special interest. If no activation 
energy for the adsorption is required, the condensation coefficient, as 
far as it is related to rotational processes, is 
ZR 
Vr 

Equation (25) has been used by various authors to interpret the ex- 
perimentally obtained values of condensation coefficients. For KCl 
and KI the condensation coefficient « was determined to unity." On 
the basis of equation (25) this result can be interpreted to mean that in 
the activated complex, and probably also in the adsorbed layer, the 
rotational states are already fully excited. This interpretation is in 
agreement with the ideas of Neumann‘? on surface diffusion in ionic 
crystals. determined the condensation coefficient of 
sulphur to « = 0-7, and he interpreted this value as being due to 
restricted rotation of the activated complexes. It was assumed that 
the activated complexes could rotate freely in one dimension and that 


(25) 


* It should be remembered that the statistical calculations of Petzer'’” are in agree. 
ment with the principles of the transition state theory, and that they were among the 


firat correct determinations of a rate of reaction on a statistical basis. 
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torsional vibrations are possible in two dimensions. The rotational 
partition function of the vapour is 


with o denoting the symmetry number, and A, B and C the moments 
of inertia around the three principal axes. The partition function for 
one vibration is 


Q, (1 1 


BRADLEY uses the following data for Q}/Q},: A = 2-4 x 10°"; B=C 

1-3 x 10-%[g . cm*], the symmetry number o = 16 for the vapour. 
The activated complex has a symmetry number o = 4; the frequency 
of the two torsional vibrations were assumed ad hoc to be v = 1-4 x 
10"{sec"] or 4-7[cm~"]. From this = 0-7 at 25°C. 

In the case of evaporation of liquids the activated complex has a 
state of rotation similar to a molecule in the interior of the liquid. 
Kincarp and Eyrine™® describe the restricted rotation in water by a 
twice-degenerated vibration of 167 [cm~"] and a vibration of 500 [em~"]. 
The product of the moments of inertia A. B.C = 61 x 
This makes the “free angle ratio’ Q}/Q) = 0-04 at 20°C, in good 
agreement with the condensation coefficient of water. 

In Table 3 some values of the free angle ratio, of the condensation 


coefficients and of the entropy of evaporation As at n, = 0-020 [mole/1] 
are compiled (WYLLIE), 


TABLE 3 


Liquids Temperature Condensation Free-angle 
Coefficient ratio 


ccl, 273 l l 
C,H, 275 0-90 > 0-85 
CHCl, 27! 0-16 0-54 
C,H,OH 0-020 0-018 
CH,OH : 0-045 0-048 
H,O 0-045 0-04 


The fact that the condensation coefficient « is smaller than unity 
usually indicates the presence of an activation energy of the rate of 
evaporation, which can be larger or smaller than the heat of evapora- 
tion. For instance, according to BRADLEY a, = Q}/Q_ ~ 7’, which 
means an increase of the experimental activation energy by RT’. In 
their investigation of the evaporation of individual crystal faces of 
sulphur, Ripeat and measured activation energies of up 
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to 115 per cent of the heat of evaporation (Fig. 49). They measured 
the evaporation pressure directly—as described on p. 192. Most 
interesting is the experimental! observation of discontinuities in the 
evaporation pressure curves which occur just at the temperatures at 
which the evaporation pressure reaches the value of the vapour 
pressure. The evaporation pressure cannot be higher than that, 
because no equilibrium between vapour and crystal would then be 
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(ool) and (011) faces. A (O01), (O11), of the (001) face above 0 Oo 


saturated vapour pressure 


possible. and Wicerns interpret this experimental observation 
by assuming that the structure of the crystal surface changes at the 
transition temperature. The two torsional vibrations of the molecules 
in the top lattice plane are supposed to change at this point into 
rotations around two of the principal axes. One would expect this to 
be connected with a decrease by RT’ in the activation energy, which 
is in satisfactory agreement with the observed value of 700 cal. In 
contrast to the theoretical concept outlined in the preceding paragraphs, 
the authors assumed that the rate determining step in the evaporation 
process is a formation of an imperfection in a straight edge. On the 
basis of this idea, advanced already earlier, RipeaL and WIGGINS 
expect the activation energy to be always larger or at least equal to 
the heat of evaporation.“ This actually occurs in the case of sulphur 
and the measured activation energies correspond to the binding 
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energies of a molecule in the closest-packed or second closest-packed 
edge on each surface. A discontinuity in the evaporation curve can be 
observed 1-2° below the transformation point rhombic/monocline. 
This is interpreted as a two-dimensional transformation into the 
monoclinic modification (Fig. 49b). A special hysteresis effect occurs; 
on cooling down the crystals show a higher evaporation pressure than 
on heating up. The activation energy on cooling is nearly identical 
with the heat of evaporation of monoclinic sulphur. 

The evaporation of ammonium chloride is of special theoretical 
interest. Fundamentally, this is not an evaporation process but a 
dissociation, NH,Cl -- NH, + HCl or, in the case of the condensation, 
it is really a bimolecular reaction that takes place. Already SPINGLER 
‘ has explained his experimental results by the concept that in this 
case the rate determining step is the transition from the half-crystal 
position into the self adsorbed layer. From this it can be easily under- 
stood that the activation energy of the evaporation of ammonium 
chloride is only 13 kcal compared with a heat of evaporation of 39 kcal. 
The desorption of NH, and HC! occurs, in comparison, so fast that it 
does not assert an influence on the rate of the overall reaction.“* The 
rate of dissociation of ammonium chloride can be regarded as a direct 
proof of VoLMER’s theory of stepwise evaporation. 

In this case of evaporation of red phosphorus®® and monoclinic 
arsenic oxyde the experimentally observed condensation coefficients 
were of the order of 10-*, and the activation energies exceeded the 
respective heats of evaporation by up to 100 per cent. Red phosphorus 
and claudetite belong to a group of substances which do not follow a 
number of well-known rules. This group shows the following features : 
(1) The crystals can be superheated far above their melting point. (2) 
TROUTON’s constant may exceed its customary value by up to 200 per 
cent. (3) The high temperature modification is of lower symmetry 
than the low temperature modification (monoclinic claudetite compared 
to regular arsenolithe). (4) These substances do not follow OsTwALp’s 
steprule (Stufenregel) according to which the high temperature modi- 
fication has always the higher nucleation frequency. (5) Only in this 
group of substances the condensation coefficients are abnormally 
small. (6) The substances of abnormally small rate of evaporation also 
show the phenomenon of ‘‘activated condensation,” i.e. a considerable 
increase in the rate of condensation (and the rate of nucleation) after 
prior excitation of the vapour molecules. This may be done thermally 


or by electron impact. 

The key to the interpretation of all these peculiarities is the fact that 
all the crystals in this group have valence lattices and may be regarded 
as macromolecules. The state of binding of the solid is distinctly 
different from that of the vapour molecules. This was proved for 
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claudetite by detailed x-ray investigations by STRaNsKI and co- 
workers.“ “) According to their work, claudetite is a polymer of 
As,O,, and the valence bonds extend throughout the whole crystal, 
while the vapour contains As,O, molecules. Similar considerations may 
hold for other members of this group. MEeLVILLE and Gray®® assumed 
that the anomalies in the rate of evaporation in TROUTON’s constant, 
and other properties of red phosphorus, could be immediately cleared 
up, if the discussion would be based solely on the exchange processes 
between the crystal and the P,-molecules, which have only a very low 
partial pressure in the vapour equilibrium. A quantitative test of this 
idea will only be possible when more exact measurements of the 
P,-partial pressure are available. Srranski and his co-workers *) 
have stressed the fact that the separation of a molecule from a valence 
crystal is connected with a considerable rearrangement of the electron 
configuration. This makes it possible, that the activation energy of 
evaporation can be much larger than the heat of evaporation. This 
fact is illustrated in Fig. 36. It is interesting to note that the evapora- 
tion and condensation of this type of substance can be strongly 
catalysed, for instance, in the case of claudetite by water vapour.” 
This could indicate that there exists a true energy barrier. Smits and 
MoERMANN** observed that the usually extremely slow rate of evapora- 
tion of SO, increased enormously after irradiation with X-rays. 

Observations of unexplainable losses of metals, for instance of silver, 
gold or silicon, which cannot be explained by the magnitude of the 
vapour pressure of the metal, are described frequently in the technical 
literature.’ In some cases laboratory experiments could clear up the 
problem, and it was shown that the abnormal volatility of certain 
metals is caused mainly by the formation of endotherme intermediate 
compounds like Ag,O, AuCl, ete.“ These vapour compounds were 
at first not immediately recognized, because they dissociate on 
condensation, or enter into secondary reactions and thus escape 
direct detection. Many sublimation processes in metal industry are a 
combination of normal evaporation and heterogeneous reactions. In 
spite of the great technical importance of these processes, only a few 
have been investigated on a rigorous scientific basis. 

The evaporation of alloys becomes increasingly important on account 
of recent progress in vacuum metallurgy. In the case of a solid solution 
it is usually the diffusion of the more volatile component towards the 
surface, which determines the rate of evaporation. Carbon enriches 
quickly on the surface of coked iron foil when the latter evaporates. 
Wesse_” observed that solid pure iron takes up carbon fairly fast 
when heated in a graphite crucible; this uptake of carbon reduces the 
rate of evaporation considerably. On the other hand, it was reported 
by MARSHALL and co-workers®"” that nickel evaporates apparently 
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nearly unimpeded through nickel oxide layers of several « thickness. 
The measurements of Herrmann and Knacke on cadmium amalgam 
indicate that, in the case of liquid alloys, the phase transition of each 
component follows the Hertz-Knudsen equation, provided the restrict- 
ing influence of diffusion is reduced by adequate stirring of the bath. 
The following few remarks are concerned with the influence of a 
foreign gas on the rate of the phase transition. According to the general 


v 
equation i = «. i (n, — n) there are two ways to explain the decrease 


of the rate of evaporation. According to Macne®) and Pricer’ 

the adsorption of a foreign gas reduces the condensation coefficient. 

In relevant slow evaporation experiments, only the rate of evaporation 

i and the actual vapour concentration » are measured. Macue and 

PRUGER assume x, to be the saturation concentration of the pure 

substance. Since in the case of slow evaporation the difference (n, — n) 

is only very small, it is theoretically equally possible and physically 

more obvious that the reduced rate of evaporation is due to a decrease 

in saturation pressure, which can be caused by absorption of a foreign 

gas. This explanation had already been suggested by GuprRis and 

KuLrkowa. 
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MOSAIC STRUCTURE 


P. B. Hirsch 


INTRODUCTION 


THE term “‘mosaic structure’’ was suggested by EWALp as a convenient 
description of DaRWin’s mathematical model of an imperfect crystal, 
Although Darwin's mosaic was considered to be an_ idealized 
description of the distribution of imperfections in a crystal, convenient 
for mathematical treatment, the basic idea of a mosaic structure was 
accepted as corresponding closely to physical reality by many workers 
engaged on studies of topics such as the plastic properties of crystals 
and crystal growth phenomena. From time to time new types of mosaic 
structure were proposed; up to about 1934 many closely reasoned 
papers were published by Smexka.,® Zwicky,’ Buercer,”’ ORo- 
wan,” Buckiey,"” Goetz and others, in which the various types 
of structure were discussed. The mosaics proposed during this period 
were of two kinds, namely those which were considered to be produced 
more or less accidentally during growth and subsequent deformation, 
and those which were thought to be an essential feature of a thermo- 
dynamically stable crystal. Around 1934 it became clear that the 
theoretical evidence for the necessity of the second type of structure 
was unsound,’*-™) but the existence of the first type was generally 
accepted. Throughout this period, however, the nature of the mosaic 
was rather ill-defined; it could only be described in general terms, such 
as a misorientated block structure, or a system of cracks. A great 
advance was made in the understanding of the nature of the imperfec- 
tions when the macroscopic description was abandoned, and the 
imperfect crystal was described instead in terms of arrangements of 
elementary faults on an atomic scale. The most important step in this 
direction was taken in 1934 when the idea of a dislocation was intro- 
duced by Tayior,“” Orowan“® and Potanyi.“” A further impor- 
tant advance was made by Braco” and Burcers,“”. “?) who showed 
that simple crystal boundaries could be described in terms of certain 
arrangements of dislocations. During recent years much progress has 
been made in the understanding of the properties of dislocations in 
crystals, and in the interpretation of the behaviour of crystals in terms 
of the arrangement, movement and interactions of dislocations.“* 
With regard to the problem of the origin of dislocations, the develop- 
ment of a theory of the growth of imperfect crystals from solutions 
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and vapours, and its experimental verification, have provided a further 
most important clarification.“ 

Many questions about the nature of dislocations in crystals and their 
interaction and arrangement still remain to be answered. Meanwhile 
the term “mosaic structure’ requires a more precise definition. A 
complete description of a crystal will only be possible in terms of the 
actual arrangement of imperfections. In the absence of such know- 
ledge it might be best to describe the crystal simply as imperfect, and 
retain the term “mosaic” for those crystals which really do consist of 
slightly misorientated blocks. There is ample evidence now that such 
mosaics occur frequently. 

Imperfections in crystals have an influence on many different 
physical properties, and this review will be confined to a few topics 
only. It has been written with the object of summarizing existing 
information about the distribution of dislocations in crystals, and its 
relation with mechanical properties. First, a short historical account 
of the growth of the subject up to 1934 is given; next, recent evidence 
on the distribution of dislocations in annealed crystals is discussed; a 
third section deals with the distribution of dislocations in deformed 
crystals and with the mechanism of their redistribution during 
annealing. 

In a review of this type some overlap with reports published 
previously in this series is unavoidable; however, only brief reference 
will be made to any topic which has already been fully discussed 
elsewhere. 


I. HistoricaL DEVELOPMENT 


1. The Darwin Mosaic 


Almost as soon as X-ray diffraction from crystals was discovered, it was 
observed that the intensity of x-ray reflection depends on the perfec- 
tion of the crystal.“ The theory of reflection from large perfect 
crystals ‘!-**), worked out in 1914, predicted that the angular range of 
reflection should be of the order of seconds of are while the total 
intensity reflected in this angular range should be proportional to the 
structure factor (/') of the reflection. Although this was found to be 
approximately the case for a few crystals (e.g. some diamonds‘), in 
general the measured intensities were 10-100 times too large and were 
proportional to F?, while the angular range of reflection was found to be 
of the order of minutes of arc. The large angular widths were thought 
to be due to misorientations in the crystal, which DaRwiIn considered 
as a kind of warping. These misorientations also destroy the coherence 
between the radiation reflected from different depths of the crystal, 
and this results in changes in the reflected intensity. 

The intensity reflected by a perfect crystal is governed by the 
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phenomenon called “primary extinction”. @ In discussions of 
the intensity of reflection from perfect crystals, two different geo- 
metrical arrangements are usually considered. In the first, the reflected 
beam emerges from the face through which the incident beam enters 
(“Bragg” case, Fig. la); in the second, the reflected beam emerges 
through another, generally parallel, face of the crystal (““Laue” case, 
Fig. 16). The present discussion will be confined to the ““Bragg’’ case. 
When the crystal is in a reflecting position the incident beam is 
“extinguished” by loss of energy into the diffracted beam. The wave 
reflected by each crystal plane suffers a phase change of - relative to 
that of the incident beam. The diffracted beam in turn will be scattered 
into the direction of the incident beam, and the twice-reflected beam 


REFLECTED INCIDENT BEAM 
INCIDENT BLAM BEAM 


REFLECTED 
(b) BEAM 


Fig. 1. Definition of (a) and (b) reflections 


has a phase difference of 7 relative to the transmitted incident beam, 
which results in a reduction of its amplitude. In a perfect crystal there 
is a definite phase relationship between the incident, the reflected and 
multiple reflected waves throughout the crystal, and as a result there 
is a constant interchange of energy between primary and diffracted 
beams, and a dynamic equilibrium is set up between them. As a result 
of this process the primary beam is extinguished after penetrating to 
a depth of only 0-1 « to 10 uw for strong reflections, and larger distances 
for weaker reflections. Complete extinction of the primary beam at a 
particular glancing angle implies, of course, total reflection at that angle. 
The dynamical theory of diffraction of x-rays from perfect crystals 
predicts that the incident beam will be approximately totally reflected 
over a small angular range (of the order of a few seconds of arc) which 
is determined by the effective extinction distance (i.e. the depth of 
penetration of the beam, or, putting it another way, the number of 
crystal planes contributing to the reflection). If, within the extinction 
distance for a perfect crystal, the crystal contains imperfections which 
cause warping of the lattice by an amount exceeding the angular 
range of reflection, the dynamic equilibrium between primary and 
diffracted beams will be destroyed, and different parts of the crystal 
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can be considered to diffract independently. As the size of the coher- 
ently diffracting region is now less than the extinction distance for a 
perfect crystal, the beam is no longer totally reflected at a particular 
angle or within a specified angular range; the actual intensity reflected 
at a particular angle will depend on the size of the coherently diffracting 
regions, on the separation of regions in parallel orientation in the 
path of the beam, and on the true absorption of the crystal. On the 
other hand, the crystal will now reflect over a wider angular range, 
and the total intensity reflected is larger than for a perfect crystal 
(Fig. 2). The maximum total intensity reflected from a crystal is that 
from an “ideally imperfect crystal,’ in which the coherent regions are 
so small and so widely distributed in angle that the amount of energy 
lost by diffraction in each region is small compared with the energy 


INTENSITY 


ANGLE 


Fig. 2. Reflection curve from (a) a perfect crystal and (b) an 
imperfect crystal 


lost by true absorption. The “ideally imperfect crystal’ or “mosaic 
crystal” does not therefore correspond to any particular type of 
imperfection, but to the assumption that extinction is negligible, what- 
ever the cause. Under suitable conditions, e.g. long wavelength and 
high absorption coefficient, or a weak reflection, even a perfect crystal 
will behave as a ‘mosaic crystal,” in the sense that extinction will be 
negligible, and the intensity reflected by the two types of crystal is 
then the same.‘* 

In order to study the extent of the changes of intensity as a function 
of the concentration of imperfections, Darwin) considered a crystal 
model consisting of blocks of size ¢ slightly misorientated relative to 
one another. If the alignment is good, the primary beam after partial 
diffraction in one block may pass through several other parallel blocks 
further inside the crystal. Owing to the energy loss by diffraction at 
the blocks near the surface, the blocks further inside the crystal are 
partially shielded by the surface blocks (Fig. 3). This phenomenon is 
called “secondary extinction’; the extinction here occurs through 
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diffraction taking place in different crystal blocks, but with parallel 
orientation. The diffracted beam will also be scattered into the direc- 
tion of the primary beam and the multiple reflections lead to an 
interchange of energy as before; however, the distances between the 
crystals are random, and therefore in the mathematical treatment 
intensities rather than amplitudes must be summed. The changes in 
intensity predicted by the theory for secondary extinction are some- 
what similar to those arising from primary extinction™ (7), @®); (the 
reduction in total intensity is always greatest for the strongest reflec- 
tions). The intensity depends on the block size and the spread of orien- 
tations. If the blocks are so small that primary extinction is negligible 
within the blocks, the intensity will depend only on the spread of 


INC IDENT REFLECTED 
BEAM BEAM 


| 
Fig. 3. Secondary extinction; the crystal planes in block B are parallel 


to those of block A, but B is shielded by A, as some of the radiation is 
already reflected by A 


orientations of the blocks; the smaller the spread of orientation, the 
smaller is the total intensity. In this case only secondary extinction 
is operative, but if the blocks are sufficiently large so that primary 
extinction is also appreciable, then the intensity depends both on size 
and on misorientations of the blocks. If the model describes the imper- 
fections correctly it should be possible to deduce the block size and/or 
the range of misorientations from the experimental intensities, as the 
primary and secondary extinction corrections vary differently with 
factors such as angle of reflection and thickness of crystal. The effect 
of small secondary extinction, for example, is to increase the absorption 


coefficient by gY, where g= ——-—., 7 is a measure of the angular spread 
Van | p 


of the blocks, and Q is the fraction reflected per unit volume of crystal. 
The experiments have given the following results: 
(1) The integrated reflections from most crystals lie between the 
values expected from perfect and from ideally imperfect crystals. 
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(2) Some crystals, notably specimens of calcite°-*) (Iceland spar), 
diamond,'*® and also rocksalt,‘**) have integrated intensities and shapes 
of reflection curves which are in excellent agreement with the predic- 
tions of the dynamical theory of reflection from perfect crystals. 
Table 1 shows the results obtained from cleavages of calcite. The 


TABLE | 


Observations on the 2032 Reflections from Fresh Cleavage Surfaces of 
Calcite (Iceland Spar‘*!. ‘)) 


Width of reflection 


Integrated intensity x 10% 
ntegrated intensity curve (secs) 


Obs. 


2-34 
2-31 
3°80 
4-79 
4°81 
4°35 
6-70 
10-40 
14-00 


to & «2 to 
coca 
@ 


agreement is very good indeed and indicates the high perfection of 
the crystals. This result is of the utmost importance, for it shows that 
highly perfect crystals of size of the order of millimetres or centimetres 
can exist. The x-ray method is, however, not sensitive to very small 
concentrations of imperfections. Just how perfect these crystals must 
be will be discussed in section II, 6.5. 

(3) Although it is observed experimentally that imperfect crystals 
exhibit both primary and secondary extinction simultaneously,“ a 
few examples have been found where secondary extinction alone is 
operative.), 6 The only measurements which have been carried out 
on large single metal crystals are due to James, BRINDLEY and 
Woop, whose experiments on Al seem to suggest predominantly 
secondary extinction. Table 2 shows the results compared with 
theoretical values for crystals with perfect, mosaic and secondary 
extinction textures. The best agreement appears to be obtained for a 
range of misorientations ~ 34’. By applying the conditions for 
negligible primary extinction” it can be shown that the effective 
block size must be less than ~ 1. Unfortunately the state of the 
surface of these crystals is not known; it is stated that they had been 
cut at the appropriate angle; unless great precautions were taken to 
remove the cold-worked layer the apparent state of the surface may 
not be representative of the interior. 
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TABLE 2 
Integrated Intensities (x 10*) from Al (A = 0-71 A“™®) 


Calculated 


ol 
Imperfect 


misorientations ~ 34° 


Perfect Ideal mosaic 


19-6 547 
200 436 16-2 619 450 


222 144 6-30 158 144 
400 86 4:47 91 86 
333 26-2 2-19 28-3 27-8 
600 12-2 1-31 12-0 11-9 
444 4-95 0-76 514 5-13 
800 2-10 0-40 2-09 2-09 
1-4 1-39 


(4) The intensity of reflection of crystal surfaces depends critically 
on the state of the surface. Rubbing, grinding or mechanical polish 
may increase the intensity many times and can change a perfect 
crystal into an ideally imperfect surface." °°). @7) Table 3 shows 


TABLE 3 
Observations for the 200 Reflection of Rocksalt (2 = 1-54 A®) 


Half-width of reflection 


105) (secs) 


Integrated 
intensity ( 


Cale. perfect crystal 


Cale. ideal mosaic crystal 35-0 
Artificial crystal, fresh cleavage ‘ 4-78 71 
Natural crystal, fresh cleavage ; 10-25 40-50 


Natural crystal, polished cleavage 


some typical results indicating the variability of perfection of rocksalt 
crystals under various conditions.“* The polished crystal surface 
appears to be almost ideally imperfect; primary extinction is probably 
negligible, and the block size must be less than ~ 0-5 uw. 

The imperfections of crystal surfaces have also been demonstrated 
in transmission experiments. Transmission Laue photographs from 
crystal slabs often show spots with intense bands due to reflection at the 
surfaces of the crystal, and a weak interior, due to the perfection of 
the middle of the crystal.) ‘* 

(5) Crystals have been shown to consist of small misorientated 
subgrains™), ©) The experiments of Rennincer™ on rocksalt 
crystals grown from the melt illustrate this point very clearly. Fig. 4 
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shows a typical reflection curve from such a crystal. The reflection 
curve consists of several peaks; each peak has a half-width of ~ 7” 
(see Table 3), only slightly greater than that expected from a perfect 


300 tec 


Fig. 4. Reflection from cleavage of rock salt grown from the melt 

(a) multi-peaked reflection due to series of mosaic blocks, (b) single- 

peaked reflection due to single mosaic block, the two curves shown 
represent two sets of readings from the same part of the crystal 


crystal. The blocks appear to be misorientated by ~ 1’ of arc; their 
size varies between 0-1 mm and 1 mm. The integrated reflection from 
such crystals is in good agreement with that expected from a perfect 
crystal. The discrepancy between the calculated and observed widths 
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of the reflection curves may be due to additional misorientations which 
cannot be resolved, or to distortions or other imperfections. 

(6) The upper limits to the block sizes, t, quoted above, have been 
derived on the assumption that primary extinction must be negligible. 
For a reflection from a crystal face parallel to the reflecting planes the 


condition 
as 
“\e/F.K.d 


where ¢, m are the charge and mass of the electron, c is the velocity of 
the light, V is the volume of unit cell, F is the structure factor, K is the 
polarization factor (| cos 26 | or 1), d is the Bragg spacing. The value 
t ~ | wis typical for strong reflections; further results will be discussed 
in section II, 6.2. On the other hand, for a crystal of calcite to behave 
as a perfect crystal, it is found from a relation similar to the above 
(except for a change of the numerical factor to 0-9) that ¢ > 2-3 u. 


2. The Smekal Mosaic 


The experimental study of the properties of crystals revealed that 
they could be grouped into two types; those which were invariant 
from specimen to specimen and those which varied by large factors 
from one specimen to another. The properties of the former group 
were called ‘‘structure insensitive’ and were thought to be conditioned 
by the arrangement of, and the forces between, the atoms of the ideal 
lattice; those of the latter group were termed “structure sensitive”’ 
and were thought to be determined by the imperfections in the lattice. 
Born’s'® theory of the crystal lattice could account for many structure 
insensitive properties, but it failed to explain structure sensitive 
properties such as, for example, strength and plasticity. In some early 
papers it was suggested that, for example, the low strength of crystals 
was due to the existence of small cracks (of the Griffith type) 
throughout the crystal; these cracks were thought to outline a mosaic 
structure with average dimension ~ 100 A. In later papers, however, 
these views were modified, and the possibility of the existence of crystals 
with widely varying degrees of perfection, and even of perfect crystals, 
was admitted. SmekaL considered the imperfections to be developed 
during growth or subsequent deformation. Impurities, cracks and 
misorientations were thought to be the important imperfections. 
While these later views were in fact in agreement with the deductions 
from X-ray diffraction experiments, no detailed model of a mosaic 
structure was suggested. 


3. Zwicky’s Secondary Structures 


While most authorities believed that imperfections were more or less 
accidentally introduced during growth or subsequent deformation, 
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Zwicky™ considered the ideal crystal to be energetically unstable 
relative to an imperfect crystal, and in particular to a crystal containing 
a secondary structure. The idea of a fundamental secondary structure 
arose as follows. Zwicxy and later Lennarp-JongEs and Dent‘) 
showed that the inter-atomic spacing in an isolated (100) plane of 
NaCl, and other halides, is smaller by about 5—6 per cent than the (100) 
spacing within a crystal. Lennarp-JoNnEs and Dent suggested that 
this tendency to contraction would also be present on the surface of a 
crystal, and might lead to the formation of surface cracks. Zwicky‘*) 
developed this idea, suggesting that such cracks should be spaced 
regularly at a distance L ~ R/y, where R is the lattice constant and 
y is the fractional contraction of the isolated crystal plane. Thus, for a 
contraction of ~ 5 per cent, typical of alkali halides, L = 20R = 112 A. 
This idea was elaborated further, and it was suggested that such cracks 
could exist in the interior of the crystal, giving rise to a block structure. 
Certain calculations, “) were advanced in support of the idea that 
the energy associated with an NaCl type lattice containing such secon- 
dary structures is lower than that of the ideal lattice. However, it was 
pointed out by Buercer™ that these calculations neglected to take 
into account the necessary expansion of the lattice at right angles to 
the contracting plane, and that for this and other reasons the calcula- 
tions were invalidated. Zwicky'*~*”) also suggested that certain planes 
in the crystal might contract without producing new surfaces and again 
gave energy calculations in support of this idea. These calculations 
were later found to be erroneous for a (100) secondary structure for 
NaCl by Zwicky™” himself and for other crystals by Orowan.48-5°) 
Other workers produced physical arguments against the existence of 
such a structure.’ Jt was generally concluded, and admitted 
by Zwicky"” himself, that no satisfactory method had been found to 
determine the stability of ideal or imperfect lattices, and BuERGER™ 
considered that of all the secondary structures proposed, there remained 
only the bare possibility, i.e. a suggestion but no proof, of the existence 
of short surface cracks due to the surface tension contraction. 

A totally different type of secondary structure was also suggested 
by Zwicky,!~* for which he postulated that spontaneous magnetic 
or electric polarization is a general property of crystals, and that the 
accompanying electro- or magnetostriction represents a secondary 
structure, which affects the mechanical properties. The calculations 
on which such structures were based were also shown to be erroneous. ‘® 

It may be concluded then that up to 1934 no valid evidence for the 
existence of any secondary structure had been produced; this is still 
true to-day, although recently some attempt has been made to deduce 
the existence of such a structure from crystal-lattice dynamics.“ In 
any case the possibility of the existence of most types of secondary 
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structure (such as Zwicky’s block structure) is ruled out by the fact 
that crystals occur which are perfect over large regions. Structures of 
the second type suggested by Zwicky can probably never be detected 
by x-ray diffraction or by any other method; it is equally clear that 
such a structure has not been used successfully to account for any 
structure-sensitive property known so far. In view of the fact that such 
a structure has not been proved theoretically to exist, nor observed 
experimentally, nor been used to explain physical properties, there 
seems little point in discussing it at all. 


4. “Lineage” Structure 


On the basis of optical studies of crystals grown from the melt, 
Buercer™ suggested that crystals grow by branching out from a 
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Buerger’s structure 


nucleus, and that in the course of growth the different branches, or 
“lineages,”’ develop slight relative misorientations, forming discon- 
tinuities where they meet. Fig. 5 shows schematically the lineage 
structure of a crystal. A dendritic structure is considered to be a par- 
ticular case of lineage structure, where the various branches have not 
grown sufficiently far to fill all space. Fig. 6 is a beautiful example of a 
dendritic casting of bismuth.’ Buerger considers all metal crystals 
grown from the melt to be in the form of filled-in dendrites. Fig. 7 
shows an example for a crystal of Zn grown from the melt. This 
regular form of lineage pattern has been studied more recently in greater 
detail (see section II, 5). Buercer demonstrated the existence of 
lineages in several other crystals. He suggested that the existence of a 
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Fig. 6. Dendritic structure in cast Bi 


Fig. 7. Hexagonal lineage structure in crystal of Zn, (a) in plane 
perpendicular to axis of growth, (b) parallel to axis of growth 
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lineage structure could explain certain melting phenomena) (see 
section I, 5), and that the presence of voids at lineage boundaries 
could account for absorption of liquids and gases.“ 


5. Other Mosaic Structures 


In order to explain the behaviour of a metal during transition from 
solid to liquid, Gorrz'. 7?) suggested that a crystal consists of groups 
of atoms or molecules, a group being characterized by a higher stability 
than the crystal as a whole. Melting was considered to consist first of a 
breaking up of the crystal into the groups, which were thought to be 
stable in the melt up to a few degrees above the melting point. In the 
crystal the groups could be arranged regularly to correspond to a 
Zwicky secondary structure, or irregularly to correspond to a DARWIN 
or SMEKAL mosaic. The approximately regularly spaced markings on 
cleavages of Bi were regarded as evidence for this group structure ™® ; 
the existence of etch pits of minimum size and regular spacing was 
interpreted in the same way. No further direct evidence was available, 
and the evidence from the markings on Bi was refuted by BuERGER.® 
Goetz), (7) also put forward some indirect evidence in support of his 
group theory; he showed that a single crystal inherits the twin orienta- 
tion of a twin band in the seed even if the seed has been melted several 
millimetres beyond the twin band by heating several degrees above the 
melting point. This and similar experiments were thought to indicate 
that crystal groups still exist in the liquid. BUuERGER, however, 
explained these phenomena in terms of growth and melting of a den- 
dritic structure. Certain other evidence relating to the solubility of 
impurities was advanced in support of the theory, but Gorrz 5), 67 
admitted that the experimental evidence was meagre and mostly 
circumstantial in nature. 

Yet another type of imperfect crystal was proposed by BALAREw, 
who showed that water and other substances are included in crystals, 
such as BaSQO,, containing impurities. These substances were thought 
to be adsorbed on internal surfaces. No detailed structural model was 
proposed, however, and Burrcer suggested that the anomalous 
adsorption of gases and liquids by crystals might be explained as due 
to adsorption at voids in lineage boundaries. 


6. Summary 


Up to about 1934 no really satisfactory model of an imperfect crystal 
had been proposed, although the existence and importance of imper- 
fections had been appreciated and explored. It was realized that 
impurities, cracks and misorientations played their part. Of all the 
evidence put forward, that derived from x-ray diffraction phenomena 
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was the most direct. These experiments showed clearly that nearly 
perfect crystals exist, and that for many imperfect crystals the 
imperfections occur on the scale of ~ 1 u. RENNINGER’s experiments 
on rocksalt demonstrated convincingly the existence of misorientated 
mosaic blocks on the scale of 0-1 to 1mm, and BUERGER’s lineage 
structure was also of a similar type. No precise description of the 
boundaries of the mosaic structure was, however, given. ZWwICKy’s 
attempts at proving the existence of a secondary structure had not 
succeeded. 

A real advance in the description of imperfect crystals came with the 
introduction of the theory of dislocations.“*-™ To-day a number of 
different structural defects are recognized (apart from electronic 
defects): (1) Dislocations, (2) stacking faults, (3) vacancies, (4) inter- 
stitial atoms, (5) impurity atoms. Although these defects cannot be 
treated quite independently of each other, as they interact in various 
ways, for the purpose of this review the distribution of dislocations 
will be discussed primarily, i.e. we shall be concerned mainly with 
misorientations in crystals. 


Il. DistrisutTion oF DiIsLOcATIONS IN ANNEALED CRYSTALS 


1. Introduction 


In the following sections the experimental evidence on the distribution 
and density of dislocations in crystals will be reviewed, and it will be 
seen that regular arrays of dislocations are encountered frequently. 
It is therefore convenient to summarize here the general features of 
the types of arrangement under discussion. 

Brace” and Burcers®, “7 were the first to suggest that simple 
arrangements of dislocations are equivalent to certain types of low- 
angle boundaries. More recently it has been shown how, in general, 
any boundary can be described in terms of an array of dislocations.‘ 
Nevertheless, some justification is necessary for the use of dislocations 
to describe boundaries. It might be argued, for example, that boun- 
daries consist of thin layers of amorphous material, or contain cracks. 
The atomic arrangement and the physical properties of such boundaries 
would be different from those of a dislocation boundary. A number of 
observations indicate that low angle boundaries consist of dislocations: 
(1) the type of boundary observed often corresponds to a bend plane 
(see below). This would be expected to be the case for dislocation 
boundaries, but not necessarily for other types of boundaries; (2) 
the occurrence of regularly spaced etch pits along certain low angle 
boundaries, with spacing appropriate to the observed angle of tilt, 
assuming that each etch pit corresponds to one dislocation, is further 
evidence for dislocation boundaries; (3) the formation of the boundaries, 
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(4) their movement under stress, (5) their mobility at high tempera- 
ture and (6) their energy can all be accounted for on the assumption 
that low angle boundaries consist of dislocations. All this evidence 
can leave little doubt that dislocation boundaries really exist. 

At present there appears to be a lack of unanimity in the nomencla- 
ture used by workers in this field to describe dislocation boundaries. 
Thus, cell boundaries," particle boundaries,‘*’ polygon boundaries, 
sub-boundaries, mosaic boundaries, tilt and twist boundaries,‘ bend 
planes‘) and kink bands‘, ‘*7) have all been interpreted in terms of 
dislocation arrays, but not always in the same way by different workers. 
Some of these terms describe only the particular arrangement of dislo- 
cations, others imply a definite mechanism of formation. In this 
review all low-angle boundaries consisting of single walls of dislocations 
will be called sub- or mosaic-boundaries. The region of crystal outlined 
by boundaries is called in general a subgrain or mosaic block. The two 
main types of boundary are called tilt and twist boundary respectively. 
A tilt boundary is one in which the axis of rotation lies in the boundary 
surface; a twist boundary has its axis of rotation normal to the 
boundary surface. Both these boundaries consist in general of both 
edge and screw dislocations. A tilt boundary consisting of edge 
dislocations only will be called an edge boundary; if it consists of one 
set of parallel edge dislocations only it will be called symmetrical, or a 
bend plane. A twist boundary consisting of screw dislocations only 
will be called a screw boundary. Fig. 8 shows an edge boundary, a 
bend plane and a screw boundary. 

It will be shown in section III, 2, that after deformation excess 
dislocations of one sign may be concentrated in local regions forming 
ill-defined ‘‘mosaic blocks.”” Such “blocks” will be called cells or 
particles, and the boundary regions will be called cell or particle 
boundaries. The process by which the dislocations accumulate during 
the deformation will be named local bending. After annealing, the 
dislocations in the cell boundaries may re-arrange themselves into one 
or more dislocation walls. This process is called polygonization, and 
the true mosaics so formed can be called polygons, thus indicating the 
process by which they were formed. 

Apart from the above boundary-type distributions, there are other 
important arrangements of dislocations. A kink band is an arrange- 
ment of dislocations producing an S-type curvature (Fig. 9). Uniformly 
distributed dislocations will be said to be arranged on a lattice.‘*? 
A uniform distribution of positive and negative dislocations, also shown 
in Fig. 9, producing no resultant curvature of the crystal lattice, will 
be called a dipole or Taylor lattice.” Dislocations can also be 
arranged in networks’ (Fig. 10). A set of dislocations on a slip-plane 
held up at an obstacle is called a pile-up" (Fig. 10). These are the 


249 


ox 
| 


ye 


oe 


F we 


1 


Fig. 8 
. 8. (a) Edge t 
youndary; (b) bend plane; ( 
; (ce) screw bound 
ary 


AY 
/ 
— 
) 
7 
(b) 
+--r- 
ue 
(c) 
| 
4 


MOSAIC STRUCTURE 


main types of dislocation arrays which will be mentioned in the course 
of this review. 

In order to describe the nature of a dislocated crystal it is necessary 
to specify the density of dislocations and the arrangement in which 


Fig. 9. (a) Kink band; (6) Taylor lattice 


they occur. There are several possible definitions of dislocation 
density; in the first place it is necessary to distinguish between 
densities of dislocations lying in a surface, e.g. a boundary wall, and 
densities of dislocations distributed throughout the volume of the 
crystal. In order to describe the dislocation content of a boundary it 
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OBSTACLE 
(b) 


(a) 
Fig. 10. (a) Network; (b) pile-up 


is convenient to define a linear density of dislocations, i.e. the number 
of dislocations crossing unit length of a line lying in the boundary 
surface." This line density will of course depend on the angle between 
the line and the dislocation lines. The resultant Burgers vector, d, 
of dislocations lying in the boundary, which are crossed by any line 
described by the vector r, is given by‘? 


d= (r x I) 
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where / is unit vector parallel to the axis of rotation, and « is the angle 
of rotation across the boundary. This equation can be used to deter- 
mine the density and arrangement of dislocations in arbitrary boun- 
daries. It can be shown that a boundary can generally be described in 
terms of sets of parallel straight dislocations uniformly spaced.‘ 
For the special case of one set of parallel edge dislocations (nv, per unit 
length, at mean spacing 4, Burgers vector 6), the axis of rotation is 


DISLOCATION LINES 


Fig. 11. Definition of dislocation density; dislocation lines are normal 
to face A; in this case » is equal to the number of lines crossing A 


parallel to the dislocation lines (i.e. a symmetrical tilt boundary), and 
the total Burgers vector along a line normal to / is 


@ 

d 2 sin Ng) b/h (3) 

An average linear dislocation density along a line of arbitrary direction 
in the boundary may be defined conveniently as the total component 
of the dislocation lines normal to the line of section, per unit length of 


this line; for one set of parallel dislocation lines this is x = =, and for 


several sets of dislocation lines n = ng. 

If the dislocations are distributed over a volume, the density is 
defined either as the total length of dislocation lines per unit volume, p, 
or as the number of dislocations crossing unit area (Fig. 11). If the 
crystal contains only parallel dislocations, the density on a plane 
normal to the dislocations is equal to p. However, if the surface of 
intersection makes an arbitrary angle with the dislocation lines, the 
density can again be defined as the total component of dislocations 
normal to the surface, D, and this is found to be p/3. For any arbitrary 
distribution of dislocations within the volume, this relation still holds. 
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This factor 3 must be taken into account when comparing dislocation 
densities derived, for example, from stored energy,’ and from 
misorientations.‘ The relation between curvature and uniform 
distributions of dislocations of one sign, analogous to the surface 
distributions discussed by Frank) (see equation (2) ), has been treated 
by Nye.‘ His analysis applies to the excess density of dislocations 
of one sign in a curved region of a crystal. A more general treatment 
has been given recently by BuLLovGH and 

If the dislocations occur in crystal boundaries, the density of dislo- 
cations in the crystal as a whole can still be described in terms of the 
number of dislocations per unit area as defined above. In the special 
case of a crystal with one set of boundaries, spaced at a distance ¢, 
consisting of one set of parallel edge dislocations (e.g. a bent and 
polygonized crystal), the density on a plane normal to the dislocation 
lines is 

2 sin «/2 


bt (4) 


The average dislocation density on an arbitrary plane of section is 


(5) 


, Sin a/2 
bt 


If crystal contains in addition other boundaries, also at a spacing (, 
consisting of parallel edge dislocations producing a similar rotation « 
about other axes, 
sin 


, and D = 
an 


For example, if the crystal consists of misorientated blocks, each pair 
of faces containing a different distribution of dislocations, 


2 
D sin «/2 & 6 
bt / bt (8) 
for small angles, and p = 3D. In subsequent sections frequent use will 
be made of these formulae, in particular of equation (6). In most cases, 
however, the complete distribution of dislocations is not known, so 
that it is often uncertain whether the density should be given by (6) 
or (5). 
2. Evidence from Growth Spirals 


2.1. Occurrence and Properties of Spirals 


The most direct evidence for the existence of dislocations comes from 
experiments on crystal growth. Reviews of this subject have been 
given recently by Frank,” Verma, Forty and Corrre (77) 
It is now well known that in order to account for the rapid growth 
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of crystals from vapour or solutions of low supersaturation, Frank” 
suggested that the presence of dislocations could accelerate growth. 
If a screw dislocation or a dislocation with a screw component emerges 
through the surface of a crystal, the surface will contain a step which 
starts at the point of emergence of the dislocation. The surface grows 
by continual deposition of atoms along the step, and as it grows, the 
step rotates around the screw dislocation. Since that part of the step 
nearest to the dislocation requires the addition of only a few atoms to 
complete a revolution, while the outlying part requires more, the central 
part rotates more rapidly, producing a spiral hill. (For diagrams see 
COTTRELL, 

These spiral growth hills have been identified with the vicinal 
crystal faces known to mineralogists for many years." However, 
since the dislocation theory of crystal growth was first put forward, 
numerous direct experimental observations of growth spirals have been 
reported in striking support of the theory. The first experimental 
verification was published by Grirriy,'* who reported the existence 
of spirals on crystals of beryl. Since then growth spirals have been 
detected on many inorganic, organic and metallic crystals. Fig. 12 
shows a beautiful example of a growth spiral on a crystal of a 

The techniques used to observe growth spirals have included ordinary 
optical methods, phase contrast microscopy, interferometry and elec- 
tron microscopy (for details see Verma’), Step heights corresponding 
to unit Burgers vector (e.g. paraffin,“°-* beryl‘) and corresponding 
to several hundred Burgers vectors (e.g. CdlI,**’. “’) have been found 
to occur. The heights of the steps have been determined either from 
shadowed electron micrographs, or by multiple beam interferometry. 
Dislocations of multiple strength tend to occur in layer structures, e.g. 
Cdl,, (9), graphite,“ etc. In the case of layer 
structures, dislocations with non-integral multiples of Burgers vectors 
occur; such dislocations are associated with stacking faults and lead 
to polytypism in crystals.‘ 

Growth spirals on metal crystals have been observed on chemically 
deposited and Pt®®”.°, on the hexagonal metals Mg and 
Cd,", ©) and on the cubic metal Ag grown from the vapour in vacuo 
or in an inert gas atmosphere inside a furnace; and on electrolyti- 
cally produced Ti crystals.’ The step heights on the surfaces of Mg, 
Cd and Ag are so small that the spirals cannot be observed directly 
by phase contrast microscopy. Forry, however, has shown that if the 
crystals are left in the vapour of plasticine for several hours, the steps 
become “‘decorated” and are made visible under the microscope.‘*", ‘%? 
From considerations of visibility Forty” concludes that the step 
heights very probably correspond to unit Burgers vector. An example 
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Mig. 12. Growth spiral on paraffin n-C,,H,,; electron transmission 
micrograph of gold-palladium shadowed crystal 


Fig. 13. Growth spiral on silver; the movement of the screw dislocation 
from the centre of the spiral is clearly visible 
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Fig. 14. Slip step on silver 


Fig. 15. The movement of a screw dislocation from the centre of a 
growth spiral on a crystal of n-nonatriacontane 
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17. ‘Hopper’ crystal of salol grown on the surface of a 
melt 


Fig. 18. Growth spirals in SiC 
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1%. Co-operating line of growth spirals in SiC 


Etch pit boundaries in strained and annealed Al 
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Fig. 21. Hexagonal hole in crystal of SiC formed as 
a result of etching of a screw dislocation 


Fig. 22. Etch pits on SiC; a deep, hexagonal pit is formed at 
the screw dislocation; shallow pits occur at the edge of the growth 
front (dotted line) 
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Fig. 25. Surface structure of high purity Al re- 


crystallized after cold rolling. Diameter of “sub- 
structure” ~ 


Surface structure of etched Cu, grown from the melt 
(electron micrograph of surface replica) 
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Alignment of precipitates along (a) sub-boundaries, (b) slip bands in an aged 
Al-4 per cent Cu alloy 
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Fig. 28. Alignment of precipitates in a deformed and annealed 
Al-4 per cent Cu alloy (a) along loops parallel to the slip planes, 
(b) along lines thought to be dislocation lines 
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Fig. 20. Distribution of dislocations in strained and 

annealed AgBr. (a) Tilt boundaries, (6) two-dimensional 

hexagonal network, probably a twist boundary on 
(111). (¢) three-dimensional network 
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of a growth spiral on silver is shown in Fig. 13.‘%) Very large step 
heights, from 100 A to 1000 A, have been observed for Au, Pt and Ti‘*®, 
(89a,b,¢), (93). 

Many cases of dislocation movement have been reported. Fig. 13 
shows such a movement of the screw dislocation, which must have 


(e) 
Fig. 16. Growth of a “‘hopper’’ crystal; the screw dislocation at A 
produces a ledge AB; during growth a ledge is formed around the 
crystal edge as shown in (a), (), (c), (d) and finally a hopper crystal is 
produced, (e) 


taken place during the final stages of growth. The mobility of the 
dislocation lends further support to the suggestion that the strength 
of the dislocation corresponds to unit Burgers vector. On some of the 
silver crystals slip steps running right across the crystal have been 
observed"); the slip step on Fig. 14 has occurred just before growth 
ceased, and the interaction between the slip step and the still advancing 
growth fronts accounts for the characteristic kinked pattern of the 
spiral steps (for details see Forty). The type of pattern on Fig. 14 
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is obtained only if the Burgers vector of the slip step is equal to that 
of the growth fronts, and as most of the patterns are of this type, the 
Burgers vectors must generally be equal and therefore almost certainly 
be of unit strength. The dislocations have been found generally to 
occur in (111) planes, i.e. the normal slip planes of silver, but occasion- 
ally also in (100) and (110) planes. 

In the case of beryl, Grirrin™ frequently found evidence for slip 
movements, including some indicating the existence of a Frank—Read 
source,‘*) and, just as for metals, the slip traces are parallel to crystallo- 
graphic planes ( (0001) and (1010) planes for beryl). On the other hand, 
the slip traces on the surfaces of organic crystals are usually irregular‘*® 
and do not follow the direction of any particular slip plane. Fig. 15* 
shows an electron micrograph of a crystal of n-nonatriacontane, in 
which the screw dislocation has moved out of the crystal, thus leaving 
it apparently perfect. 

Recently Amelinckx®: has suggested a dislocation mechanism 
for the growth of “hopper” crystals grown on the surfaces of melts or 
solutions. A crystal floating on the surface which contains a screw 
dislocation will begin to grow first at the edge of the crystal where the 
step is in contact with liquid (Fig. 167*.). As a result a ledge will be 
formed rapidly around the edges of a crystal, while the growth towards 
the centre will take place by diffusion or surface migration, and will be 
much slower. A spiral pit, or hopper crystal, will be formed. Fig. 
17°.) shows a beautiful example of this in a crystal of salol grown 
on the surface of a melt. Under suitable conditions of growth these 
crystals exhibit spirals of both types. 


2.2. Distribution and Density of Spirals 


In many cases a small crystal exhibits only one growth spiral; larger 
crystals may often show several growth spirals, and Fig. 15 suggests 
that crystals can exist without any dislocations. In general, Dawson 
and Vanp") find for paraffin crystals a dislocation density of 


(1-6 + 2 x 10® 


where Ago, is the area in cm* of the (001) face of the paraffin crystal. 
In crystals of SiC the largest density of dislocations observed is 


~ 10* — 105/sq. em‘ 


In metal crystals Forty and Frank have found very low densities, 
of the order of 10*/sq. cm.” Table 4 summarizes the data available 
on densities of growth spirals. 

These densities are smaller than the values assumed in most theoretical 
discussions of plasticity, but it must be remembered that the crystal 
could in addition contain edge dislocations or screw dislocations which 
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do not end on the surface. Further information about the density of 
dislocations can be derived from observations on the density of etch 
pits on crystal surfaces (see section IT, 3). 


TABLE 4 
Density of Growth Spirals 


Density/3q. cm 
Paraffin crystals, grown from solution” . 0 — (1-6 + 2 x 10®A,,,) 
Ag, Cd, Mg grown from vapour’. ~ 10* 


There is little definite evidence about the distribution of growth 
spirals. The screw dislocations at the centres of the growth spirals in 
Fig. 18°) appear to be randomly arranged. However, the dislocations 
all have the same sign; this is a common feature of screw dislocations 
in SiC. Moreover, the strength of the dislocations often appears to be 
the same for many dislocations in the same area of crystal. Occasion- 
ally a number of screw dislocations are arranged in a line and co-operate 
in the growth pattern (Fig. 19‘). The distributions of dislocations at 
the centres of growth spirals in metal crystals have not been commented 
upon in the literature. 


3. Evidence from Etched Crystals 
3.1. Introduction 


It has been known for many years that suitable etchants reveal the 
existence of sub-boundaries in single crystals and polycrystals.‘**—! 
More recently LacomBE and his colleagues"®!~!) showed that annealed 
crystals of Al often contain substructures of diameter 0-1 mm or larger, 
and since that time many similar observations have been made. X-ray 
work showed that these boundaries separate regions of crystal 
slightly misorientated relative to one another. In LACOMBE’s experi- 
ments each boundary was shown up by virtue of the concentration of 
etch pits along it (Fig. 20%). Cann‘) showed that similar but more 
regular boundaries could be observed on bent and annealed crystals of 
Al and Zn. The process of polygonization leading to this substructure 
was interpreted by Corrre.i® in terms of a segregation of disloca- 
tions into walls. Since then low-angle sub-boundaries have generally 
been considered to consist of a row of dislocations in the manner 
first suggested by Brace” and Burcers”®, 7) (section II, 1). Evi- 
dence for this view has also been obtained recently from crystal 
growth studies, where it was found that etch pits are formed preferen- 
tially at screw dislocations. Similar results have also been obtained 
for edge dislocations. The relevant experiments will be reviewed in 
this section. 
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3.2. Etching Dislocations 

Horn” was the first to show that etch pits are formed preferentially 
at screw dislocations in SiC crystals, when etched in fused alkali car- 
bonates at 1000°C. The growth spiral is obliterated in a few minutes, 
and a pit is formed which widens and deepens, takes on a hexagonal 
shape and eventually produces a hole through the crystal (Fig. 21°). 
Gevers, AMELINCKX and Dekeyser®’ observed the same pheno- 
menon for topaz and Cdl,; in the latter case they were able to follow 
closely the process of formation of the pits, which consisted in an 
unwinding of the growth spirals. Hexagonal etch pits have been 
observed not only at centres of visible growth spirals but also elsewhere 
on the crystal faces. These latter etch pits are often arranged regularly 
in lines parallel to characteristic crystallographic directions. A detailed 
investigation of etch pits on SiC“. “°) treated with borax at 800°C 
showed that deep pits are always formed at screw dislocations, and that 
these are often arranged in twist boundaries, but that shallower pits 
were formed at the edges of the growth fronts (Fig. 220). Etch pits 
on growth steps have also been observed on crystals of beryl,“ and 
this fact has been used to explain the apparent visibility of growth 
steps of unit Burgers vector on these crystals. On crystals of topaz“ 
it was observed that certain low-angle boundaries were not attacked, 
and it has been suggested that these low-angle boundaries might 
consist of edge dislocations. Several other experiments confirmed the 
preferential etching of screw dislocations.“ ‘" Recently AMELINCKX 
(1¢.") reported that etched crystals of NaCl show very deep pits at 
screws, shallower pits at edge dislocations, and very shallow pits at 
surface steps. These experiments suggest that, by suitable choice of 
reagents, the different etching characteristics of edge and screw 
dislocations might be utilized to determine their distribution and den- 
sity. The most striking evidence for preferential etching of edge 
dislocations comes from observations on Ge crystals grown from the 
melt.22a.b) Fig. 23°28) shows a row of etch pits in such a crystal; this 
regularly spaced row of etch pits corresponds exactly to the ideal 


symmetrical edge boundary (see section II, 1). X-ray diffraction 
measurements have confirmed that the angular misorientation is a 
pure tilt across the boundary, of magnitude 28 sec. The value of the 
spacing of the dislocations calculated from equation (3) (section IT, 1) is 
2-972 u, and is in reasonable agreement with the observed spacing 


of 2-585 

Ametinckx""”) reports the occurrence of regularly spaced etch pits 
also on cleavages of NaC! etched in alcohol. Although the angular 
misorientations across the boundaries could not be measured, the rela 
tive spacings of the etch pits along three boundaries meeting in a line 
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agreed with the predictions from dislocation theory (using equation (2) ) 
for pure tilt boundaries containing two sets of dislocations with 
mutually perpendicular Burgers vectors. This result was thought to 
prove the one-to-one correspondence of edge dislocations and etch 
pits in NaCl; however, such agreement would also be obtained if a 
constant fraction of the dislocations were etched. Nevertheless, the 
regular spacing of the dislocations suggests that all the dislocations 
are in fact attacked. 

While the above experiments leave no doubt that under suitable 
conditions edge and screw dislocations can give rise to etch pits, much 
more work is required before the method can be considered reliable 
for studying the distributions of dislocations. Thus, although there 
appears to be a one-to-one correspondence of etch pits to growth 
spirals in many of the crystals, and also for edge dislocations in the 
Ge and NaCl crystal sub-boundaries, cursory examination of LacoMBE’s 
photographs”’” shows that not all the dislocations in the sub- 
boundaries in Al have produced visible etch pits; the angle of tilt 
corresponding to the spacing of etch pits on Fig. 20 is only a few 
seconds of arc, while the observed angle is of the order of a few minutes 
of arc. Similar results have been reported for plastically bent and 
subsequently annealed Ge rods.‘ The density of excess dislocations 


of one sign left inside a crystal after plastic bending is given by By 
where = radius of bending, 6 = Burgers vector; the density 
introduced by bending was ~ 10°/sq. cm, while the density of etch 
pits was only ~ 3 x 10*/sq.cm. Similar discrepancies are apparent 
from Cann’s'™ photographs on bent and polygonized Al and Zn; and 
Gevers'’*? observations on topaz (see above) constitute another 
anomaly. The experiments of Lacompe and Bercuezan™™, on 
Al-Zn alloys showed that the sub-structures were revealed metallo- 
graphically only after prolonged ageing treatments, and suggested that 
preferential precipitation at the sub-boundaries might make these more 
liable to attack by etchants. Further evidence for this view will be 
presented in section II, 3-4. The influence of impurities on the 
etching characteristics of dislocations in Al has been the subject of 
several recent investigations.“’. Wyon and Lacomspe 
studied the distribution and nature of etch pits in specimens of Al 
containing different but very small amounts of impurities, in particular 
Fe (0-004 per cent to 0-0002 per cent). Their results may be summarized 
as follows. If the metal is quenched rapidly after annealing at a tem- 
perature exceeding a certain critical temperature 7',, above which 
COTTRELL atmospheres are no longer stable, very few etch pits are 
formed, and these are large in size. With increasing purity of the metal, 
the concentration of etch pits decreases. After annealing the same 
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specimens at a temperature below 7',, the concentration of etch pits 
increases and their size decreases. This is considered to be due to the 
formation of CoTTRELL atmospheres below 7',; the presence of impuri- 
ties promotes etching of the dislocations, while at the same time the 
reduction in the strain energy of the dislocations due to the presence 
of impurities causes a decrease in the size of the etch pits. Wyown and 
LACOMBE also report that, after annealing below 7',, etch pits do not 
occur in a zone on either side of a grain boundary, while above 7’, 
they do. The authors suggest that below 7’, the impurities near the 
boundaries are attracted preferentially to the boundary misfit regions, 
while inside the grains the impurities diffuse to the nearest dislocations. 
As a result there will be a region around the boundary where no 
impurity atoms are available for segregation to the local dislocations. 
Similar results have been reported by Forty and Franx.'® 

These results show that dislocations in Al appear to be etched only 
if impurities have segregated to them. Furthermore, the results 
indicate that Cottrell atmospheres promote etching, while no etch pits 
are formed on precipitates.“ The photographs published by Wyron 
and Lacomse leave little doubt that, under different annealing con- 
ditions, the number of observable etch pits may vary by a factor of 
10. Forry and Frank on the other hand have carried out some 
statistical tests on the distribution of etch pits along sub-boundaries 
in their crystals; assuming that the sub-boundary actually consists 
of equally spaced dislocations, they conclude that 60 per cent of the 
dislocations are attacked in their crystals. 

Another uncertainty of the method lies in the fact that etch pits 
occur preferentially also at steps on the surfaces of crystals.“ All 
these observations show that as yet caution must be used in interpreting 
the etch pit patterns, and that more experiments are required to deter- 
mine the factors influencing the preferential attack of dislocations. 
In such experiments the type of etchant used, and the etching con- 
ditions, must be important variables. It is known that sub-boundaries 
are attacked particularly strongly by certain reagents, and the smaller 
the angle across the boundaries, the more difficult it becomes to reveal 
them by etching. However, Metzcer and Inrrater® have shown 
recently that the addition of very small amounts of Cu (0-5 part of Cu 
to a million parts of HCl) to a solution of 7 per cent HCl enables this 
reagent to show up sub-boundaries in Al with angles of tilt of only 5’ 
of are or possibly less. 


3.3. Distribution and Density of Dislocations 


In spite of the uncertainties of the method discussed above, very 
valuable information about dislocations has already resulted from its 
use. Dislocation etch pits on crystals grown from vapour or solution 
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are often arranged in low-angle boundaries. Crystals of SiC,“ 
topaz, ZnS, and AgBr,@® all show this 
phenomenon. In the case of rock salt grown from the melt, thermally 
etched faces have shown spiral pits which are mostly arranged in small- 
angle boundaries.) No figures for densities of dislocations have been 
given, except for the case of NaCl,” where the density in the boun- 
daries is ~ 10°/sq. cm, and inside the subgrains ~ 10*/sq. cm. 

In the case of metals some evidence comes from etch pit counts, 
but the greater part of the data relates to sub-boundaries. Many 
experiments have demonstrated the existence of substructures in 
metal crystals; the nature of the substructure depends critically on 
the deformation and annealing treatments and other factors. This 
dependence will be reviewed in later sections; here, as far as possible, 
only data relating to well-annealed crystals will be discussed, in order 
to obtain some idea of the possible density and distribution of disloca- 
tions in crystals used in experiments on plastic deformation. 

Aluminium. Recently Suzvx1") reported that on super-purity Al 
crystals the etch pits are distributed randomly, and that the density 
is ~ 10°/sq. cm; in Al alloys the etch pits form a hexagonal network ; in 
the case of an Al-Mn alloy, the diameter of the hexagons is ~ 10 u, and 
the spacing of the etch pits along the sides of the hexagons ~ 2 uw. The 
density of dislocations in this arrangement is therefore ~ 107/sq. cm. 

Forty’ also reports a density of etch pits of 10*/sq. cm on the 
surface of good crystals of Al grown slowly from the melt and carefully 
annealed. The density of etch pits on the deformed, annealed and 
subsequently aged crystals of high purity Al, discussed by Wyon and 
LACOMBE,"*”? is also ~ 10®-107/sq. em. 

In LacomBe’s crystals" of high purity Al (99-99 per cent), produced 
by the strain anneal method, the diameter of the substructures is 
between 0-1 mm and several millimetres, and the angle of tilt is of the 
order of several minutes of are. The size of the substructure tends to 
decrease with decreasing size of the polycrystalline grains. In a typical 
example the diameter is ~ 0-2 mm, and the angle of tilt ~ 10’ of arc; 
this gives a dislocation density of 5 « 10®/sq. cm. 

LACOMBE and BEerGHEZAN™™, 15) have also reported the existence 
of substructures of the same order of magnitude in crystals of Al-Zn 
and Al-Cu alloys grown by the strain-anneal method. 

Electron microscopy studies of surfaces of Al have shown quite 
different results. Brown", 20 reported the existence of an “orange 
peel” structure, or of a lamellar structure on electropolished surfaces 
of pure Al, and of a lamellar structure on electropolished surfaces of 
Cd. The linear dimension of the substructure was found to be ~ 500 A, 
and the directions of the lamellar striations were found to be parallel 
to traces of (111) planes in Al, and (0001) planes in Cd, in the surface. 
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Somewhat similar structures were found by Geach and BuckneE.LL'?” 
on electropolished and etched specimens of recrystallized Al; the 
size of the substructure was stated to be 600 A + 100 A, but these 
workers concluded that the lamellar striations are parallel to (100) 
planes. 

Recently more extensive studies of this surface structure have been 
reported.) Using aluminium oxide and formvar replicas, lamellar 
and hexagonal block structures were detected on electropolished 
specimens of Al and Al alloys, after quenching from a high temperature 
(Fig. 24). The width of the lamellae and the dimensions of the hexagons 
are ~ 1000 A. This structure appears to be most pronounced in grains 
of Al-Cu 4 per cent alloys and becomes more indistinct for smaller 
impurity contents. Pronounced structures were also found on Al-Zn 
(8 per cent, 12 per cent) and Al-Mg (3 per cent, 7 per cent) alloys; for 
Al-Cu (2 per cent, 0-5 per cent) alloys the structure is less distinct, and 
for 99-95 per cent Al it is difficult to observe, although apparently it 
does exist. The white spots outlining the striations (Fig. 24a"*)) are 
small holes in the replica, which appear to increase in frequency with 
increasing impurity content. After annealing treatment, precipitates 
are formed, and the substructure markings disappear near the pre- 
cipitates. After further annealing the substructure disappears alto- 
gether leaving only large precipitates. Slow cooling from the furnace 
also has the effect of producing precipitates, but a lamellar substructure 
is still apparent although much less distinct. The substructure does 
not seem to be related to the slip lines, and Bussy“** suggests that it 
represents a mosaic structure. 

A rather larger substructure (of diameter ~ 1 ~) has been detected 
on oxide replicas of surfaces of high purity Al (99-999 per cent), 
recrystallized after cold rolling (Fig. 259%). Similar substructures 
were detected on alloys; Table 5 gives the results. Hunter and 
Rosryson“ used a special chemical polishing treatment to reveal 
this structure. 

TABLE 5 
Electron Microscope Observations on Surface-structure of Al'#* 
Size of 
Grain size surface 


(mm) structure 
(4) 


Material Treatment 


99-999°%, Al Annealed 1-0 
99-8% Al 0-4 
99-3% Al 0: 0-3 

99-95% Al + 14% Mg,Si at 960°F and > ~~ 


99-95% Al + 19% Mn quenched 7 
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Until very recently the origin of these surface markings was far from 
clear. Brown" suggested that they are a feature of the electro- 
polishing action itself, while Bussy,“2”) and Hunter and Rosprnson 
(1234) considered the markings to outline a true mosaic structure of the 
bulk metal. No evidence of the existence of misorientations has been 
put forward. The structure undoubtedly exists on the surfaces of the 
metal, and is not a structure of the replica films. This conclusion 
follows from the fact that oxide and formvar replicas have shown 
identical structures. It is also clear that impurities have an important 
effect on the nature of the substructure. The differences in size of 
the structure found by the various investigators, even for specimens of 
similar composition, may be due to the different polishing techniques 
used, if Brown’s explanation is correct, or due to differences in anneal- 
ing treatments, etc., if the other explanation holds. The role played by 
impurities may be expected to be important for both explanations. 

Suppose that the markings found by Hunter and Rosrnson are 
outlines of true mosaic blocks, as suggested by these authors. If each 
boundary consists of dislocations, since individual etch pits cannot be 
resolved, it follows that the spacing of the dislocations must be less 
than, or of the same order as, the width of the boundary, i.e. ~ 500 A, 
as judged from their photographs. The angle of tilt across such a 
boundary is ~ 20’ of arc, which is of the same order of magnitude as 
the angle between the large subgrains in LacoMBE’s experiments. 
The density of dislocations would be ~ 2 x 10°/sq.cm. It might be 
argued that crystals of the type grown by LacomBE contain in addition 
to the large “macro-mosaics” also a “micro-mosaic’’ substructure of 
the type found in the electron microscope. Although this may be the 
case, the diffraction spots on LacomBr’s X-ray photographs indicate 
that the misorientations inside the large subgrains can at most be 
~ 5’ of are. It will be shown in section II, 6.5 that good recrystallized 
crystals of Al have misorientations less than 30” of arc. In either of 
these cases the dislocations cannot be as close as they must be if the 
electron microscope boundaries are dislocation walls. 

Very recently the conditions under which these fine structures are 
formed have been examined in considerable detail. The results of two 
independent investigations"**. have shown that the size and nature 
of the replica structure obtained from an electropolished surface 
depend on the voltage applied to the bath. The results leave little 
doubt that the structure is a function of the electropolishing process; 
it appears to be associated with the formation of an anodic barrier 
layer, the structure depending on the voltage drop across this layer. 
The variation of the pattern of the structure with the orientation of 
the surface appears to be due to the orientation dependence of the 
etching characteristics of the electrolyte. 
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Copper. Fig. 26°), 25) shows an electron micrograph of a replica 
of a polished and etched surface of a single crystal of high purity 
Cu (99-999 per cent) grown by the BrrpGeMAN method. The dimension 
of the block structure is ~ 5 u. Annealed polycrystalline high conduc- 
tivity Cu shows a similar substructure of diameter ~ 1 w. As in the 
replica work on crystals of Al, there is no evidence of any difference 
in orientation between adjacent blocks. 

Tungsten. observed substructures in W_ wires, 
similar to those in Cu, by the replica method. Again there is some 
doubt whether the structures represent misorientated blocks. 

Germanium. Crystals of Ge grown from the melt contain low angle 
boundaries (see Fig. 23°»), The spacing of the dislocations was 
found to be 2-585 u in a particular case; the density of dislocations on 
the area of the photograph is ~ 2 « 105/sq.cm. Reap reports the 
existence of densities of dislocations of 10°-10°/sq. cm in Ge, while etch 
pit counts on other crystals of Ge give densities of 10°-10°/sq. em.“?*# 

A recent investigation has shown both the existence of low 
angle boundaries and of a network of dislocations, of density 
10®107/sq. 

Silver. Under suitable conditions thermal etching reveals disloca- 
tions in silver;"*’©) the density of dislocations in crystals grown from 
the melt or by recrystallization has been found to be ~ 2 « 10*/sq. em. 


3.4. Preferential Precipitation on Dislocations 


Many years ago Nortrucorr’*. “ studied the “veining” in Fe and 
other metals. He observed a network of sub-boundaries on polished 
specimens and showed that these networks appeared to be outlined 
by fine precipitates of oxide. It was demonstrated that the structure 
is very distinct when the metal is oxidized in the molten state, and 
tends to disappear after annealing in hydrogen. Sub-boundaries were 
observed for Fe, steel, Cd, Zn, Mg, Al, Ni and Ag. More recently 
Lacombe and Berenezan™™. “| showed that crystals of Al-Zn 
contained sub-boundaries which could be revealed by electro-polishing 
after ageing. Following this work, Castarne“* carried out an electron 
microscope replica study of an Al-4 per cent Cu alloy. He found that, 
after the quenching and ageing of the alloy, the precipitates were formed 
preferentially along curved lines, forming closed contours very similar 
to the sub-boundaries found by Lacompe and Beronezan. This 
similarity has led to the view that the precipitates are formed pre- 
ferentially at sub-boundaries and also along slip bands; further, the 
fact that the precipitates were all fairly regularly spaced along the 
boundaries suggested that each precipitate corresponds to one disloca- 
tion. The typical spacing between precipitates on CasTarna’s photo- 
graphs is several 1000 A, and the substructure diameter is several 
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microns. Assuming that each precipitate corresponds to one disloca- 
tion, the angle of tilt would be several minutes of arc, and the disloca- 
tion density ~ 10°/sq. em. 

Similar results have been obtained for the same alloys by NuTtTine 
and Tuomas," who have shown that the precipitates do not delineate 
sub-boundaries in the initial stages of ageing, but only after prolonged 
times of annealing. The network of lines on Fig. 27a may represent 
either dislocations lying in the surface, or a section through sub- 
boundaries; there is some evidence for the occurrence of both types of 
structure. Fig. 27) shows that some precipitates are formed preferentially 
along lines parallel to the slip planes. The spacing of the precipitates 
along sub-boundaries is again ~ 2000 A, and the substructure diameter 
~ 5u, so that the dislocation density is ~ 10*/sq. cm. 

Witsporr and working on similar 
alloys found that after annealing, quenching immediately followed by 
slight straining by ~ 2 per cent, and subsequent ageing, the precipitates 
on sections parallel to (111) planes occurred sometimes preferentially 
in short circular ares of average length 2-4 «, spaced at 0-75 uw (Fig. 28). 
The interpretation suggested by the authors is that here the precipitates 
were formed along part of one dislocation loop; the series of loops 
is thought to originate from a Frank—Read source. Precipitates are 
also formed along short straight lines which end inside the crystal, and 
which are considered to be part of a network of dislocations; inter- 
connected lines of precipitates indicating sub-boundaries have also been 
observed. It could also be shown that the precipitates formed within 
any section of a dislocation tend to have only one orientation, such that 
the line of intersection of the precipitate with the plane in which the 
dislocation lies is as nearly parallel to the dislocation as possible. The 
results also suggest that precipitates are not formed at screw disloca- 
tions; this is as expected, since screw dislocations can only have weak 
COTTRELL atmospheres around them. The authors also report the 
existence of a zone free of precipitates on either side of a sub-boundary ; 
these results and their explanation are similar to those obtained by 
Wyown and Lacompe”” on the distribution of etch pits in pure Al. 
Although the experiments on the alloys are as yet in an exploratory 
stage, the results already suggest that the method will be very useful 
in following the redistribution of dislocations during deformation and 
annealing. 

A particularly interesting case of preferential precipitation along 
dislocations in AgBr has been reported by HepGrs and MITCHELL. 
Crystals of AgBr are grown between Pyrex glass sheets, and subse- 
quently annealed to remove the strains suffered during growth. After 
a critical annealing treatment, and subsequent exposure to light, the 
photolytic silver separates out along dislocation lines, most of which 
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lie in flat or curved surfaces, dividing the crystal into polygonal cells 
of diameter ~ 10 4. Some of the dislocations occur in rows, forming a 
tilt boundary (Fig. 29a); others occur as a hexagonal network of dislo- 
cation lines (Fig. 295). Frank has shown that such a hexagonal net- 
work may correspond to a twist boundary on the (111) slip plane.“ 
Other crystals have been found to be threaded by a three-dimensional 
network of dislocations (Fig. 29c). All these observations can be made 
inside the crystals. These results are very important, for they confirm 
in a striking manner the existence of a number of different arrangements 
of dislocations, which have been expected to occur on the basis of 
dislocation theory. The density of dislocations in these crystals is 
found to be ~ 10°-10*/sq. cm. It appears, however, that these crystals 
are not in a well-annealed condition. After heat treatment at 20° 
below the melting point, no substructure or dislocations can be 
observed. It is not clear whether this implies the absence of disloca 
tions, or whether the Ag will only precipitate out preferentially under 
certain conditions, for example if jogs“ are present. 

In many other investigations, preferential precipitation at sub 
boundaries has been reported. Thus, in FeSi alloys, substructures of 
} yu (1-5 per cent Si) and 10m (11-84 per cent Si) diameter have been 
observed.) In a study of the ageing of a supersaturated solution of 
C in a-Fe,“* precipitates were found to occur preferentially at sub- 
boundaries. A typical size of substructure was 5-104; the spacing 
of precipitates along the boundaries was 0-54, and the apparent 
dislocation density therefore ~3 « 107/sq.cm. Recently a fine 
sub-structure has been revealed in a normalized 3 per cent Cr 1 per cent 
Mo steel; the size of sub-structure is ~ 1000 A, the spacing of 
precipitates is ~ 300 A, so that the apparent dislocation density in 
this case would be 3 « 10'/sq.cm. Substructures of diameter a few 
microns have also been observed in aged alloys of Cu (1-05 per cent 
and duralumin.“*”? 

It is already abundantly clear that this method of preferential 


precipitation can be used to determine sub-boundary structures in 
alloys. The work of Hepees and “32 and of Nurrine 
and THomas"®” shows, however, that such structures are only revealed 
after certain annealing treatments. More work is required to establish 
the precise conditions for preferential precipitation. Further, the 
assumption that one precipitate corresponds to one dislocation must 
be tested by comparison with angular misorientations on X-ray 


photographs. 
4. Evidence from Cleavages 


Cleavage surfaces have long been used for studies of crystal imperfec- 
tions (for example and his collaborators 
carried out extensive studies of the surfaces of cleaved metals, alloys 
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and other crystals. The complicated cleavage step patterns observed 
were considered to be a result of either a lamellar or a mosaic block 
structure of the crystals, or a stress-system acting during the progress 
of the cleavage. In most of this work no evidence was produced as to 
the true nature of the substructure, and in particular as to whether the 
cleavage steps and other features of the cleavage structure really 
correspond to slightly misorientated crystal regions. A common 
feature of the surfaces of metal crystals (e.g. Zn, Bi) is the existence of 


Fig. 30. Effect of (a) tilt and (b) twist boundaries on cleavage 


twins on the cleaved surface, as well as fissures, cleavage steps, and 
sometimes, as in the case of Zn and Bi, very fine striations occurring 
in two parallel sets at 60° to one another, (spacing ~ 1 «“*). These 
striations still remain to be explained. In some recent work on cleavages 
of ionic crystals Prarr introduced an important clarification.“ 
Cleavage is confined to a particular set of crystallographic planes in 
the crystal, and a crack once started on a given plane will continue 


on this plane till it encounters imperfections, such as small-angle 
boundaries. At a pure tilt boundary the cleavage planes on either side 
of the boundary will be tilted relative to each other, but their traces 
in the boundary will be parallel. Hence the cleavage can cross the 
boundary without difficulty, and the resulting surface will consist of 
two plane faces making a small angle with each other meeting at a ridge 
(Fig. 30). On the other hand, at a twist boundary, the traces of the two 
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cleavage planes in the boundary are not parallel, and new cleavage 
steps must form at each screw dislocation whose Burgers vector is not 
parallel to the original cleavage plane. The change in the number and 
height of cleavage steps after crossing a twist boundary gives a measure 
of the screw component of the boundary. Fig. 3la shows an example 
of a simple tilt and a mixed tilt-and-twist boundary; the crack passed 
from left to right across the crystal of NaCl.“ By optical measure- 
ment the lower part of the boundary corresponds to a tilt of 5° 43’, 
corresponding to a spacing of edge dislocations of ~ 30 A. The upper 
part contains screw dislocations and is a mixed boundary. At this 
magnification not all the screw dislocations can be made visible, but, 
as the photograph shows, the steps tend to run together further from 
the boundary to form large steps. From the total height of the steps, 
measured interferometrically, and the length of the boundary, the 
number of excess screw dislocations and the angle of twist can be 
calculated. Pratt has obtained good agreement between calculated 
and measured angles of twist.“ In this way the density of excess 
dislocations in the boundaries can be estimated; in good ionic crystals 
(NaCl, LiF) this density is only ~ 10*/sq. em, while the size of the sub 
grains is ~ | mm. Fig. 31+ shows a typical cleavage of NaCl grown from 
the melt; the subgrains are clearly revealed. Cleaved crystals of calcite 
(Iceland spar variety) show hardly any small angle boundaries or 
cleavage steps; the dislocation density must be much smaller than the 
value quoted above. 

Some of the “hackle” patterns published by Zaprre and Wor 
pen,“*-4) and attributed by them to the influence of stresses during 
cleavage, suggest the existence of twist boundaries. Fig. 32 shows 
such a pattern from Ammonium Dihydrogen Phosphate ;"™ it seems 
that the structure on the right is ideally that expected from a twist 
boundary, although it is not clear whether this boundary existed before 
the cleavage started, or whether it was formed during the cleavage 
process. Pratr has shown that such deformation can take place 
when the cleavage is slowed down or stopped.“ The disappearance 
of the steps towards the left might be due to another set of screw 
dislocations of opposite sign. The increase in the number of steps on 
the extreme left could then either be due to an excess of dislocations 
in the second boundary relative to those in the first, or to yet a third 
twist boundary. The importance of Pratt's interpretation of cleavage 
patterns is not only that it might prove to be a powerful method for 
determining dislocation distributions in crystals, but also that it shows 
that complicated cleavage step patterns may not necessarily imply the 
existence of a fine lamellar substructure, but simply that of a twist 
boundary. 

Cleavages of Zn (99-997 per cent), Mg, Si, Sb (all 99-99 per cent) 
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Fig. 31. (a) Example of a tilt and a mixed tilt and twist 
boundary in NaCl. The crack passed from the left to the right 


across the crystal; (6) Typical cleavage of NaCl grown from 
the melt 
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Fig. 32. Cleavage pattern on crystal of 
Ammonium Dihydrogen Phosphate showing 
a structure typical of a twist boundary 
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grown by the travelling furnace method have been examined inter- 
ferometrically by HotpENn.“'®) Many of the crystals show sub-boun- 
daries, with a typical tilt of ~ 1°. Good crystals may contain only a 
few such boundaries, and if many boundaries are present one set tends 
to be perpendicular to a possible slip direction. Although the size of 
the mosaic blocks is rather variable, in a good crystal it can easily 
exceed ~ Imm, which corresponds to a dislocation density of 
~ 5  108/sq.cm. Recently used the cleavage method 
to study polygonization in Zn. 

Provided care is taken to avoid plastic deformation during cleavage, 
the method promises to be a powerful tool for the study of sub- 
structures. 


5. Direct Observations of Mosaic Structures 


Substructures can also be detected in certain cases without using 
etching or other treatments. Thus, large misorientated regions (on 
the scale of ~ 1 mm or larger) can often be observed directly, under 
suitable illuminating conditions, in crystals such as quartz or lithium 
fluoride and many other specimens.“ Crystals grown from the melt 
generally show pronounced substructures.“*)* These substructures 
may be divided into several groups: . 

(1) Dendrites. Crystals grown from the melt often exhibit dendritic 
growth, (47-14% (see Fig. 6), particularly for rapid rates of solidifi- 
cation. The essential feature of dendritic growth is that the dendrite 
arms run rapidly in advance of the main solid-liquid interface, forming 
a tree-like skeleton, the space between the skeleton arms being filled 
in later. 

(2) Striations. CHALMERS and his colleagues observed the presence 
of striations in metal crystals grown from the melt (Sn, Cu, Pb, Zn, Ag, 
Al, Ni), 450). The striations tend to be parallel to the direction of 
growth; their width is of the order of | mm. It has been found that 
the striations divide the crystal into columns which run parallel to the 
direction of growth, and which are slightly misorientated relative to 
each other. Fig. 33°" shows schematically a section of the crystal 
normal to the columns. In tin the angular misorientations vary between 
~ }° and ~ 5°. The diameter of the columns and the angular misori- 
entations depend on the rate of growth. The density of dislocations in 
the boundaries is usually ~ 107/sq. cm. The formation of these boun- 
daries has been attributed to the clustering of vacancies into discs, 
which subsequently collapse to produce dislocations, which form the 
boundary walls.” 

* The solidification of crystals grown from the melt has been reviewed recently in an 


article in this series." Only a brief summary of the facts relevant to this topic will be 


given here. 
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(3) Corrugations and “Cell” Structure. Many workers have observed 
the existence of a “cell” structure, which occurs usually on the end face 
of the crystal, normal to the direction of growth. *) Fig. 7a‘ shows 
such a structure in Zn. Similar structures have been found in crystals 
of Sn, Bi, In, Sb, Al, Pb, Cu and steel.“*-*) The dimensions of this 
structure appear to be rather variable; for example, for Sn“ the 
diameter is generally in the range of 10-100 4; for Cu, a diameter of 
~ 1 mm has been observed.) The structure is characterized by the 
fact that the boundaries are usually depressed relative to the centres 
of the cells. On the free face of the crystal, parallel to the direction of 


Fig. 33. Division of crystal into columns slightly misorientated 
relative to each other; diagram represents section perpendicular to the 
columns 


growth, i.e. normal to the plane in which the ‘‘cell”’ structure is observed, 
regularly spaced corrugations occur,”*), which are crystallo- 
graphically related to the “cell” structure, and have a spacing equal 
to the diameter of the cells (Fig. 34"°*). The corrugations and ‘‘cell” 
structure appear to be different manifestations of the same sub- 
structure, which is in the form of columns parallel to the axis of growth. 
The diameter of the columns is generally, however, much smaller than 
that of the striations, which can co-exist with the corrugations. This 
structure, is generally called after Sm1aLowski, who observed it in 
Zn." It has been shown that impurities segregate preferentially 
at the corrugations, and an increase of impurity content tends to make 
the structure more pronounced."), “5*) For very pure materials the 
corrugations are not observed, but the ‘‘cell” structure still persists.“ 
CuacLMers and Rutrer consider this structure to be due to the influence 
of impurities at the solid-liquid interface. Frank has extended this 
theory and has obtained good quantitative agreement between observed 
and calculated spacings of the SMIALOWSKI structure in Zn.‘*,°) 
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Fig. 34. Corrugations in crystal of Sn grown from 
the melt 


Fig. 35. Extinction contours on an electron 

transmission micrograph of annealed Al. 

These contours are expected to occur for per- 
fect elastically bent crystals 
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Relative misorientations between the columns are not necessarily 
expected to occur on this theory, but experiments have shown the 
existence of misorientations of up to 15’ in Sn, corresponding to a 
dislocation density of ~ 3 x 107/sq. cm.“**) The misorientations are 
thought to arise from mechanical instability of projections at the 
solid-liquid interface. Hutme®”) has recently examined in detail the 
SMIALOWSKI structure (on the scale of 0-1 mm) in Zn crystals grown 
from the melt. Berea photographs from the crystal surface show 
generally black lines (i.e. increased intensity of reflection) at the 
SMIALOWSKI structure boundaries, but white lines are also seen 
occasionally. Equal numbers of black and white lines are expected to 
occur if the structure consists of small misorientated blocks. The 
predominance of black lines suggests that extinction is reduced at the 
boundaries, and that the rotations, if any, are often too small to be 
observed. Evidence from white lines indicates misorientations ~ 5’ of 
arc, and the dislocation density is considerably smaller than for the 
Zn crystals discussed above. 

(4) Thermal Etch Structures. Lamellar structures similar to corruga- 
tions were observed by Grar on crystals of a number of metals grown 
from the melt or by recrystallization.“©” The spacing of the lamellae 
was, however, much smaller (~ 0-1 « to ~ 1 yw). Grar concluded that 
these features revealed a lamellar growth structure, the spacing 
depending on the conditions of growth. It has been pointed out“®™” 
that these patterns are identical with those observed on the surface 
of crystals after thermal etching under certain conditions“*®”.”; these 
patterns have also been interpreted in terms of a mosaic structure.“®™” 
Kine,"* who has studied in detail the thermally etched structures 
on silver and copper, concludes, however, that there is no evidence that 
the surface configuration is related to any internal structure. The 
feature revealed may be explained readily on the assumption that cer- 
tain crystallographic planes have a lower specific free energy than 
others in the particular atmosphere in which the etching takes place. 
These planes are therefore preferentially revealed when there is sufficient 
mobility of atoms for the surface to change its shape. The planes are 
revealed only when they make angles less than certain limiting values, 
governed by the free energy with the surface of the crystal, and in 
the face-centred cubic metals examined both octahedral and cubic 
planes are revealed in this way in the same crystal. If the striations, 
therefore, are to be interpreted as an indication of internal substructure, 


it is necessary to consider each crystal as consisting of lamellae parallel 
to each of the four octahedral planes and at the same time lamellae 
parallel to each of the three cubic planes. Such a structure is hardly 
feasible. The thermal etching phenomena are almost certainly governed 
purely by conditions at the surface. The spacing of the striations, 
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which is found to depend to some degree upon the conditions of etching, 
is probably governed by the necessity for nucleation of the surface 
steps, which may occur preferentially at surface irregularities, at the 
intersection of dislocations with the surface, at local concentrations 
of impurities, or at grain boundaries where etching grooves develop. 
There is a subsequent coarsening of the pattern related to the reduction 
of free energy of the system by the removal of step edges, which are 
regions of excess energy. 

It appears, therefore, that in these cases thermal etching does not 
reveal substructure, though to some extent the patterns may be related 
to the arrangement of dislocations at the surface. In the case of rock 
salt,‘ however, thermal etching has been found to occur preferentially 
at screw dislocations; the distribution of the latter can be determined 
in this way. It has also been shown recently that under suitable 
conditions dislocations may be revealed in silver by thermal etching.““*""’ 


6. Evidence from X-ray Diffraction Studies 


6.1. Introduction 

X-ray diffraction studies of imperfections may be divided broadly 
into three groups: (1) those in which intensities are measured; (2) 
those in which the broadening and shape of diffraction lines and single 
crystal reflections are measured; and (3) those in which misorientations 
are determined. The nature of the information which can be obtained by 
these studies is different in the three cases, and each will be discussed 


in turn. 


6.2. Intensities of X-ray Reflections 


The phenomenon of extinction has already been discussed in section 
1, 1. It was seen that certain crystals, notably specimens of Iceland 
Spar, behave as perfect crystals as regards their reflecting properties. 
This has been confirmed recently by studies of the transmission of 


x-rays through crystals of calcite, when set at a Bragg angle.“®-'® 


Electron diffraction and microscopy experiments on many crystals 
have shown that extinction effects expected from a perfect crystal 
occur frequently ;"®-') such extinction effects have, for example, 
been observed in annealed crystals of Al (Fig. 35"). The presence 
of Kikuchi lines is generally regarded as an indication of a high degree 
of perfection; such lines have been observed frequently for metal 
crystals.“®) [t is, however, difficult to derive any reliable quantitative 
information about the perfection from the presence or absence of 
Kikuchi lines. 

Recent experiments on the effect of grinding and polishing crystal 
surfaces on the intensity of x-ray reflection have also confirmed the 
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previous observations that the intensity is very sensitive to surface 
treatment. The depth of the cold-worked layer introduced during 
grinding has been estimated to extend over 10 u or even 100 y."169-175) 

Since 1934 the intensities of x-ray reflections have been measured 
for many crystals in the course of structure determinations. It is only 
necessary to glance through a few copies of Acta Crystallographica to 
realize that extinction effects are not important as a general rule for 
small crystals. Occasionally, however, pronounced extinction effects 
are observed, even for organic crystals, and the intensities of the 
strongest reflections may be too small by about 20 per cent. Frequently 
attempts are made to render the crystals imperfect by grinding, or by 
thermal shock produced by immersion in liquid air. Although there is 
little doubt that most of the crystals examined are imperfect, only a 
few quantitative interpretations of extinction in large single crystals 
appear to have been made. 

Accurate intensity measurements on large crystals have been carried 
out for specimens of diamond,“ hexamethylene- 
tetramine,“”® Mg,“ quartz," oxalic acid dihydrate,“8) Al, (182), (189) 
MgO" and LiF.“ Extinction effects were found for most of 
these crystals. The magnitude of the extinction effect was determined 
by comparing the intensities from single crystals with those from 
powders. In all cases extinction corrections were made assuming 
secondary extinction only. Although this assumption appeared to fit 
some of the results, several crystals showed extinction effects which 


could not be explained in terms of secondary extinction alone. Table 6 


TABLE 6 


Extinction Effects in Various Crystals 


Crystal 


NaCi‘*), 136) ‘ Polished 320 
Hexamethylene-tetramine"’® Highly perfect 2000-8000 40°—10° 

After dipping in liquid air 1000-4000 80”°—20° 
Quartz" Crystals nearer perfect than 

imperfect; even very im- 

pure crystals have large 

extinction 
Oxalic acid dihydrate"'*" 1000 
Grown from vapour; ex- 

tinction negligible 
Aluminium Grown by strain anneal 

method; perfection de- 

pends critically on method | 

of preparation 
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shows some of the results obtained; where possible, values of the 
secondary extinction coefficient g, and of the angular spread » derived 
from g, are given. Specimens of quartz and hexamethylene-tetramine 
gave intensities which are not consistent with secondary extinction. 
Some recent experiments on quartz crystals indicate that these crystals 
must contain large perfect regions, as their behaviour is close to that 
expected from a perfect crystal.“* 

Further extinction measurements on large single crystals have been 
carried out recently using neutron diffraction.“*-'** The variation 
of intensity as a function of crystal thickness and of order of reflection 
was studied for large slabs of KBr.“* The results were in good 
agreement with prediction assuming secondary extinction, and the 
mosaic spread 7 determined from the intensities is shown in Table 7. 


TABLE 7 


Extinction Data for Crystals of KBr"'*® 


Thickness (cm) Mosaic spread 


The increase in mosaic spread with decreasing thickness of crystal is 
attributed to the deformation occurring during cleavage. Similar 
results were obtained for pillar-shaped crystals. Extinction was also 
detected in the course of a study of a crystal of potassium dihydrogen 
phosphate ;"**) the angular spread of the mosaic blocks was again 
found to be ~ I’ of are. 

In none of these experiments was any attempt made to determine 
the size of the mosaic blocks. It should be noted, however, that 


crystals with a mosaic spread of only ~ I’ of arc occur quite frequently. 
There is unfortunately little published data on the mosaic spread for 
large metal crystals, as estimated by extinction. 

However, a number of accurate Geiger-counter measurements on 


metal powders have been carried out. Observations have been made 
on «-brass (70 per cent Cu, 30 per cent Zn) and Al“ and Cu.“ It 
was found that the intensities of the strong low-angle lines were 
weaker for annealed material than for cold-worked material, and this 
was considered to be due to extinction. In all these cases very fine 
powders were used: «-brass and Al filings, and chemically produced 
Cu particles. 

The measurements on «-brass were interpreted in terms of primary 
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extinction, and the block size estimated to be 2-6 x 10~° cm, after 
annealing at More recently WILLIAMSON and SMALLMAN“®) 
have re-examined these data, and conclude that either primary or 
secondary extinction could account for the results, with a slight 
preference for the former. They obtain a block size of ~ 1-3 yu. It is 
not clear whether the filings had recrystallized; the fact that the diffrac- 
tion rings were still continuous suggests a grain size of only a few 
microns. 

The measurements for Al and Cu have been a subject of considerable 
controversy.%, (9%), (9) appears now that the experimental 
results are consistent with the existence of primary extinction for a block 
size of 3 «9 or 3-4 19%” for annealed Al, and ~ 1 u« for Cu.“%) 

Although the experimental results can apparently be explained 
satisfactorily on the basis of primary extinction alone, it is still not 
clear whether the agreement is really significant. Primary and secon- 
dary extinctions lead to slightly different variations of intensity with 
angle, a fact which has been used to differentiate between them. 
Unfortunately, extinction corrections for integrated intensity have 
only been calculated for parallel-sided crystal slabs of infinite extent, ‘?” 
and the application of these formulae to powders leads to difficulties. 
The primary extinction correction used by Lane and by WILLIAMSON 
and SMALLMAN was derived by Exsrern“ for the case of the peak 
of the reflection from a sphere. The extinction correction for the peak 
of the reflection is, however, not the same as that for the integrated 
intensity for certain types of reflections. The application of the 
EKSTEIN correction is probably satisfactory at very small and very 
large angles of scattering, but at present its use does not seem to be 
justified over the whole range of reflection. 

A further difficulty lies in the fact that any imperfections occurring 
on the scale of the block dimensions will cause a reduction of extinction. 
It is easy to see that the presence of dislocations in arrays or randomly 
distributed and strains, i.e. variation of lattice parameter, aggregates 
of impurities and precipitates, clusters of vacancies and cracks, and 
stacking faults, will reduce extinction. It is far from clear whether 
the extinction corrections in these cases will be of the same form as for 
the block model. 

It must be concluded that at present the interpretation of these 
results is so uncertain that it is doubtful whether the method can be 
used to give reliable information about the nature and degree of 
perfection of well-annealed material. The block sizes (1 4-3) esti- 
mated for annealed «-brass, Al and Cu, may be taken only as a rough 
guide to the distance between imperfections in these crystals. Mosaic 
spreads of ~ 1’ and up to ~ 5’ appear to be common in large crystals 
(see also section II, 6.5). 
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6.3. Evidence from Broadening of Reflections 


A parallel monochromatic beam falling on a crystal will be reflected 
over a range of angles owing to the finite size and distortion of the 
crystal.“ This broadening of the reflection has been used frequently 
in studies of cold-worked metals (see GreENOoUGH for details“). 
In many of these studies the very small broadening of annealed metals 
is taken as the “instrumental broadening.’ A few attempts have been 
made to estimate the broadening in annealed metals, notably by 
ZeHENDER and who measured the broadening 
from polycrystalline Cu and Zn prepared by recrystallization or grown 
from the melt (grain diameter ~ 0-1 mm). The values of particle size 
obtained for Cu varied between ~ 2-3 x 10-°>cm and ~ 9 x 10~° cm: 
no difference was detected between cast and recrystallized specimens. 
These results are, however, probably subject to considerable error, 
as the instrumental breadth is of the same order of magnitude as the 
particle size breadth, and also because the grain size was so large that 
the broadening of the Debye—Scherrer line could not be measured 
accurately. The particle sizes should be regarded as minimum values. 

In the case of Zn the results (Table 8) appear to be more accurate, 
although again the instrumental broadening is of the same order as 

TABLE 8 


Particle Sizes in Undeformed Zn Crystals” 


Specimen Particle size (1) 


tecrystallized Zn 
normal to 


normal to 10T0 


Zn grown from melt 
normal to 0-36 
normal to 0-60 


the physical broadening. A lamellar structure parallel to the basal 
plane seems to exist in recrystallized Zn, which also appears to be more 
imperfect than the material grown from the melt. The latter material 
in particular clearly has regions which are too large and perfect to 


give any appreciable broadening. 

In the course of a study on the variation of lattice parameter in 
metals FRoHNMEYER"®? observes that the width of the reflection from 
a large grain can be smaller than that from a small grain, but no 
measurements are recorded. 

Hatt and Wr.iamson have measured the broadening for Cu 


produced by precipitation, and for Al and W filings.“”, 9%), 200 For 
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Cu they obtain a particle size of ~ 10-* em, but the scatter of the points 
was so large that little reliance can be placed on this value. In the case 
of Al and W the broadening was even smaller, and again the values 
of particle size (~ 1 ) deduced cannot be considered reliable, although 
the value for Al appears to agree reasonably well with that obtained 
from extinction (see section II, 6.2). Evidence for apparent strain 
broadening has also been obtained for annealed Al and W; the ranges 
of strains were estimated to be ~ 2-5 x 10-4 and ~ 3 x 10-4 respec- 
tively. In these measurements, however, no account seems to have been 
taken of the wavelength spread of the CuK«, or Ka, lines used in the 
experiments; this wavelength spread would give rise to an apparent 
strain broadening of ~ 3-8 x 10~-+, i.e. sufficient to account for all the 
“strain” broadening found experimentally. 

Again it is difficult to come to any definite conclusion about the 
perfection of metal crystals from these measurements. More measure- 
ments are required, but the resolution must be improved considerably 
before the experiments can be expected to be of value. A two-crystal 
spectrometer as used for low-angle scattering experiments might prove 
to be useful in this connection. 


6.4. Evidence from Line Position 

It is interesting to mention the evidence for variation in lattice para- 
meter for metal grains, although this is not strictly relevant to the main 
subject matter of this review. Very accurate measurements have been 
carried out by Crussarp and AUBERTIN®®) and by FROHNMEYER"®® 
on annealed materials, using the oscillating crystal method suggested 
by Brace and Lipson. The results of FROHNMEYER are summarized 


in Table 9. 
TABLE 9 


Variation of Lattice Parameter in Metals"*® 


Variation of 


Npecimen 
I Lattice Parameter 


(10-4 A) 


Superpure Al (99-999°,) recrystallized at 350°C; grain size ~ 10 4 
Al (99-5%) .. 
Al alloy (96-6%) 
Duralumin, annealed 
Duralumin, annealed at 550°C and quenched 
Annealed 24 hr in vacuo 
High purity Cr { Annealed 1 hr at 1000°C in high vacuum 
Annealed 20 min at 2000°C in high vacuum 


The experiments of CrussarpD and AUBERTIN on Cu show similar 
results. The distribution of lattice parameter decreases with increasingly 
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drastic annealing treatments (the mean line position also changes); 
this decrease continues even after recrystallization; a considerable 
reduction occurs after annealing at 700°C; the half-width of the distri- 
bution curve is decreased to + 5 x 10-5 A. 

These results show very clearly that the apparent variation of lattice 
parameter of grains depends critically on annealing treatments and 
on the type of material used. It is not clear whether this variation 
is due to strains or due to other imperfections such as stacking faults, 
vacancies or impurities. It should be noted in this connection that a 
broadening or movement of position of a line corresponding to a frac- 
tional variation in lattice parameter ~ 10~°, which is the usual limit 
of measurement in most of the experiments, could arise from stacking 
faults at ~ 1 « apart. It is clear that apparent variations in lattice 
parameter of this and larger orders of magnitude are found, and it 
remains to be seen whether any of these could be accounted for by 
faults. It should also be noted that, as regards extinction, stacking 
faults can be regarded as breaking the coherence of the reflecting 
domains for most of the possible reflections, so that a very small number 
of stacking faults can cause all the extinction effects observed. The 
possibility of the existence of faults in crystals, w hich is evidenced by 
crystal growth studies’ and studies of cold-worked metals,‘?, 
suggests strongly that experiments should be attempted to detect such 
faults by x-ray diffraction or other methods. 


6.5. Misorientations 

By far the most reliable x-ray evidence about the distribution of 
dislocations comes from measurements of misorientations, for which 
several different methods have been used. The most sensitive of these 
is the two-crystal spectrometer method. If a perfect crystal is rotated 
through its reflecting position, it reflects over a few seconds of are. 
Real crystals often have “rocking curves” of greater angular width. 
Sometimes. as in RENNINGER’s classical experiments on rocksalt,@ 
the rocking curve is multi-peaked; in that case there is no doubt that 
the crystal consists of several misorientated blocks. On the other hand, 
the rocking curve may be single-peaked, but wider than expected from 
theory. If the width of the rocking curve exceeds several minutes of 
arc. there can be little doubt that the width is due to angular misorienta- 
tions. If the width of the rocking curve is only a little greater than that 
expected from a perfect crystal, the increased width might be due to 
other imperfections, such as elastic strains for example. Experiments 
have been carried out to measure simultaneously rocking curves and 
the angles between the incident and reflected beams for each setting of 


the crystal. ‘**”) These experiments have shown that generally the angle 
between incident and reflected beam remains constant, for all settings 
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on the rocking curve. It follows that the width of a rocking curve is 
generally due to plastic curvature. 

Experiments on calcite,”, 2) diamond, rocksalt*®) and quartz‘) 
have yielded rocking curves of only a few seconds width, as expected 
from perfect crystals. The angular misorientations in these crystals 
cannot exceed 1”"-4" of arc over areas of 1 mm? or more. Two-crystal 
spectrometer measurements on annealed metals have been reported 


INTENSITY 


444444444 


ANGULAR ROTATION 


(e) 


Fig. 36. (a) Rocking curve from crystal of Al annealed after bending, 
indicating large subgrains. (b) Photographs of the reflected x-ray beam 
at a number of points of the rocking curve, showing smaller subgrains 


for Al, (20), (20% and Ge.“!), (27) [~rraTeR and WEISsSMANN (20) 
measured rocking curves of Al crystals annealed after bending, and 
photographed the reflected beam at discrete positions of the rocking 
curve. These photographs indicate the position of the reflecting area 
in the grain (i.e. a type of “Berg technique’), 7), The rocking 
curves consist of several broad peaks, indicating subgrains, the angle 
between peaks being ~ 6’ of arc (Fig. 36°), At each point of the rock- 
ing curve the film shows a cluster of discrete spots which contribute to 
the intensity at that angle. To each peak of the rocking curve corres- 
ponds a cluster of spots which must arise from subgrains with a pre- 
ferred orientation. The angular range of reflection of each subgrain 
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contributing to a spot was estimated at ~ 2’ of arc. The films show 
that adjacent peaks on the rocking curve originate from adjacent 
regions in the crystal. No estimate was given of the size of the small 
subgrain, but a necessarily rough examination of the published photo- 
graphs suggests a size ~ 50 4. In a crystal bent to a smaller radius of 
curvature, the adjacent peaks occurring on the rocking curve could be 
identified with adjacent subgrains revealed by etching. The x-ray 
photographs show once more that a smaller substructure exists within 
the larger subgrains. The published photographs suggest that the 
smaller subgrains are, very approximately, 20 « in diameter. Similar 
results have been obtained from fine-grained material, rolled and 


TABLE 10 


Data on Misorientations in Crystals of Al‘*®*), (29) 


Mean Half Width Half Width 
Material end Angle of Ra king of Rock ing Size of Size of 
teens between Curve of Curve of Large Small 
Large Large Smaller Subgrains Subgrains 


Subgrains Subgrains Subgrains 


Al (99-993%,,) bent to 
radius 20-5 cm, 
heated 18 hr at 
600°C 


(author's 
estimate 
~ 50 


Al (99-993°,) bent to 
radius 2 cm, heated 


21 hr at 645°C 0-5-3 mm 


(author's 
estimate 


~ 20 4) 


Al (99-95%) rolled 
50% annealed | hr 
at 300°C 
same, rolled 75% 


same, rolled 96%, 
(author's 


estimate 
30 4) 


subsequently annealed.‘** All the results are summarized in Table 10. 
They show that subgrains formed on annealing after bending appear 
to occur on two scales, and the results on rolled and annealed aluminium 
seem to show that the more heavily deformed specimens have larger 
However, comparison with the results of other 
workers (see below) suggests that none of these specimens was fully 


misorientations. 


annealed. 
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Two-crystal spectrometer measurements on Ge crystals have shown 
the existence of subgrains misorientated by only ~ 20” of arc. The 
width of the individual peaks has not been reported but presumably 
it must be less than this value. Other measurements on Ge crystals 
will be discussed later. 

A somewhat different technique employing a bent crystal mono- 
chromator has also been used to study misorientations in Al.@"” By 
placing the specimen at the focus of a focussing monochromator, a 
region of crystal ~ 50 4 wide and several millimetres high could be 
examined. The results show that crystals of Al (99-99 per cent) grown 
carefully by the strain-anneal method have misorientations < 50” 
of are in the region irradiated by the beam. Large block structures, 
with relative misorientations ~ 10’ were also found when conditions 
of growth were not perfect. Using a similar technique NogeGLe and 
KorHLerR™"”) found the average width of reflection to be ~ 40” for 
Al crystals grown from the melt, and ~ 30” for Al crystals grown by 
the strain anneal method. 

The experiments of Guinier and Tennevriy,*!*-*™ using a different 
technique already described in Vol. 2 of this series,‘ have shown 
similar results. The resolution in angle of this technique is ~ 15”. 
Carefully prepared crystals of Al (99-99 per cent) grown by the strain- 
anneal method showed misorientations of only ~ 25” of are in an 
irradiated volume of 6mm? x 0-5 mm. Similar results were also 
reported for iron. 

Ordinary back-reflection photographs, taken with a fine x-ray tube 
focus, have also been used.) This method has a resolution of ~ 1’. 
In polycrystalline superpure Cu and Al (grain size ~ 30 «), misorienta- 
tions of ~ 1’ and ~ 3’ respectively were recorded. 

Summarizing all these data, it appears that the perfection of crystals 
depends critically on annealing treatments and the methods used for 
growing crystals. It is clear that metal and other crystals can be 
obtained with misorientations less than 1’ of arc; it is equally clear 
that subgrains are a common feature in metals, and that these sub 
grains are stable even after annealing at a high temperature. The 
stability of substructures will be discussed in more detail in section 


5. 


6.6. Determination of Dislocation Densities 

The fact that small-angle boundaries can be interpreted in terms of 
arrays of dislocations suggests that the misorientations determined 
from x-ray data could be analysed in terms of distributions and densi- 
ties of dislocations. There are several different cases to which the 
method can be applied.‘ °) Firstly, if the size of the substructure, 
t, and the mean angle across the boundaries, «, are known, the spacing 
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l 
h, of the dislocations in the walls is given by A = > (if « is small) and 


the density of dislocations is D = (see equation (6) section II, 1), 


where ) = Burgers vector. In order to arrive at this result it is assumed 
that the substructure can be represented by blocks, each face of a block 
containing one set of parallel edge dislocations of spacing h. Although 
this method of averaging is crude, it will give results of the correct 
order of magnitude. Nevertheless, a more detailed averaging process 
should be worked out. 

Secondly, if the subgrain size is known, but the average angle 
between subgrains is not known, upper and lower limits of the disloca- 
tion density can be determined. Assuming that the crystal is uniformly 


bent, in the plane perpendicular to the axis of bending « = = 8, where 


t 
T 
T is the width of the region which is bent over the observed angle /; 
i.e. 7 is usually the grain size, or the diameter of the area of crystal 


irradiated, whichever is the smaller; then 


D = 


(It should be remembered, however, that there is always the possibility 
that at least part of § is not due to misorientations at all.) 

This value is also the density of excess dislocations of one sign in a 
crystal with spread of orientation f, containing a uniform distribution 
of positive and negative dislocations. On the other hand an upper 
limit is found by assuming that the subcrystals are misorientated about 
a mean position, and that their normals are distributed according to a 
Gaussian law; on this assumption it can be shown that 


x ~ B/3 


and D ~ B/3bt 


If the substructure size is not known, the lower limit of the disloca- 
tion density is given as before, but the upper limit can no longer be 


*Corrre.."* has suggested that § may be obtained from « on the assumption that the 
orientation change across a boundary is equal in magnitude to « but may be either 
positive or negative. If tis the block size, the probable angular deviation between two 


blocks at a distance L from each other is ( : ) x. COTTRELL equates this quantity to f, 


where L is the area of crystal irradiated, and this relation has been used to interpret 

the angular widths of reflections in terms of dislocation densities." It should be 
L\i 

noted, however, that { - ) x is the average maximum angular deviation between blocks 


in the irradiated area, and is not equal to 8, which gives the average angular deviation 
between blocks in the area irradiated. Further, it is not at all clear whether it is justified 
to apply one-dimensional ‘random walk”’ statistics in this case. 
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directly determined. However, a reasonable maximum possible upper 
limit may be estimated as follows: suppose that the distribution of 
dislocations is random, so that there is a 50 per cent chance for 2 
dislocations of the same sign to be next to each other; these 2 disloca- 
tions form a small wall. If is the spacing of the dislocations « = b/h = 
6/3, and 
9 

D = = f?/9b* (10) 
An alternative approach is to assume that in a random network of 
dislocations each dislocation will contribute a broadening independent 


I 
! 


Fig. 37. Distortion expected to occur in Taylor lattice 


of the other dislocations; assuming that the stress field of each disloca- 
tion extends over a region comparable with the distance between the 
dislocations, i.e. h, it follows from a consideration of the intensity 
distribution in reciprocal space‘!*-*!® that the broadening due to a 
single dislocation is b/h, and the same result is obtained as before. It 
is possible of course that the dislocations are arranged in a dipole 
type lattice (see Fig. 9). This arrangement gives the least curvature 
for a given dislocation density. Fig. 37 shows schematically the 
distortion of the crystal planes in such a lattice. It appears that the 


b 
crystal planes are again bent over an angle ~ i in this case, however, 


b 
B= i for the observed angle is now equal to the mean angular 


misorientation between adjacent dislocations. 
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Table 11 shows the upper limit of dislocation density, assuming a 
random network of dislocations, calculated by Gay, Hirscu and 
Ke.iy,' and some additional results. If, in any of these crystals, 
the dislocations are arranged on a Taylor dipole lattice, the possible 
dislocation density could be greater by a factor of 9. Where possible, 
lower limits have also been calculated, using eq. (7). 


TABLE 11 
Limits of Dislocation Densities in Annealed Crystals 
Lower Limit 


of D 
(m/aq. cm) 


Upper Limit of D 
(n/ag. cm) 


Crystal and Treatment 


Al 99-999°% recrystallized (grain size 
30 3x 105 
Al 99-99°, strain-anneal method‘?!*’ 35 =x 108 
order 
Al 99-99°%, strain-anneal method'!'* <i 1-4 x 10° 
Al 99-99°%, grown from x 10° 
Al 99-99°, strain-anneal method!" 6 = 
Al 99-993°, bent and annealed‘? 
misorientation within small subgrain > 10° 
(density within sub- 
grains) 
misorientation between small sub- 
grains 56’ 5 x 10° 
(Actual density in 
boundaries of sub- 
grains) 
Cu 99°999°%, recrystallized (grain size 
30 2x 10° 
Ge from melt??? 10* — 10° 
NaCl from melt‘**’ x 104 
NaC! polished"*’ 3x 10 
CaCO, Iceland spar‘). 5x 16 
“6 4:5 x 


It should be noted that the dislocation density in the boundaries 
of the Al crystals examined by INTRATER and WEISSMANN is much 
smaller than the upper limit of the density due to misorientations inside 
the smaller sub-units. It must also be emphasized that, subject to the 
provisos mentioned above, these values should be regarded as upper 
and lower limits respectively. In their work on Ge, KuLIN and 
Kurtz?) assumed that formula (10) gives the actual density. This 
is only true if the distribution is as assumed for the calculations. 
In their case, they appear to obtain good agreement with etch pit 
counts suggesting that this assumption may be correct. It should be 
noted, however, (cf. section I], 3.3) that other data"). “99 on Ge 
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suggest that crystals with much smaller densities of dislocations also 
occur. 

For most of the examples set out in Table 11, there is little evidence 
about the actual arrangement of dislocations in annealed crystals. 
The fact that, for example, for Al the same order of magnitude of 
misorientation is found for widely differing volumes of crystal, suggests 
that the misorientations are random, as assumed for equation (10). It is 
not possible to say, however, whether the dislocations themselves are 
randomly arranged, or whether they occur in subsidiary blocks which 
cannot be resolved separately by the x-ray method. On the other hand, 
several experiments suggest that at least some of the dislocations 
tend to occur in walls. The densities of dislocation: in metals appear 
to lie between ~ 10®-108/sq. cm. 


6.7. Discussion 


The results on dislocations densities obtained from x-ray, metallo- 
graphic and other data (cf. section 11, 2-6) agree that the values can 
be less than 10*/sq.cm, but that in fact they generally lie between 
104 and 108/sq. cm, depending on the type and perfection of the crystals. 
Except for the case of metals grown from the vapour (section II, 2) 
and some Ge crystals grown from the melt, most of the dislocation 
densities for annealed metals appear to be between 10° and 108/sq. cm. 
In many experiments the dislocations have been found to occur in 
walls, forming mosaic blocks; the existence of a network structure 
has also been detected. In many cases there is no definite evidence 
about the distribution of dislocations. Although much more evidence 
is required, the results obtained so far seem to indicate that dislocations 
occur frequently in walls as well as in a random network structure. 
This might perhaps be expected on general grounds, for the strain 
energy of a given number of dislocations will be less when they are 
arranged in walls than if they are randomly distributed. 

Some evidence is available which provides support for the existence 
of dislocation sources of the Frank—Read type) but further experi- 
mental data would be highly desirable. 

One very important result which has emerged is the fact that not 
all markings observed on the surface of a crystal necessarily represent 
a misorientated block structure. Thus, cleavage markings are only 
indirectly related to the presence of dislocations, and certain evidence 
suggests that the Smialowski structure on crystals grown from the 
melt is due to a segregation of impurities, and does not necessarily 
contain dislocations in the boundaries. Considerable further work is 
required, however, to elucidate the nature of many surface markings, 
particularly some of those observed recently in the electron microscope. 
It is clear that it is no longer possible to describe all surface markings 
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in terms of a “mosaic structure’’; the nature of the boundaries must 
be specified. If these are dislocation boundaries, then the substructure 
may be called a mosaic. It has been convenient in the past to distinguish 
between a macro- and micro-mosaic;"*" the distinction between these 
was originally rather arbitrarily based on the criterion of whether the 
Laue spots on an X-ray diffraction pattern are split into subsidiary 
spots, or whether they are only broadened. Another definition depended 
simply on the size of the substructure; yet another depended on 
extinction effects. Such a distinction does not seem to be desirable 
and is probably misleading, as it may be taken to imply a difference 
in type. If we confine ourselves only to dislocation substructures, any 
particular array of dislocations can, and probably does, exist with a 
variety of spacings between the dislocations. If the spacing is small, 
extinction may be affected, if the spacing is large extinction may not 
be affected, and the mosaic may be observed optically; i.e. there is 
no difference in type between an “optical’’ and an “x-ray” mosaic. 
There is some evidence that crystals may consist of large blocks which 
contain dislocations inside them, sometimes arranged to form smaller 
blocks. In that case, as in all other cases, the only satisfactory des- 
cription of a crystal is in terms of the type or types of arrangement 
of the dislocations, and their density in these arrangements. 

The values of dislocation density quoted above are often less than 
the generally accepted value of 10*/sq. cm. This latter value was 
based on the interpretation of extinction phenomena: Primary 
extinction is generally small; therefore the block size is ~ la; and 
hence the dislocation density is 10*/sq. cm. It has already been pointed 
out that the interpretation of extinction phenomena is not satisfactory 
for a number of reasons. It is instructive, however, to examine whether 
the deductions made from extinction really do require a density of 
dislocations of ~ 10*°/sq.cm. In the case of rocksalt, Renninger’s 
crystal grown from the melt showed strong primary extinction but 
no secondary extinction. It follows from the extinction conditions 
that the block size must exceed 2-25 «4; with a possible range of misori- 
entations of ~ 4", the density of dislocations must be < 10*/sq. cm. 
On the other hand, for a polished crystal, secondary extinction is 
important and primary extinction negligible; the angular misorienta- 
tion is ~ 4’, and the block size must be < 0-5 4, so that the density 
of dislocations must be > 3 x 10*/sq. cm. In the case of Al, the classic 
experiments of James, BrinpLey and Woop? indicate absence of 
primary extinction, and the dislocation density is found to be 

10°/sq.cm. On the other hand, in the case of Al filings primary 
extinction appears to be more important,“*. “*) and the extinction 
conditions in this case lead to a density > 3 x 10°/sq. cm. It is clear 
from these results, uncertain though they are, that the density of 
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dislocations derived from extinction conditions varies widely from one 
specimen to another, and the limiting values obtained lie within the 
range indicated from other evidence. 

While the results leave no doubt that dislocations occur in crystals 
grown from the melt, the vapour, or solution, or by recrystallization, 
the origin of the dislocations in the crystals is not clear. It is probable, 
however, that crystals with dislocations will grow very much faster 
than those without dislocations, at least in the case of growth from 
vapour or solution. Therefore imperfect crystals are expected to occur 
much more frequently than perfect crystals. However, the problem 
of how the dislocations are introduced, remains. FRANK®), @2) has 
discussed this problem in some detail, and he has suggested that 
dislocations may (for example) be formed by buckling, due to impurities, 
of the two-dimensional crystal, followed by slip. A very convincing 
demonstration of how dislocations are introduced has been given by 
Newkirk and others,» @) who showed that screw dislocations 
form at the points of contact of two growing crystals. In this way the 
dislocations are introduced accidentally. For crystals grown from the 
melt, it has been suggested that vacancies form disc-like clusters, 
which subsequently collapse to form dislocations.“ “> Much further 
work needs to be done to establish the processes leading to the formation 
of dislocations in crystals grown from the melt, the vapour, or solution. 
The problem of the presence of dislocations in recrystallized grains 
also requires further study; it is not clear, for example, whether 
dislocations take part in the recrystallization process, and whether it 
is possible to remove all the dislocations in the metal by recrystalliza- 
tion. The wide variations in the density and the distribution of disloca- 
tions leave little doubt, however, that the dislocations are introduced 
either accidentally or as a result of the particular condition under 
which the crystals were grown, and not because they are essential 
for the stability of the crystal. 


III. DistocatTions In DEFORMED CRYSTALS 


1. Introduction 


The discussion in the preceding sections shows that as yet only very 
limited information is available about the distribution of dislocations 
in annealed crystals, and the situation is equally bad for the case of 
deformed crystals. Many experiments lead to the conclusion that the 
dislocation density in crystals is much higher after deformation, and 
it is also found that the distribution of dislocations depends on the 
type and purity of the metal, and on the type, degree and temperature 
of the deformation. It is therefore convenient to divide the discussion 
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into several sections, according to the conditions under which the 
deformation is carried out. 


2. Rapid Deformation at Low Temperatures 


2.1. Evidence from X-ray Line Shapes and Intensities 


It has been known for many years that the diffraction lines from cold 
worked polycrystals are broadened and that the broadening increases 
with deformation. This broadening has been interpreted generally 
in terms of small particle size or elastic distortion, and the results 
obtained up to 1952 have already been discussed by Greenoven in 
an article in this series.“*" Most workers found that strain broadening 
predominates, ‘°**-22© and that particle-size broadening is small. How- 
ever, Woop and Racurncer” concluded, from measurements of the 
variation of broadening with wave-length, that the major part of the 
broadening was due to particle size; the particle size of cold-worked 
Fe, Mo, Ta, and W was found to be ~ 3 « 10°* cm. In similar experi- 
ments on cold-worked Fe filings and wire, using more refined X-ray 
techniques, AULD and Garrop'*) were led to the opposite result, 
and the particle sizes have been estimated to exceed ~ 10-° cm and 
~ 5 x 10-° cm respectively. WurLLiaMson and estimated the 
particle size of cold-worked Al and W filings to be ~ 4 « 10~° em and 
2 x 10-* cm respectively; the latter value is again much larger than 
that quoted by Woop and Racuincer.” It has been suggested that 
the low values obtained by these workers are due to certain short 


comings in experimental technique.'***). (2% 

WARREN and Aversacn™”. ‘") were the first to use a Fourier 
analysis of line shapes to determine in the first instance the strains 
and subsequently the particle size and stacking faulting in cold-worked 
metals. The method appeared to be very powerful not only in eluci- 
dating the nature of the broadening, but also in giving information 
about the distribution of strains. Similar analyses were carried out by 
WILLiaMson and and others Geiger counter tech- 
niques and crystal-reflected radiation were generally employed. 
Methods have been developed for separating the effects of strain; 
particle size, and stacking faults on the broadening, but these depend 
on the form assumed for the broadening function of the line.‘*, (4, 
35) In most of the cases examined strain broadening predominates 
and particle size broadening is relatively small. Recently the errors 
introduced in the Fourier analysis due to underestimates of the extent 
of the tails of the diffraction lines have been discussed and it was pointed 
out that values of particle size and r.m.s. strains are likely to be 
inaccurate on that account.“* and SMALLMAN‘ 9?) 
examined the effects of different shapes of diffraction lines on the results 
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of the analysis. They showed that the values of r.m.s. strain, and 
particularly of particle size, differed considerably, depending on 
whether a Gaussian or Cauchy type line shape was assumed. It has 
been pointed out that it is not possible to determine the strain distri- 
bution and the particle size distribution from an analysis of one band 
alone, although at least in principle it would be possible to determine 
these distributions from several orders of the same diffraction line.‘?*” 
WILLIAMSON and SMALLMAN suggest that, until such data are available, 
it may be useful to calculate upper and lower limits of the strain and 
particle size assuming Gaussian and Cauchy profiles. Table 12 shows 


TABLE 12 


R.m.s. Strains and Particle Size in Cold Worked Fe and Mo‘**”) 


R.m.a. Strain Particle Size 


(Cauchy Profile) (Gaussian Profile) (Cauchy Profile) (Gaussian Profile) 


0-4 «x 10° 
0-5 x 


such results for cold-worked Fe and Mo. WILLIAMSON and SMALLMAN 
consider the Cauchy type curve to be more nearly correct, in agreement 
with results of other workers. The value of ~ 10~-° cm for cold- 
worked Fe filings agrees reasonably well with that found by AULD and 
Garrop,'%® although the latter authors assumed a Gaussian profile. 
It is clear from these results that it is possible to obtain an order of 
magnitude of the r.m.s. strain, perhaps accurate to a factor of 2, but 
the particle size might be very considerably in error. 


TABLE 13 


Recent Particle Size Determinations 


Particle Size 


(4) 


Specimen Method 


Cold-worked Fe filings Line breadth'*** 0-2 
‘old-worked Fe filings Line shape‘**’? 0-03-01 
‘old-worked Fe filings Line shape‘'*** 
‘old-worked Fe wire Line shape‘*** > O-4 
‘old-worked Al filings Line breadth‘? O-4 
‘old-worked W filings Line breadth‘*® 0-2 
‘old-worked Mo filings Line shape 0-05 
‘old-rolled Cu 2% Si crystal Line shape‘®*? ~ 0-1 

Cold-worked thoriated tungsten Line shape‘?** ~ 0-02-0-06 

Cold-worked «-brass filings . Line shape'*** ~ 0-008—0-018 


289 


4 
Fe 0-8 x O25 — Ol 0-03 
é ie Mo 0-8 — 0-04 x 10-* | 0-4 L 0-05 
— 
| 


METAL PHYSICS 


PROGRESS IN 


Table 13 shows the result of particle size determinations carried out 
since publication of GREENOUGH’s review. For Fe, Mo, Al and Cu 2 per 
cent Si, the values appear to be ~ 10~-°-10-tcem; for thoriated W 
and «a-brass values ~ 10-*cm are obtained. In the latter case the 
particles seem to be identified with regions between stacking faults; 
the frequency of stacking faulting has been estimated from the shift 
of the line positions and was found to be sufficient to account for the 
particle size broadening.**) The particle sizes obtained for Fe and Al 
are of the same order of magnitude as obtained by micro-beam experi- 
ments'® (see section III, 2.6), and this suggests that the particles are 
to be identified with regions misorientated relative to each other. A 
recent examination”®” of the intensities from cold-worked Al filings 
suggests the presence of some primary extinction, which corresponds 
to a particle size of ~ 2, in excellent agreement with micro-beam 
and other data (see section III, 2.6). 

Table 14 shows some values of r.m.s. strain determined from the 


TABLE l4 


R.m.s. Strains and Stored Energy 


Stored 


Ss 
R.m.s. Strain meres Energy by 
Specimen (x 10°) Energy Calorimetry 
(cals/gm) 
(cals/gm) 


Fe filings‘**”’ 6 (mean value) 0-3 
Fe filings (99-8%)'*" 2 0-03 21240) 
Fe wire (99-8% strained 32-3°%, to a 
fracture) l 0-0075 

Mo filings‘**”’ 6-5 (mean value) 0-6 
W filings'*®* 5 0-2 

(4) 
Al filings (high purity 0-008 | 0-3 31242) 
Al filings (commercial purity 1-3 0-013 | 


a-brass (70%, Cu-30% Zn) 
filings‘**"’ 18 1-4 


line shape analysis. An approximate value of the energy per unit 
volume stored in the metal (J) in the form of elastic strains may be 
calculated from the 


EB 
V = 3/2 — « « 
(1 + 2p*) 


where £ is Young’s modulus, Poisson's ratio and is the mean 
square strain. Some of the results from Fe filings, and those from Mo, 
W and «-brass filings, give values which are of the same order of 
magnitude as the stored energy obtained by calorimetry. The dis- 
crepancy between the r.m.s. strain from Fe filings obtained by different 
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workers may be due to variations in purity of material, or to experi- 
mental inaccuracies. In general the computed energies appear to be 
below the values obtained calorimetrically; this again may be due to 
variations in purity of material used, or due to underestimates of the 
tails of the diffraction lines. 

Similar values of stored energy have been computed by earlier 
workers from observations of the reduction of intensity of diffraction 
lines after cold-work (‘frozen heat motion’: for details see GREEN- 
ovucn"®). These results cannot be considered reliable; however, 
Hatt and WILLIAMSON have observed for Al and W a general rise in 


ANNEALED PL PURE ALUM 


OBSERVED INTENSITY (COUNTS) 


FILED COMMERCIAL ALUMINIUM 


100 no 
X (DECREED 
Fig. 38. Increase in background on diffraction pattern from cold- 
worked Al, relative to that from recrystallized Al 


background (Fig. 38°) and a drop of intensity of the diffraction 
lines after cold-work; the total intensity of line plus background 
remains constant (neglecting extinction effects) in agreement with 
some previous results.‘**), 4) It is of course artificial to separate a 
diffraction line from the background; the latter is simply due to very 
extended and overlapping tails of the lines. The uniformity of back- 
ground found for cold-worked Al shows quite clearly that the tails of 
the diffraction lines cannot possibly have been taken into account in 
the Fourier analysis in this case, and it is very probable that this fact 
accounts at least partly for the abnormally low value of stored energy 
computed for Al. 

Analysis of the early measurements seemed to indicate that the 
strains are non-uniform over distances of only ~ 20 A, and this has 
been interpreted to mean that most of the strain is centred around 
dislocations.‘ Unfortunately, it appears now that the results on 
which this conclusion was based depend critically on the assumption 
made about the form of the physical broadening function, and on the 


291 


4 
: 
= 
200} 
° 
; 
200 
FILED PURE 
100 
oF 
| 
|| 


PROGRESS IN METAL PHYSICS 


extent to which the tails of the diffraction lines are included in the 
analysis. WILLIAMSON and SMALLMAN%? suggest that the apparent 
non-uniformity of strain is more likely to be due to experimental 
error, and more measurements on several orders of the same diffraction 
line are required, to see whether a real effect is also present. The long 
tails of the diffraction lines characteristic of the Cauchy profile (or the 
increase in background detected by some workers) have also been con 
sidered as evidence for strains around dislocations, but WiLson@®, 4? 
points out that the tails expected from crystals containing single 
dislocations are not particularly pronounced. On the other hand, 
general considerations about possible strain distribution functions in 
crystals suggest that Cauchy profiles would be expected from crystals 
in which the strains vary through many cycles of positive and negative 
strain.’ Thus, if the tails are characteristic of dislocations at all, 
they are probably characteristic of certain distributions of dislocations 
rather than of the dislocations themselves. 


2.2. Estimates of Dislocation Density from Line Shapes 


Several attempts have been made to determine the density of disloca- 
tions from the Fourier analysis data. One method used is, in effect, 
an interpretation of the stored energy, |’, in terms of dislocations ;‘***), 
(24%), (191) another estimate is made from the fraction of intensity in the 
tails third estimate is obtained by interpreting the line- 
broadening in terms of the broadening due to single dislocations, 
according to the formula given by Wiison.‘*#), @4, G9) Tn all these 
methods the assumption is made that the dislocations are uniformly 
distributed, that their interaction is negligible, and that their stress 
field falls to zero at a distance equal to half the spacing between 
neighbouring dislocations. Table 15 shows some results obtained by 
applying the first and third methods; in the former case the dislocation 


TABLE 15 


Dislocation Densities from Line Shapes 


Density from Density 


Strain 
ilson 


Specimen Broadening 
P 4 Formula Strain 


(radians) 
cm) (n/aq. em) 


Fe filings 2» 1 
Fe wire (99-8°%,,) (strained 32-3°,)"" 3 x 
Mo filings‘'**”’ 55 2 » 2 x 10" 
Ww filings 300) 10% 
Al filings (high purity)‘ 10% 
Al filings (commercial purity : 
brass filings (70% Cu-30% 10? 


; 
a 

VOT 

> 

ih 

Sin 
hat 
ah 
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density is obtained from the average spacing, r, of the dislocations 
derived from the equation for the energy of a dislocation,”® i.e. 


V Gb? 


3. mr” 4n(1 


where r, = radius of dislocation core, taken as 2b in the calculations, 
6 = Burgers vector, G = rigidity modulus, » = Poisson’s ratio. The 
factor 4 is introduced in order to make the density of dislocations per 
square centimetre deduced from the energy, directly comparable with 
the value obtained from Wu1Lson’s method (see section II, 1). In 
the latter case the dislocation density is derived from the strain 
broadening. The broadening f in reciprocal space due to a dislocation 
along the axis of a cylindrical crystal, radius r, is given by‘ 


3 
p= + 1-30bs cos sin y 


where 6 = Burgers vector 


, where d is the spacing of the reflection 


= angle between Burgers vector and normal to reflecting plane 


y = angle between dislocation line and normal to reflecting plane 


Assuming for simplicity that on the average ¢ and y can take any 
values, the average broadening is found to be (by averaging its 
reciprocal) 

3 26. 
Sr 


The particle size is a and the strain broadening 


2 
Hence the dislocation density is given by the expression i the results 


given in Table 15 have been computed from the strain breadths quoted 
by WILLIAMSON and SMALLMAN, 37) 

If the assumptions made are correct, the estimates from all these 
methods should be the same. In general (except for Al; see later) the 
values do not agree. (The values obtained by use of the second method 
are ~ 10.) The discrepancy between the values shows that the 
assumptions are incorrect; in fact, the interaction between dislocations 
must be taken into account. Although at present this discrepancy 
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cannot be explained rigorously, it may perhaps be resolved in the follow- 
ing way. The broadening in reciprocal space due to an isolated disloca- 
tion is ~ b/h, where A is the crystal diameter." ") If the dislocations 
are distributed uniformly on a Taylor lattice, the distortion of the 
crystal planes in the region between the dislocations is such that the 
broadening is still ~ b/h (see Fig. 37). This suggests that the Wilson 
formula” will probably give the correct order of magnitude of the 
dislocation density, if the distribution is of the Taylor type. On the 
other hand, the dislocation density derived from the stored energy 
assuming a Taylor distribution is of the same order as that calculated 
from equation (12). It appears then that the two sets of results 
cannot be reconciled on the assumption of a Taylor distribution 
alone, and it indicates that the latter cannot have a density greater 
than ~ 10'*-10" dislocation/sq. em. This conclusion is confirmed by 
the fact that on the Wilson theory,” and therefore also very probably 
for a Taylor lattice, the “particle size’’ should be of the order of the 
spacing of the dislocations. In all cases quoted in Table 13, except for 
a-brass, and also for additional values given in section III, 2.6, the 
possible density of dislocations in such a lattice would be 


~ 10°-10"/sq. em 


Now there is direct evidence that the dislocations are distributed 
non-uniformly in a heavily deformed metal (see section III, 2.6). It 
is shown that excess dislocations of one sign are present in local regions, 
“boundaries,” producing a curvature distributed over a finite region 
rather than a sharp boundary.’ Typical distributions of excess 
dislocations, which are thought to occur, are shown in Fig. 39. The 
dislocations are considered to occur in the form either of ill-defined 
walls, or of a series of pile-ups of screw and edge dislocations. The 
energy stored in a Taylor-type lattice is proportional to n, the number 
of dislocations per square centimetre. If the same dislocations are 
arranged in a pile-up, the energy will be of the same order of magnitude 
as that of one dislocation with Burgers vector nb; hence the energy of 
the pile-up will be proportional to n»* (for precise calculations see 
Srrou®”). It is clear, then, that if each pile-up contains only 10 to 
100 dislocations, the stored energy and the r.m.s. strain can be 
explained, although the total density of dislocations may only be 
~ 10'*-10"/sq. em. We suggest then that the shape of the diffraction 
lines might be accounted for by such non-uniform distributions of 
dislocations; the main part of the line will be effectively due to the 
material between the boundaries, the broadening being due to the 


slowly varying long range stresses of the pile-ups, and to the disloca- 
tions between the boundaries (possibly a Taylor distribution), while the 
tails of the diffraction line are due to the very high local stresses around 
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the dislocation group. In this way it may be possible to explain the 
X-ray results on the basis of non-uniform distributions of dislocations of 
density 10'°—10"!/sq. em, with a possible additional uniform distribution 
of density not exceeding that deduced from the Wilson formula. 
Calculations of the x-ray diffraction patterns expected from non- 
uniform distributions are required to test this suggestion. 

It should be noted, however, that part of the tails of the diffraction 
lines might also be due to vacancies and interstitial atoms produced 
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Fig. 39. Typical distributions of dislocations, consistent with results of 
micro-beam experiments (a) distributed tilt boundary, (b) distributed 
pile-up of edges, (c) distributed pile-up of screws 


during the deformation,‘*2 to the distortion at the cores of the dislo- 
cations,“ and to stacking faults between partial dislocations. 

In the case of Al there is apparent agreement between the two 
values of dislocation density. This agreement, as mentioned already, 
is probably fortuitous as the r.m.s. strain appears likely to have been 
underestimated. In Al the tails overlap to such an extent that a 
nearly uniform rise (3 per cent) in the background is observed (Fig. 
381%, 19%) The same background rise is obtained for superpure and 
commercially pure Al filings, but the line broadening is less in the former 
than in the latter. Similar results have been found for annealed and 
cold-worked W. WrILLIAMSON and Hai) suggest that the tails are 
due to the high stresses around dislocations and that the smaller 
broadening for the pure Al is due to the removal of long-range stresses 
by segregation of the dislocations into walls. Micro-beam experiments 
(see section ITI, 2.6) have in fact shown that in both pure and impure 


295 


‘EA 
P L 
A SLIP 
BAND 
=. 
Med 
| 
Re 
; 5 


PROGRESS IN METAL PHYSICS 


Al the dislocations occur in boundaries, but that the boundaries are 
sharper for the pure material."*"’ Thus the results indicate, in agree- 
ment with expectation from dislocation theory, that a change of distri- 
bution from that of Fig. 39 to that in a wall leads to a decrease of the 
long-range stresses. Assuming that the ratio of background intensity 
to peak intensity equals the ratio of the volume of the heavily strained 
boundary volume to that of the stress-free region between boundaries 
(of diameter ~ 2u; see section II], 2.6), the thickness of the boundary 
region is found to be ~ 200 A. The high-stress field due to a wall of 
dislocations extends only over a distance of the order of the spacing 
of the dislocations ;"" hence the spacing is estimated to be ~ 100 A, 
corresponding to an angle of misorientation of ~ 3°. This estimate is 
of course very crude, but it is encouraging that it gives at least a value 
which compares reasonably with other measurements (see section III, 


2.6). 


2.3. Conclusions 


It appears from the preceding discussion that the x-ray line shapes 
from pure metals seem to be consistent with the presence of non-uniform 
distributions of dislocations, but that a Taylor lattice of density not 
exceeding 10°-10" dislocations per square centimetre may also be 
present. This is entirely in agreement with results obtained by other 
methods. In the case of «-brass,'*’ however, it is not yet clear whether 
the distribution of dislocations is substantially uniform or not; it is not 
certain whether the former conclusion is still valid, or whether the 
evidence on which it was based is due to the tail errors introduced in 
the Fourier analysis. 


2.4. X-ray Asterism (Single Crystals) 

When a single crystal or polycrystal is deformed the spots on a Laue 
photograph are usually changed into streaks, which may be continuous 
or discontinuous. Similarly, the characteristic radiation spots on a 
Debye-Scherrer pattern from a fine-grained polycrystalline material 
are spread into arcs along the rings. The former phenomenon is called 
“asterism” and is caused by curvature in the specimen; the latter 
phenomenon has not been named, but in view of the fact that it derives 
from exactly the same cause, namely curvature, it could also be 
included under that term. 

Before discussing the nature of asterism, we note that when a single 
crystal of a f.c.c. metal of a suitable orientation is extended carefully, 
and slip occurs on one slip system only, a region of easy glide, or slow 
hardening, is observed, which is accompanied by little or no asterism. 
(253-255) This means either that few dislocations are left inside the metal, 
or that a Taylor type lattice is formed. The lattice has been considered 


296 


¢ 

“4 

| 

i 

f 
f 

ed 
“ge 
“4 

4 
i 

; 


A 
SLIP LINES 


Fig. 40. Berg-Barrett photograph of crystal of Al showing kink bands 
and slip lines 


Fig. 41. Deformed Al polycrystal; showing kink bands 
and slip bands, after etching 
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to occur in this region, but as yet no direct estimate of the density ot 
dislocations has been made; such an estimate might be obtained from 
broadening of x-ray reflections. When conjugate slip occurs the 
deformation becomes inhomogeneous and curvatures are produced. 
For hexagonal metals, no asterism is found for extensions of 100 per 
cent or so, provided the deformation is carried out carefully.“ (” 

Much research has been carried out to determine the cause of 
asterism. The fact that the arc along the ring of a Debye—Scherrer 
photograph is generally much longer than the radial breadth of the 
ring shows that in most cases asterism is mainly due to plastic curvature, 
not elastic curvature. The length of the asterism streak or arc can be 
used to determine the spread of misorientations. The fact that most 
of the asterism streak is due to plastic curvature implies that the metal 
must contain regions with an excess of dislocations of one sign, i.e. 
the dislocations cannot be distributed uniformly on a Taylor lattice. 
Many experiments have been carried out to determine the scale on 
which the curvature occurs. It has been shown that crystals deformed 
in tension often develop bands, called kink bands,‘®), “? at which 
large misorientations (~ several degrees) occur. (A discussion of kink 
bands has been given in a recent article in this series.) These bands 
form on planes normal to the active slip direction (<110> in f.c.c. 
metals), and the rotations occur about the roller axis (i.e. the axis 
lying in slip plane and perpendicular to slip direction; e.g. <112> in 
f.c.c. metals'*®°-265))| For an ideal kink band the curvature of the 
lattice is in the form of a shallow 8, the resultant curvature across the 
band being zero; but in practice there is often an excess of dislocations 
of one sign leading to a resultant curvature across the band. The 
spacing of the bands is variable, but in Al at room temperature it lies 
generally between 0-2 mm and 0-02 mm, depending on the degree of 
deformation and other factors.“ ‘7? The length of the bands often 
extends across the whole crystal. 

It has been shown that the extent of the curvature across deformation 
bands is sufficient to account for asterism. Gay and HoNEYCOoMBE'*) 
have shown that a deformation band gives rise to a diffuse streak 
extending over several degrees (~ 3° in their experiment) while the 
regions between the bands show relatively little asterism. An asterism 
streak, on a photograph, from an area of crystal containing several 
bands, consists of several spots superimposed on a diffuse streak. The 
latter presumably arises from the bands themselves, the former from 
the regions between the bands. It is clear therefore that the regions 
of the lattice on opposite sides of bands are generally at an angle to 
each other, i.e. kink bands do not generally have equal numbers of 
positive and negative dislocations. Part of the asterism is therefore 
due to angular misorientations of the regions on opposite sides of a 
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kink band, and part of it is due to the kink band itself. Kink bands 
are of course not the only cause of asterism. In a bent crystal most of 
the asterism is undoubtedly due to the plastic curvature introduced 
in the bending process. This may also be a cause of asterism in poly- 
crystals, although kink bands also occur. In any particular case the 
main part of the asterism streak will be caused by the largest 
misorientations. 

The question arises whether the dislocations of one sign in one-half 
of a kink band, or the excess dislocations of one sign in a plastically 
bent crystal, are piled up randomly on slip planes (Fig. 39), or whether 
they are already arranged in small sub-units after deformation. It is 
well known that a crystal of Al bent at room temperature and examined 
by ordinary Laue or special focusing X-ray techniques gives continuous 
asterism, and that this asterism streak only breaks into subsidiary 
spots after annealing at a high temperature“) (see section III, 5). 
Most of the experiments which have been carried out so far would only 
show up subsidiary block structures provided the latter were > ;'5 mm 
diameter. It will be shown below that most polycrystalline metals 
contain a substructure of the order of a few « diameter after defor- 
mation. It remains to be seen whether the dislocations in a bent single 
crystal are arranged in subsidiary walls on this scale. In the case of 
Zn, two-crystal spectrometer experiments” have actually shown 
that the bent crystal consists already of sub-units immediately after 
deformation, even at 74°K. Accordingly, in this case the break-up of 
the Laue asterism streaks at high temperatures must be due to a 
movement and coalescence of boundaries leading to growth of the 
substructure units. Experiments of this type show clearly how 
important it is to realize the limitations of ordinary Laue techniques ; 
from the continuity of asterism the only information which can be 
obtained is that the subgrains and misorientations are too small to be 
detected, and limits could probably be put to these quantities. 

Several experiments have indicated the existence of a rotation of 
slip lamellae about the normal to the slip planes.‘®, (265-268) [pn 
particular, HeEIDENREICH and SHockLey”® have reported the exis- 
tence of such rotations in crystals of Al deformed in tension and 
examined by electron diffraction. HonrycomsBe’s®, ‘7? Berg- 
Barrett photographs of deformed crystals of Al show, in addition to 
the large misorientations of the kink bands relative to the regions 
between them, misorientations within the kink bands themselves 
(Fig. 40°, 7). These smaller regions appear to be in the form of 
lamellae parallel to the slip bands, indicating that they are bounded by 
slip bands and that the latter probably contain screw dislocations 
which produce a twist about the normals to their planes. Similar 
effects have been observed on other crystals.“*), @ Enlargements 
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of Laue spots obtained from a region of crystal containing a single 
kink band show a fine structure within the spots.'*’ In this case the 
major part of the asterism due to tilting at the kink bands masks the 
smaller misorientations; the axis of rotation for the small misorienta- 
tions is not known. Other experiments, using electron and x-ray 
diffraction methods, have shown that cells are formed in single crystals 
of Al during room-temperature deformation, on a scale too small to 
be accounted for by deformation bands; but the nature of the misori- 
entations has not been determined.‘®), 

Some experiments by Ramsey” on the room-temperature deforma- 
tion of Al, also indicate the existence of boundaries along the slip 
bands; Fig. 417 shows a microphotograph of an etched specimen 
showing a fine structure, parallel to the slip bands, running across the 
kink bands. The fact that the kink bands often appear to end inside 
the crystal also suggests the presence of screws. 

The development of deformation bands during deformation has been 
discussed elsewhere.‘*®) The variation of misorientations in general 
with increasing deformation is well illustrated by electron diffraction 
experiments on Al.) Up to a few per cent elongation, Kikuchi lines 
are still visible; at about 5 per cent deformation the lines have disap- 
peared, leaving only spots. Further deformation leads to a break-up 
of these into subsidiary spots, and finally spotty rings are obtained. 
The final particle size was estimated, from the appearance of the 
spotty ring patterns to be ~ 1 uw; while other evidence has shown that 
this estimate is correct, no evidence was given of how this value was 
arrived at from the electron diffraction patterns. It may be mentioned 
here that the determination of particle size from electron diffraction 
patterns is far more complicated and liable to inaccuracy than the 
corresponding method used in x-ray diffraction.(?7) 

Summarizing the results obtained so far, it appears that inhomo- 
geneous deformation of single crystals is accompanied by rotations 
about the “roller” axis at kink-bands (spacing between ~ 20 u and 
0-2 mm in Al), and possibly twists about the slip band normal. 


2.5. Possible Dislocation Distributions 


It is interesting to discuss possible dislocation distributions which can 
account for the experimental results; Fig. 42a, 6 illustrates a possible 
distribution for the case of single slip. We suppose, very tentatively, 
that slip occurs on limited slip bands, and that owing to some inhomo- 
geneity of the deformation, kink bands are formed. The dislocations 
(i.e. fine slip)7*-?” which may be present between the slip bands have 
been neglected in the drawings. The diagrams indicate that unless all 
the screw dislocations are removed from the slip planes (for example 
by cross slip and annihilations,@” or by running out of the crystal) 
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Fig. 42. Possible distributions of dislocations after deformation in f.c.c. 
metals. (a), (6) single slip; (c) double slip; (d) multiple slip; (e) 
Mi curvature due to ‘‘fine slip” 
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twists are bound to occur about the normal to the slip planes, and 
the crystal will be divided into cells whose diameter is equal to the slip 
band spacing in one direction, to the spacing between kink bands in 
another, and to either the diameter of the crystal or the spacing 
between obstacles in the third. 

Fig. 42c shows the case for conjugate slip; the crystal is divided into 
columns of diameter equal to the spacing between slip bands and of 
length of the order of the spacing between deformation bands or other 
obstacles. However, more complicated boundaries can now replace 
the original deformation bands, in which dislocations of both slip 
systems take part. It can be shown that the stable boundary containing 
dislocations of both primary and conjugate systems is parallel to the 
third (111) plane, and the rotation is about the fourth <111> axis. If 
slip takes place on yet a third slip plane, which is possible in poly- 
crystals, an equi-axed block structure of diameter equal to the slip 
band spacing will be formed (Fig. 42d). Superimposed on this block 
structure one might expect rotations to occur on a larger scale at 
complicated mixed boundaries which take the place of kink bands for 
single slip. 

It must be emphasized, however, that although the arrangement 
of screw dislocations on the slip plane shown in Fig. 42a produces 
twists normal to the slip plane, it is highly unstable as it causes very 
large long-range stresses.) Such an arrangement can be stabilized 
by means of another set of dislocations with different Burgers vector 
on the same slip plane (see Fig. 43b), or by more complicated arrange- 
ments of screw and edge dislocations on the slip plane. In the case of 
polycrystals, dislocations with the relevant Burgers vector may 
perhaps be formed in any case in the course of deformation, so that the 
boundaries might at least become partly stabilized. In the case of 
single crystals, as well as polycrystals, the stress concentration due to 
the screws may be high enough to cause the appropriate source in the 
vicinity to send out dislocations to stabilize the twist. To complete 
stabilization, however, annealing may be required. 

Whereas kink bands have been frequently observed and extensively 
studied, detailed information about the nature and occurrence of 
twist boundaries is still lacking. Perhaps the most striking evidence 
is the existence of twist boundaries on the slip plane in partially 
annealed crystals of Ag Br“® (Fig. 29b). The structure indicated in 
Fig. 42a, b, probably accounts for the misorientations apparent from 
HoNEYCOMBE’s photographs,“ for example (Fig. 40). It should 
be emphasized, however, that in addition to the rotations on the coarse 
slip bands, additional rotations due to fine slip between the bands 
may occur; the dislocations inside the cells may for example pile 
up against a slip band of another system, producing an additional 
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curvature (Fig. 42e"*). Just how important fine slip is, still remains 
to be decided. 

Although no estimates of dislocation density have yet been given for 
single crystals, the data from HoneycomsBe’s results may be used to 
calculate an approximate value of the excess density of dislocations. 
After 4 per cent elongation a typical range of misorientation across a 
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Fig. 43. Possible distributions of dislocations after deformation in 
h.c.p. metals. (a) Double slip, giving cells delineated by tilt and twist 
boundaries; (6) possible arrangement of dislocations on slip plane to 


form a twist boundary; the arrows indicate the directions of the 


Burger's vectors, which are perpendicular to the directions of the 
dislocation lines of the other set 


deformation band, of spacing ~ 100 a, is ~ 1-5°; the density of dislo- 
cations in these bands is therefore ~ 2 x 10° 8q. cm. The spacing 


between slip bands appears to be ~ 204, and the misorientations 


~ }° on the average. The density is calculated to be ~ 10*/sq. cm; the 
total density averaged over all directions is therefore ~ 10*/sq. cm. 
In addition to this density of dislocations, a TayLor type distribution 


might oceur. Direct evidence for such a distribution has not been 


obtained. 
For the case of hexagonal metals, the structures shown in Fig. 42 
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Fig. 44. Micro-beam photographs of cold 
worked (a) Al, and (b) Fe 
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must be modified. Kink band boundaries can exist and are found 
experimentally; (®7) for single slip it seems that the crystal can 
break up into a series of lamellae perpendicular to the slip direction 
(Fig. 42a). If there is a pile-up of screw dislocations on the slip planes, 
then a twist can occur dividing the lamellae into columns (Fig. 42a). 
Such a twist boundary can be stabilized by slip being induced in other 
slip directions on the slip plane. If slip occurs on several slip systems, 
as is possible in polycrystals or single crystals when conjugate slip 
occurs, more complicated cell boundaries can be formed perpendicular 
to the slip planes (Fig. 43a). Such boundaries will, however, be stable 
only if the resultant screw component of the boundary is zero, for in a 
hexagonal metal no stable screw boundaries can be formed in a plane 
perpendicular to the slip plane, i.e. the boundaries must be tilt boun- 
daries. On the other hand, twist boundaries can again be formed on 
the slip bands and these boundaries can now be stabilized. Fig. 436 
shows a simple arrangement of dislocations on the slip plane (derived 
by use of equation 2) which will produce a stable twist boundary. (The 
same arrangement will also produce stability in f.c.c. metals.) In 
hexagonal crystals undergoing double slip, or in polycrystals, in general 
the structure can be approximately equi-axed, or in the form of discs 
parallel to the slip plane, or in the form of polygonal cylinders perpen- 
dicular to the slip plane, depending on the relative spacings of the 
slip bands and tilt boundaries. Evidence for such structures in Zn 
will be discussed in section III, 3.2. 

The above considerations indicate that when slip is confined 
mainly to distinct bands, the movement of the dislocations on the slip 
planes during deformation may quite naturally result in localized bends 
and twists, dividing the crystal into cells. It is important to realize 
that such rotations occur naturally without the need of polygoniza- 
tion. Further, since slip bands consist of a number of parallel lamellae, 
the twists will be distributed; similarly the bends will be distributed 
if dislocations pile up at, for example, kink bands. However, such a 
distribution of dislocations leads to very high stresses, and these will 
be removed only after stabilization. The stabilization of twist boun- 
daries can occur simply by slip on another system; the stabilization 
of the bends will probably require climb to produce walls, although in 
f.c.c. metals, for example, the formation of walls might take place with 
the aid of slip on another system. It should be emphasized again that 
the discussion in this section is largely tentative. The hypothesis 
of stabilization of twist boundaries on the slip planes requires slip on a 
system which would normally not be acting. It remains to be seen 
whether this is really the case, or whether the boundaries are of a 
different type, which might be explained for example by slip on 
primary and conjugate systems. 
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2.6. X-ray Asterism (Polycrystals) 


The deformation of fine-grained materials has been studied by Desye- 
Scherrer methods. It is well known that after only a small deformation 
the spots on a Debye—Scherrer photograph from fine-grained polycry- 
stalline material spread into arcs, and eventually produce continuous 
rings, which are broadened radially (see preceding section’), A 
micro-beam technique has been used to determine the scale on which 
the plastic curvature takes place.‘®?, (215), (251), 276-279) When the size 
of the x-ray beam is reduced sufficiently, the arcs are no longer con- 
tinuous, but consist of more or less sharp spots joined by continuous 


BOUNDARY 


PARTICLE 


Fig. 45. Schematic representation of distribution of curvature in a 
cold-worked polycrystal 


background. From the number of spots on the rings and the known 
geometry of the arrangement the size of the particles can be deter- 
mined," and from the shapes of the spots the distortion of the 
particles can be found.'*””) Fig. 44 shows back-reflection photographs 
of cold-worked Al and Fe taken with microbeams.”, @ The same 
specimens give continuous rings when examined with an ordinary 
x-ray beam of ~ 1 mm diameter. Each spotty are corresponds to 
reflections from one original grain, the angular misorientation of which 
can be estimated from the length of the arc. The formation of such 
particles is often called ‘‘fragmentation,”’ a term which was used first 
by Woop to describe the process by which the particles contributing 
to line broadening are formed. This description is unfortunately most 
misleading. After small deformations the Debye—Scherrer rings on 
micro-beam photographs show a certain wavyness; “" i.e. there is a 
continuous variation in the radius of the ring along the arc. Such a 
continuous variation suggests that neighbouring spots, and the back- 
ground between them, arise from adjacent regions in the crystal. 
The continuity of the x-ray intensity along the arc suggests that the 
spots correspond to regions of small plastic curvature, while the back- 
ground corresponds to boundary regions of large plastic curvature 
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between them (Fig. 45). The lattice is continuous; the difference 
between a boundary region and a particle is simply that the former 
contains more excess dislocations of one sign than the latter.“ In 
the following sections the regions of small plastic curvature will be 
called particles or cells (see section II, 1); the latter term has been 


PARTICLE SIZE 


o's 
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Fig. 46. Variation of particle size with strain for Al deformed in 
tension 


used by Woop to describe the phenomena occurring in high temperature 
deformation.” 

Particle formation has been observed at room temperature in Al, 
(215), (251), (276) (yy Ni, Fe, Cd, Zn, Pb and Sn.‘?’*) Using electron diffrac- 
tion the same phenomenon has been found in Au.7), @8° With 
increasing deformation the particle size decreases (Fig. 46), the distor- 
tion of the particles and the angular misorientations increase.‘®), (7%), 
(279) After a certain degree of deformation the particle size reaches a 
lower limit, while the angular misorientations continue to increase 
with increasing deformation.” In the case of Cd, Zn, Pb and Sn, after 
a certain further increase in deformation the metal recrystallizes 
spontaneously at room temperature.” Table 16 shows the limiting 
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particle sizes obtained for various metals. The values vary between 
0-1 « and 20 «, but most of them are around | w. In the case of pure 
Al the final particle size is independent of mode of deformation (rolling 
or tension), and also independent of initial grain size. However, 
impure aluminium has a smaller particle size, and the difference 
between particles and boundaries is less distinct. The broadening of 
the spots is such that if the whole of the broadening is due to elastic 
strains, the range of strains in the particle is of the same order as the 
yield strain.“ It should be noted that micro-beam experiments have 
so far been applied mainly to relatively pure metals; an attempt was 
made to determine the particle size in a cold-worked steel specimen, 
but back reflection photographs gave only continuous rings; the nature 
of the specimen did not permit transmission photographs to be taken. 


TABLE 16 


Values of Particle Size 


Micro-beam Method Line Broadening Method 


Metal 
Specimen and Particle Specimen and Particle 
Deformation size Deformation size 


beaten foil O-15 
(by electron dif- 
fraction)" 
rolled 0-6 
{rolled sheet 
99-99%, rolled 50% 0-6°7") \filings 
99-6%, rolled 6-6°, 2. (278) 
wire extended to 
jrolled 57% 1—2'876) fracture'***) > 05 
filings‘?”? 0-03-01 
Al 99-999%, rolled 57% 2381) 0-4 
extended 30°, 
Al | 99-2%, rolled 72% 
Pb 99-99%, rolled 12%, 6278) 


99-99%, 


>, rolled 15% 


Sn 99-995%, rolled 35% 20'278) 


Apart from the difference in particle size the various metals differ 
in the degree to which spots can be distinguished from background. 
In the case of Pb, Sn and Al the spots are reasonably sharp and intense, 
the background weak ; in Fe the distinction between particles and boun- 
daries is somewhat smaller (Fig. 445), but in Cu the distinction is so 
small that spots cannot be observed on back-reflection photographs of 
heavily rolled copper. However, diffuse spots can be distinguished on 
transmission photographs, where contrast is always enhanced owing to 
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Electron transmission micrograph of beaten Al foil 
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Fig. 48. Cell structure in Al deformed by creep at high tempera- 


ture, showing (a) boundaries parallel to kink bands and slip bands 


in large grains, and (+) relatively unbanded structure in small grains 


ae 
gee 


MOSAIC STRUCTURE 


the fact that all curvatures are compressed on the photographs.'**” 
From the relative intensities of the spots to background, the relative 
volumes of particles and boundaries can be estimated very approxi- 
mately. In the case of Cu the volume of the boundaries is of the same 
order of magnitude as that of the particles; for Al the ratio of the 
volumes is probably about 0-2 and for Pb and Sn it is rather less. The 
particle sizes given in Table 16 are actually the distances from centre to 
centre of adjacent particles, i.e. they include the thickness of boundary. 

The hexagonal metal Zn shows a different behaviour from that of 
the other metals. For deformations below that at which recrystalliza- 
tion sets in, on some of the micro-beam photographs the arcs are spotty 
and on others they cannot be resolved. Nevertheless, the particle 
size must be at least of the order of | «, for there is practically no radial 
broadening of the rings, and the Ka doublet is well resolved. These 
arcs appear to consist of a series of parallel streaks, suggesting that the 
structure consists of a series of very slightly misorientated lamellae,“ 

At this point it is necessary to compare the values of particle size 
determined by the micro-beam technique with the values deduced 
from line broadening. From Table 16 it is clear that in general the 
values determined from line broadening are either lower than or 
consistent with the values obtained from micro-beam experiments. 
In view of the different values obtained for different samples from line 
breadth or shape measurements, the comparison is strictly valid only 
for similar specimens cold-worked under similar conditions. Some of 
the discrepancies are probably attributable to the different purities 
of the specimens investigated. Both micro-beam and line broadening 
measurements indicate a decrease of particle size with increasing 
amounts of impurity. 

It must also be remembered that the particle sizes measured by the 
different methods refer to different quantities. The particle size deter- 
mined from micro-beam experiments is defined as the cube root of the 
mean volume ;'*") this value is always an over-estimate if there is a 
distribution of volumes, as the smallest particles may not produce a 
spot sufficiently intense to be included in the count.*” It is possible 
that the material in the boundaries, contributing to the background, 
consists itself of particles too small to be resolved on the microbeam 
photographs. The definitions of particle sizes determined from line 
breadth”®) and shape measurements” differ from each and from that 
used in the micro-beam experiments. If there is a considerable pro- 
portion of boundary material, for example, in the case of Cu, the 
particle size determined by these methods is likely to be smaller than 
that determined by micro-beam methods. Inaddition, the particles 
might contain faults and dislocations which could give rise to additional 
particle size broadening. This point will be discussed later. 
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A strict comparison can be made only for the case of Fe wire, where 
the results are in good agreement. The results for Al specimens 
deformed under different conditions also agree to within the accuracy 
expected from line breadth measurements in this region. With regard 
to Cu, no recent line shape measurements are available, but line 
broadening measurements indicate a considerably smaller particle size. 
It should be remembered, however, that for Cu a large proportion of 
the material contributes to the background, so that the lower value 
might be partly accounted for by this fact, and partly probably by 
the presence of dislocations inside the particles. It is to be noted that, 
if the particles which produce spots on micro-beam photographs 
contain smaller particles which are not misorientated sufficiently, 
these smaller particles may produce spots which cannot be resolved 
on the photographs. However, it is always possible to estimate an 
upper limit of the dislocation density, or a lower limit of the size of 
the blocks inside the particles which give rise to spots on micro-beam 
photographs (see section III, 2.8). 


2.7. Metallographic Evidence of Substructure 


Substructure in Al deformed at room temperature has been observed 
by several investigators. Electron transmission micrographs of thin Al 
foils have shown a structure of subgrains of diameter ~ 2 yu, in perfect 
agreement with x-ray data (Fig. 47"*). Absence of extinction lines 
showed these particles to be distorted. A fine block-like substructure 


of dimensions ~ 200 A was also observed: it is not clear, however, 
whether the contrast on the micrographs was due to differences in 
orientation or of thickness at the slip steps. The spots on the diffraction 
patterns of Al are so sharp that it is unlikely that these blocks corres- 
pond to mosaics. 

Ordinary metallographic etching techniques have also been employed 
successfully in determining the size of the substructures, and results 
identical with the above were obtained.’ *) The substructure 
observed by Tate and McLean‘*” in rolled Al has a mean diameter of 
~ 20 4, and must consist of many of the smaller blocks; presumably 
the sensitivity of their method was too low to detect these smaller 
subgrains. It is interesting to note also that metallographic methods 
failed to reveal the substructures in cold-worked Zn‘**) and Pb.‘** 

In Cu, Crussarp and ALsertix® reported the existence of 
markings on the surface of worked polycrystals, which have been 
identified with subgrains; the diameter of these regions appears to be 
~ 1 uw after heavy cold work. 

An extensive electron microscope replica study of the deformation 
of Cu single crystals and polycrystals has shown that the original 
substructure (see Fig. 26) appears to be deformed ;"™, “2) in particular 
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misorientations of the order of several degrees occur in deformed 
polycrystals on a scale of ~1y4. A new fine substructure appears 
whose dimensions are ~ 1000 A. It is not clear whether this substruc- 
ture is really in the form of misorientated blocks, or whether the 
boundaries are of a different type. It is tempting to suggest, however, 
that this substructure might correspond to the particle sizes found 
from X-ray line-broadening measurements, and to a possible dislocation 
density inside the particles detected by micro-beam methods (see 
section III, 2.8). 

Electron transmission micrographs of beaten Au foil, examined in a 
dark field, have shown the existence of substructures misorientated 
relative to one another, the dimensions of which are ~ 1500 A, in 
agreement with the size determined from electron diffraction photo- 
graphs of the same area of foil.°7) 

In the case of Sn, the substructure found by x-ray methods has also 
been detected by phase contrast microscopy.‘?7® 

Preferential etching has also been reported to occur along the slip 
bands. “Strain markings’) may possibly be due to the presence of 
stacking faults, or dislocations (see also section IV, 2). In certain cases, 
however, it is not clear whether the preferential etching is due to 
imperfections or due to the effect of the ledge at the slip step'*!-2%” 
(ef. section II, 3.2). It appears also that in the case of Al, dislocations 
are probably attacked only if they are associated with Cottrell 
atmospheres. 


2.8. Dislocation densities from Micro-beam Experiments 


If the sizes of the particles and the angles between them are known, 
the densities of dislocations in the boundaries can be estimated by the 
methods discussed in section II, 6.6. Upper and lower limits of the 
angles between particles can be estimated from the lengths of the diffrac- 
tion arcs, and hence upper and lower limits of the dislocation densities 
can be calculated. Table 17 shows the results; a geometric mean of the 
dislocation density limits is also given; this may be taken as representa- 
tive for the metal, and is accurate generally to within a factor of 2 to 
3.'78) The dislocation densities determined in this way give the densities 
of the excess dislocations in the boundaries. In addition there may be 
dislocations of either sign in the particles and in the boundaries. It is 
important to know the total density of dislocations in the material. 
Upper limits may be calculated from the spot broadenings on the 
assumption that either a random network or a Taylor lattice is present 
(section II, 1). The results obtained in this way for the particles are 
also shown in Table 17. Except for small deformations these values 
are smaller than, or of the same order of magnitude as, the excess 
density of dislocations in the boundaries. The boundaries themselves 
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might contain positive and negative dislocations in addition to the 
excess dislocations of one sign. The radial broadening of the back- 
ground appears to be approximately of the same order of magnitude 
as that of the spots, although of course the profile of the radial intensity 
distribution may be different. This suggests that, if there is either a 
random distribution or a Taylor lattice in the boundaries, the maximum 
density of the dislocations is about the same as that inside the particles. 
The fact that the excess density in the boundaries is of the same 
order of magnitude indicates either that the boundaries only contain 
dislocations of one sign, or that the excess dislocations are arranged 
in subsidiary walls, which may contribute only a small fraction of the 
intensity. In either case the total density of dislocations can at most 
differ by a factor of 2-4. 

An estimate of the average spacing of dislocations in the boundary 
can be obtained from the area of the boundary and the number of 
excess dislocations; the minimum spacing of dislocations inside 
particles can be found in a similar manner. The uncertainty of the 
boundary volume must necessarily make these estimates rather 
approximate. The average spacing of dislocations in the boundaries 
appears to be of the order of a few hundred Angstroms, while inside 
the particles the minimum spacing is ~ 1000 A. It should be noted 
that the distance of a few hundred Angstroms is of the same order as 
the spacing between fine slip lamellae,‘*”?). (7%) while the spacing of 
the dislocations inside the particles is of the order of the particle size 
found for certain metals from line broadening measurements. ‘**!~*6» 
The rather lower values of particles size found by line breadth measure- 
ments compared to those found from micro-beam experiments may 
thus be due to the existence of dislocations inside the particles. The 
upper limit of this density agrees satisfactorily with a similar limit 
deduced from line breadth measurements (section III, 2.2). 

These results indicate that the distribution of dislocations in cold- 
worked polycrystals is non-uniform. Fig. 39 shows, schematically, 
distributions of dislocations which are consistent with the results for 
cold-worked polycrystals of pure metals. Most of the dislocations 
appear to be concentrated in the boundaries, although it is possible 
that inside the particles there is a Taylor type distribution of similar 
density. With increasing deformation the number of boundaries 
increases and reaches a limit, and further deformation results in an 
increase in density of excess dislocations in the boundaries. The density 
of dislocations lies between ~ 10*/sq.cm and ~ 10"/sq. cm, and 
appears to be lower than the generally accepted value of 101*/sq. cm. 
The dislocations in the boundaries do not form single walls, but are 
distributed over a considerable volume. This boundary thickness is 
greatest in Cu, and smallest in Sn, other metals being intermediate. 
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There is some evidence that the particles are approximately equi- 
axed, and Gay, Hirrscu and Ketiy® have shown that the limiting 
particle size is equal to the minimum slip band spacing (Table 18). 


TABLE 18 


Comparison of Particle Size and Slip Band Spacing 


Particle Size Slip Band 
Metal (ut) Spacing 
(#4) 


Al (deformed at room temperature) 21261) 21119) 


Al (deformed at liquid air temperature) . ~ 1 (67) 
Cu 0-68) - 291205) 


Fe mw 21278), (279) 21206) 


Zn girs) ~~ 1297) 


These workers have suggested that the particles are bounded by slip 
bands, and that the general distribution of dislocations corresponds 
to that shown in Fig. 395, c. More experiments are, however, required 
to show whether the boundaries really are the slip bands, and whether 
the misorientations are due to screw dislocations as in Fig. 39¢ or due 
to “fine slip’’ edge dislocations ‘© as in Figs. 39a, 42e, or to both. 
In section III, 2.3 it was suggested that the shapes of the diffraction 
lines could probably be explained by the presence of pile-ups (Fig. 
39b, c); this does not, however, rule out the possibility that distributions 
of the type shown in Figs. 39a and 42e are also present. It is clear 
that the results obtained from polycrystals agree satisfactorily with the 
structure expected from the considerations discussed in section ITT, 2.5; 
the fact that the particles are equi-axed (in f.c.c. metals), the agree- 
ment between particle size and slip band spacing, the fact that the 
curvature is distributed, and the considerable strains in the particles, 
all fit in with the theory. It is interesting to note that for Zn, the hexa- 
gonal metal, the agreement between slip band spacing and particle 
size is poor; this suggests that in this case the cells are not equi-axed. 
There is some evidence that the particles are in the form of lamellae 
in Zn (see above), but further experiment is required to determine the 
orientation of the lamellae. It should be noted, however, that it is also 
possible that the size of the particles may be determined by the slip 
band spacing while the boundaries themselves may not necessarily 
be parallel to the slip bands. Direct experiments are required on this 
point. 


2.9. Variation with Temperature of Deformation 


The substructure in Al has been studied for many different conditions 
of deformation. No substructure could be resolved in pure Al deformed 
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by hammering at liquid air temperature and examined at that tem- 
perature." When examined at room temperature the material 
recovers partially and subgrains are formed which are smaller (~ 1 1) 
and more distorted than those formed during room temperature 
deformation. 65) Jt is not certain whether no substructure 
at all is formed at liquid air temperature deformation, or whether 
imperfect subgrains are formed, which are so distorted that the spots 
cannot be resolved on X-ray micro-beam photographs. Rapid deforma- 
tion at room temperature leads to subgrains of ~ 2 u diameter; at 
higher temperatures the subgrain size increases to 10 u-100 uw,” and 
the boundaries are sharper. 


3. Slow Deformation at High Temperatures 


3.1. Deformation Under Creep Conditions 


Experiments on creep straining of Al at high temperatures (usually 
above 200°C) have shown that the subgrain size increases with increasing 
temperature of deformation and decreasing strain rate.“®)), (298-307) 
Results obtained recently by Ketity and Grirxrns,®*) which illustrate 
this variation, are shown in Table 19. These workers observed, in 


TABLE 19 


Variation of Band Width with Temperature and Strain Rate‘ 


Temperature Strain Rate Band Width 
Cc %/hr 


0-1 
| 
0-1 
20-0 
660-0 


common with McLean), @® and others,” that the cells tend to 
form in bands across the grains; for small grains, however, no banding 
occurs. Table 19 shows the variations of width of the bands with 
strain rate and temperature. 

According to Woop and Racutncer®®” a limiting particle size is 
found typical of the temperature and strain rate. The numerical 
results quoted in this paper have been criticized, and alternative 
values of particle size have been suggested.'®). “1 Increasing deforma- 
tion is accompanied by increasing misorientation; typical results due 
to McLEan are shown in Table 20.°) The subgrain size appears to be 
almost independent of grain size for large extensions. The density 
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of excess dislocations in the boundaries increases with increasing 
deformation: the values are of the same order of magnitude as those 
observed in specimens deformed at room temperature, but the disloca- 
tions appear to be arranged in much larger arrays at the higher 
temperatures. The addition of small amounts of impurity has been 
shown to lead to a reduction of the average cell size. 


TABLE 20 
Dislocation Densities and other Data for Specimens of 
Al Undergoing Creep at 200°C" 


Size of ingle between Dislocation 
Size Leformation 
Subgqrains Subgrains Density 


nlmm 
4 (*) (10°/ag. em) 


23-6 2! 8-7 
s4 40 Os 
15-0 : 47 1-8 
| 29 5 22 16-6 S58 


9} 22-1 16-6 
43 


Similar cells have been observed in creep-deformed Zn polycrystals. 
ess), (308), (310 Typical cell sizes are again 10-1004, and angular 
misorientations a few degrees. Cells have also been observed in creep 
specimens of pure and impure Mg.“@"'-* In the latter case SuITER 
and Woop" have obtained results indicating a wide variation in 
subgrain size; small grains tend to form at grain boundaries, larger 
cells in the interior of the grains. At temperatures of ~ 300°C con- 
tinuous rings are observed, on which a few intense maxima are super- 
imposed. Surrer and Woop suggest that the continuous rings derive 
only from the material near the boundaries; this explanation seems 
doubtful as the relative intensity of background to spots appears to be 
very high. It seems more likely that most of the grains have a sub- 
structure finer than that observed metallographically inside the grains, 
and that the misorientations are probably greater at the boundaries. 

Cells have also been detected in Sn-Sb alloys deformed by creep; 
room temperature creep specimens of Pb or Pb-Th alloys have given 
continuous rings (except after recrystallization), and no cells were 
observed metallographically.. Micro-beam experiments 
have. however, shown the existence of cells in Pb, even after rapid 
straining at room temperature,‘?’*) so that it is likely that at least the 
pure Pb creep specimens contain a small substructure. 

Some of the results mentioned above indicate that the substructure 
found by the x-ray methods may be on a smaller scale than that 
observed metallographically. It is thus essential to compare the 
quantitative estimates of cell size obtained from X-ray and metallo- 


graphic observations, before their identity can be assumed. 
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3.2. Mechanism of Formation of Substructure 


Observations on the formation of cells in high temperature deformation 
have provided important evidence on the mechanism of formation of 
the substructure. For a time there was considerable discussion on 
whether the cells are formed by “polygonization” or by a quite distinct 
mechanism during the deformation.'*-*®, (318 Part of the confusion 
probably arose from a lack of clarity in descriptions of the process, 
and in particular from the variety of meanings attributed to the word 


polygonization. 

The term polygonization was suggested originally by Cann‘) to 
describe the process occurring during recovery of bent crystals, in 
which the curvature changes from a continuous distribution across 
the crystal, to a discontinuous distribution in which the curvature is 
concentrated at certain boundaries only. The process was interpreted 
by CoTTRELL"* as a segregation of edge dislocations into walls. Since 
the time when these experiments were carried out, many cases of more 
complicated networks of dislocations have been found, and many of 
these have been considered to be formed by polygonization. The 
difficulty at present appears to lie in the fact that dislocation boundaries 
can be formed without the necessity of recovery, whereas the original 
polygonization process was considered to be a recovery mechanism. 
In this article the term polygonization is used to describe the change 
from a distributed curvature to one or more sharp boundaries (cf. 
section II, 1). The actual mechanism is not defined; thus it may 
involve the segregation of dislocations into walls, by climb or by slip; 
the stabilization of twist boundaries by slip on another system, and 
by rearrangement of the dislocation to lie in a single plane; or any 
other process not yet specified. It should be noted particularly that this 
definition differs mainly from the original definition in that it includes 
the stabilization of general, and in particular, of twist boundaries, and 
also because it includes the sharpening of a single local curvature to 
produce one wall, as well as the formation of several walls from a 
continuous curvature. 

In section III, 2.5, it was shown that the movement of dislocations 
may lead naturally to the formation of local bends and twists, outlining 
the cells. The subsequent sharpening of the boundaries is due to 
polygonization. 

The evidence on subgrain formation at high temperatures may be 
summarized as follows: 

At small extensions, CALNAN and Burns®®” found for Al that rota- 
tion occurs about the roller axis, perpendicular to the slip direction 
and in the slip plane. At higher strains the asterism streaks are too 
complex to allow the rotation to be analysed. McLean showed that 
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in the same material the substructure occurs in bands perpendicular 
to the slip lines, along kink bands (Fig. 48°’). The banding is most 
pronounced in coarse-grained specimens. Similar observations have 
been made by Ramsey. McLean also shows that there is a secon- 
dary structure breaking up the kink bands (Fig. 48); these boundaries 
are parallel to the slip bands. Similar results have been obtained by 
Keiiy and Guexis. Further confirmation of the relation of the 
cells to kink bands comes from experiments by Gervais, Norton and 
Grant.@™ who showed that sharp bend planes are formed at high 
temperatures (rotation several degrees about (211>). Regions between 
the bend planes appear to be curved, and polygonization of these 
regions leads to complicated cell formation. Formation of cells in bands 
of secondary slip has also been reported.“ Many workers have com- 
mented on the fact that the substructure forms first near grain boun- 
daries and then spreads across the grain,‘**. @), 2 but recently it 
has been suggested that cells are formed simultaneously throughout 
the grain.“?") Increasing deformation gives rise to increasing rotation 
at the cell walls, the curvature is distributed over a finite region, and 
the boundaries migrate. There does not seem to be any appreciable 
viscous boundary flow at the boundaries as suggested in some of the 
early work.“ 

The experiments indicate that at least the boundaries parallel to 
the kink bands are edge boundaries. McLean suggests that kink 
bands are formed, which subsequently polygonize.° It appears that, 
in addition to boundaries parallel to kink bands, there are boundaries 


parallel to slip bands, sometimes on a much smaller scale (Fig. 48a); 
these boundaries may be twist boundaries (see Fig. 42b), but again 


experiment is required to verify this point. 

Further evidence for the presence of screws in the metal is the fact 
that kink bands may sometimes not extend across the whole grain. 
This indicates strongly that screws are left on the slip planes at the 
ends of the kink bands. 

Similar results have been reported for Zn. @**) For single 
crystals symmetrical bend planes are formed near the grips; kink 
bands and deformation bands also occur. 

HoLtpex“*) has examined cleavage surfaces of deformed metal 
crystals, in particular Zn, and has observed that a series of kink bands 
are formed: the curvature at each kink band is distributed over a 
considerable distance: for example, after 12 per cent slow straining 
at a high temperature the width of each band is ~ 18 mm. Increasing 
deformation leads to increased curvature at the kink bands, while 
their spacing remains constant. For deformations at lower tempera- 
tures and faster strain rates the spacing between the bands and the 
curvature at each band decrease. 
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In polycrystalline Zn, cells begin to form by puckering at grain 
boundaries ;‘***) sometimes long narrow cells are formed parallel to 
the boundaries; there is a tendency for smaller cells to occur near 
grain boundaries rather than inside the grains. A typical particle size 
is ~ 50 4, and misorientation are 2-3°. Cells can usually be observed 
in grains showing no slip. 

Recently Cann, Bett and Bear! determined the relative orienta- 
tions of neighbouring cells in Zn by x-ray methods. They found that 

0001 


Fig. 49. Orientation of axis of rotation in polycrystalline Zn 
deformed at 250°C 


up to ~ 250°C the axis of rotation lies approximately in the basal slip 
plane (Fig. 49°"), and that the trace of the boundary in the slip plane 
is parallel to the axis of rotation. This shows that the boundaries are 
approximately pure tilt boundaries; it appears that the direction of 
the boundaries is more or less random in the slip plane (Fig. 49). The 
authors consider these boundaries to be pure edge-dislocation walls, 
but this interpretation does not seem to be quite correct. The fact that 
the walls, and therefore the directions of the dislocation lines, are not 
perpendicular to the Burgers vectors,.proves that the dislocations are 
partly edge and partly screw. The experiments indicate that each wall 
probably consists of dislocations with at least 2 of the 3 possible 
Burgers vectors, and that the wall takes up such a direction that the 
total screw component in the boundaries cancels out, since there appears 
to be negligible twist about the normal to the wall. This is an extremely 
interesting result, which seems to confirm the prediction of the disloca- 
tion theory about the nature of twist boundaries (cf. section ITI, 2.5). 
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A row of parallel screw dislocations in a plane produces a twist about 
the normal to that plane, but also causes a very high stress field which 
extends over long distances and cannot therefore be stable. In order 
to produce a stable twist boundary, a crossed grid of screw dislocations 
(see Fig. 43) on the slip plane is required to cancel out the long range 
stresses. In a hexagonal metal which slips only on the basal plane, 
such screw grids are only possible on the slip planes themselves. It 
appears then that the mixed edge and screw boundaries are so arranged 
that the total screw component cancels out, so that the long-range 
stress field is a minimum. 

It is interesting to consider how the structure continues inside the 
grains. It is expected that, unless the boundaries are under stress, 
the walls will be normal to the basal plane; experiments would be 
valuable on this point. It would appear then that the whole grain is 
broken up into a series of polygonal cylinders with their axes normal 
to the basal plane (Fig. 43a). It is possible, however, that in addition, 
the cylinders are subdivided by twist boundaries on the slip bands 
parallel to the basal plane. This might lead to a twist of the layers 
relative to each other, and might give rise to the observed grain 
boundary slipping. Cells are usually seen in grains in which slip is 
absent (and vice versa), and in these grains the basal plane is nearly 
parallel to the surface and to the tension axis. These facts have been 
explained on the basis that when slip is difficult cells are formed, and 
vice versa. However, cells are not observed when the tension axis is 
normal to the slip plane, although they should occur if this explanation 
is to be consistent. In any case, it remains to be seen whether the grains 
showing slip only do not in fact also contain cells, which are not detected 
metallographically. X-ray photographs seem to indicate the presence 
of cells in most of the grains,‘*** not only in the few grains which show 
a cell structure on the surface. Further experiments are required to 
check this point. At present, however, it seems possible to explain 
the apparent absence of cells in grains showing slip in a different way. 
The cells can probably be observed best metallographically if slip 
bands are absent. This would be the case for grains with orientations 
such that the slip planes are nearly parallel to the surface; on the 
other hand if the slip planes are normal to the surface the cells may be 
completely obscured by the slip bands. It would therefore be expected 
that, the greater the angle between the basal plane and the surface, 
the more difficult to observe would cells become; while slip lines 
would of course become increasingly clear. This explanation appears 
to account for the data satisfactorily but direct experiments are 
required to decide this point. 

The results for Al and Zn, although as yet incomplete, suggest that 
the dislocations are arranged in just those distributions which are 
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Fig. 51. Movement of bend plane in Zn under stress 
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Fig. 53. Formation of pile-ups of dislocations at crossing slip bands i 
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expected to occur from the considerations outlined in section III, 2.5. 
The only difference between low temperature and high temperature 
deformation seems to be that, the lower the temperature, the smaller is 
the scale on which the substructure occurs. Although the crystallo- 
graphy of the substructures is beginning to become a little clearer, 
many of the details of the formation have yet to be filled in. On the 
experimental side detailed data are required about the precise confi- 
guration of the boundaries; experiments such as those of Cann, BELL 
and Brar® could provide not only this information, but also data 
on the relative proportion of edges and screws present in deformed 
crystals. On the theoretical side, there is as yet no quantitative 
treatment of the variation of cell size with temperature or strain rate, 
nor is it even clear why kink bands are formed in the first place, or 
what determines the scale on which they occur. 


4. Effect of Stress Reversal 


The distribution of dislocations is sensitive not only to strain rates but 
also to the sequence and direction of the applied stress. Gougu and 
Woop?) were the first to show that asterism is much less for cyclic 
stressing than for static stressing. This work has been revived 
recently, °*3-826) and it has been shown for Al and Cu that, provided 
the strain is sufficiently small, on reversing the stress the extent of the 
asterism decreases; cyclic stressing in Cu at small strains causes only a 
small spread of misorientations in the original grains, with a possible 
breakdown into a few large cells which have only very small misorienta- 
tions relative to each other. For large strain amplitudes, however, the 
degree of misorientation appears to be more severe: it is also more 
severe, the slower the frequency of the stressing. Micrographic 
examination of the surface of an Al-} per cent Ag alloy fatigued at high 
stress, has shown the existence of slip bands, kink bands and cells.‘?”) 
Some of these cells appear to be bounded by kink bands and slip bands. 
Very large misorientations between neighbouring cells (~ 10°) have 
been reported. The size of the cells was found to be ~ 10 y, with a 
minimum size of ~ 1 yz. Similar cells (~ 20 4 diameter) have been 
observed in pure Al specimens.**) The cells are apparently formed 
preferentially near grain boundaries, and also near cracks, ‘?*-89) j.¢, 
in regions of high stress concentration (Fig. 50°), Sometimes 
fatigue cracks appear to follow the cell boundaries, and during the early 
stages of the formation of the cracks, they appear to occur along slip 
bands. At low stress amplitudes only slip bands or certain deformation 
bands parallel to the slip bands are observed. 

The small misorientations occurring in the course of fatigue at low 
strains suggest either that the dislocations producing the initial 
curvature in the first half of the cycle run back, or that new dislocations 


319 


; 
i 
Sa 
ft 
“ 
: 
_ 
a 
: 
ae 


PROGRESS IN METAL PHYSICS 


are distributed in such a way as to cancel out the misorientations by 
producing a Taylor type lattice. ForsytH has shown recently that, 
in Al, stress reversal causes slip on a neighbouring slip line, so that a 
groove appears to be formed on the surface.“2* Further deformation 
during fatigue appears to be concentrated mainly along the groove-like 
slip bands, although there is some evidence for fine slip occurring 
between them. BULLEN, Heap and Woop» report that after high 
frequency stressing the slip bands are further apart. 

It appears that the distribution of dislocations in fatigue stressing 
depends on the applied stress and the frequency. For low frequency 
the distribution is non-uniform, as for static stressing. At high fre- 
quency Forsytu’s results,’ that slip on reversal takes place on 
neighbouring slip lines, indicate that a Tay or lattice type distribution 
may be formed (Fig. 9) which results in negligible misorientation. 
The density of dislocations, which could probably be estimated from 


the broadening of the spots, is not known. 


5. Properties of Boundaries and Dislocation Arrays 


The properties of dislocation sub-boundaries have been reviewed 
recently by Beck." In this article this subject will only be briefly 


discussed. 

Early experiments showed that asterism streaks from extended or 
bent crystals break into spots after the crystals are annealed.‘ @*, 
(332-381) The temperature at which this polygonization is observed 
depends on the method of observation. As mentioned in section 
III. 2.4, it is not clear whether this process actually occurs during 
annealing, for recent experiments show that in deformed polycrystals 
and even single crystals very small subgrains are produced during the 
deformation, so that the polygonization originally observed might well 
he due to the movement and coalescence of sub boundaries." 

It is found from micro-beam experiments that, in the course of 
annealing, the spots sharpen and the background disappears.“ For 
Al this takes place slowly at room temperature, and more rapidly at 
high temperatures. Even in this case it is not clear whether the 
boundaries really polygonize, or whether the dislocations are already 
present in a number of walls which subsequently coalesce. It is found 
that the average cell size decreases slightly on annealing; this is 
probably due to a polygonization of some of the boundaries into a 
small number of walls. Table 21 shows some results obtained by KELLY 
illustrating the point.“*” Similar results on the sharpening of the 
boundaries and on the increase of perfection of the particles have been 
obtained by other workers.“*, (388) 

The stability of these substructures is remarkable. Up to about 


200°C there is no growth of the subgrains in Al. Above that 
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temperature large recrystallized grains appear, and evidence has been 
obtained that at least sometimes subgrain growth occurs. Similar 
results have been reported for Sn." In Cu recrystallization sets in 
at a lower temperature (about 150°C), and a sharpening of the boun- 
daries appears to occur simultaneously.’ Metallographic observa- 
tions by CrussaRD indicate a particle size of ~ 1 «," in good agree- 
ment with that obtained by Ke.ty. 
TABLE 21 


Variation of Particle Size in Al as a Function of 
Annealing Treatment‘**® 


Treatment Particle Size (yu) 


Rolled 55-5% 

+ 14 hrs at 160°C 
+ 6 hrs at 200°C 
+ hr at 260°C 

+ 2hrs at 260°C 


Crystals which have suffered less plastic deformation have shown 
clearly, on the one hand, the great stability of the substructure, and 
on the other, its mobility. In crystals of Fe, Al, Zn and Fe-3-3 per cent 
Si, 0), (213), (214), (333), (334) hent or extended and subsequently annealed 
at high temperatures, the movements of subgrains have been observed 


by x-ray and metallographic methods. Table 22 shows some typical 


TABLE 22 
Variation of Width of Polygons in a Bent and Annealed crystal of 
Fe-3-3% Si, as a function of Annealing Treatment” 


Anneal Particle Size 


10 min at 950°C 3-5 
24 hrs at 950°C 18-3 
4 hrs at 1300°C 42-5 


results obtained for a bent and polygonized crystal of Fe-3-3 per cent 
Si.) In the case of slightly deformed or bent crystals of Al sub- 
boundaries have been observed to move and coalesce at high tempera- 
tures above ~ 450°C.) The cell size increases with time and tem- 
perature; the rate of growth is smaller for impure Al. Similar results 
have been observed for other crystals. In the case of Al and Zn, 
however, boundaries are still present at ~ 20°C below the melting 
point, although the movement of boundaries was observed at lower 
temperatures."*") These results probably account for the fact that in 
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these metals the original mechanical properties can only be partially 
recovered before recrystallization, if the deformation was inhomo- 
geneous and therefore resulted in subgrain formation.“ * On the 


RANGE OF YIELD STRESSES 
ZINC SINGLE CRYSTALS 
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(b) 
Fig. 52. Variation of (a) yield stress o, and (b) mobility of 
boundary with boundary angle 6 


other hand, if crystals are extended in pure shear, no asterism is observed 
and therefore no subgrains are formed; in this case the mechanical 
properties can be fully recovered before recrystallization.® 

It appears then that the sub-boundaries are relatively stable, and 
that their mobility depends on the extent of the previous deformation. 
For bent single crystals the boundaries are often found to be sym- 
metrical tilt boundaries, perpendicular to the active slip direction ;"™. 
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(838) sometimes, however, boundaries also form in other directions. 
In the case of Zn, symmetrical tilt boundaries are formed if the axis 
of bending is normal to one of the slip directions; for other orientations 
of the axis of bending more complicated polygon networks are formed 
(cf. Fig. 20), but generally one set of boundaries is always perpen- 
dicular to a slip direction; i.e. this set consists of symmetrical tilt 
boundaries, 

The rate of subgrain growth is accelerated considerably if a stress is 
applied during the annealing treatment (i.e. creep condition, cf. section 
III, 3.1°97-88) Parker and his colleagues have carried out particu- 
larly illuminating experiments on the properties of sub-boundaries 
under stress'*#°-*#2) (see Fig. 51°). They introduced a single bend 
plane into Zn single crystals and investigated the mobility of this 
boundary as a function of tilt angle and other features. The yield stress 
of the boundary increases and the mobility decreases with increasing 
boundary angle (Fig. 52). Boundaries containing fewer dislocations 
move faster and coalesce with slower boundaries; the boundary angle 
and the yield stress increase, and the mobility decreases. The boun- 
daries are retarded by highly distorted regions or boundaries with 
different axes of rotation. Boundaries have been observed to move 
at temperatures between—196°C and 400°C; the yield stress increases 
with decreasing temperature. At low temperatures the boundary 
angle may decrease during motion and at room temperature the 
motion tends to become discontinuous. At high temperatures the 
angle remains constant and the activation energy for a motion is the 
same as for self-diffusion. This indicates that a diffusion of vacancies 
is necessary for movement of the boundaries to take place; such a 
diffusion may be necessary to move jogs in the dislocation lines or to 
enable the dislocation lines to overcome obstacles by climb. 

The motion of a hexagonal array of boundaries has also been studied, 
with similar results, and the movement of more complicated boundaries 
under stress has also been observed. 

Both the stability and mobility of sub-boundaries provide strong 
evidence for the soundness of dislocation theory. Boundary walls, 
i.e. surface distributions of dislocations, have a high stability because 
their energy is low, as the strains due to the dislocations only extend 
over a distance of the order of the spacing of the dislocations in the 


boundary."®) 


6. Effect of Sub-boundaries on Mechanical Properties 


Most of the correlations between mechanical properties and distri- 
bution of dislocations are as yet qualitative.“ Hexagonal or cubic 
crystals deformed in pure shear harden at a relatively slow rate and 
show no asterism. This hardening has been considered to be due to 
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the interaction between the dislocations in a dipole type lattice, which 
is consistent with the lack of asterism.“ No direct estimate of the 
dislocation density has, however, been made. 

The influence of substructure size on yield stress was emphasized by 
Woop and Racuincer,*”) who showed that for a number of metals 
the yield stress o was apparently given by the Bragg criterion ¢ = 


Gb 
= where G = rigidity modulus, ) = Burgers vector, t = particle size. 


It was pointed out by Gay, Hirscu and Keiiy that this apparent 
agreement would be expected if the line broadening were predominantly 
due to strains, rather than to particle size as assumed by Woop and 
RACHINGER in deriving the particle size. Also, if the Bragg criterion 
(345), (346) is assumed for the onset of slip, the strain broadening must 
exceed the particle size broadening; and therefore the original inter- 
pretation must be inconsistent. Woop and Racnincer®®” used the 
same criterion to explain the yield strength of creep specimens of Al; 
the particle sizes derived from their photographs which were used in 
the formulae are, however, inconsistent with the metallographically 
observed cells‘, @™® (cf. section III, 3). Using the particle size 
determined by x-ray methods Gay, Hirscu and KELLy showed that 
the Bragg criterion, as expected, gives a yield stress consistently too 
high, by a factor of about 5 to 10. These workers have suggested a 
l 


(62) 
Vit 
Following Franxk,‘?*” it is argued that sub-boundaries act as barriers 
to slip, and in order to penetrate these boundaries dislocations must 


different dependence of strength on particle size, ie. o« 


pile up between successive boundaries. FRANK suggests that yield 
takes place when a new source is created near the boundary by the 
stress concentration due to the pile-up.?" Making use of calculations 
due to Frank, and to Esuecsy, Frank and Nasarro,'” it is shown 
that the yield stress in most cold-worked metals is accounted for by 
this mechanism if the effective boundary thickness is ~ 100-200 A.‘6®) 
Ke.t_ty®”™ showed further that the parabolic stress-strain curves from 
polycrystalline Al and Fe could be explained quantitatively on this 
basis, assuming that the boundary thickness remains constant, and 
that the increase in yield strength is due entirely to the decrease in 
subgrain size. 

Although the agreement between experiment and theory appears 
good, it is by no means clear why it should be necessary to create a 
new source before slip can break through. After annealing, the yield 
stress decreases, yet the particle size remains constant or decreases; 
it is argued that the decrease in yield stress is due to a reduction of the 
boundary thickness,'® but this does not seem to be a very convincing 
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explanation. More searching experiments are required to test the 
validity of the assumed mechanism. There does, however, appear to be 
considerable evidence that pile-ups of dislocations exist. Thus, 
Jacquet...) showed that, on etching polycrystalline «-brass, in 
certain regions etch pits appear with a spacing which is identical with 
that expected to occur between dislocations in a pile-up of disloca- 
tions.) Such pile-ups have been seen near grain boundaries, and also 
at the point of intersection of two crossing slip lines (Fig. 5347), 
Further evidence derives from photo-elastic observations on rocksalt, 
where it could be shown that before yield takes place the dislocations 
apparently pile up at the sub-boundaries.* 

Finally, of course, it has been shown in previous sections that the 
x-ray diffraction evidence is consistent with the presence of pile-ups. 

Recent experiments by PARKER and his colleagues have shown very 
clearly that, when a sub-boundary is introduced into a crystal, the 
yield stress increases (Fig. 54a“**)) and a moving boundary is held up 
by the sub-boundary introduced.“* This is the most direct proof 
of the influence of sub-boundaries on strength. Other experiments 
have shown qualitatively the influence of sub-boundaries; Fig. 545 
shows the stress-strain curves for various copper specimens with 
different substructures. 

In view of the scarcity of quantitative results on the effect of sub- 
structure on yield stress, it is clear that direct experiments correlating 
yield stress with known type and size of substructure are urgently 
required. 

In general the effect of substructure on yield stress is due to the 
interaction of the moving dislocations with those in the boundaries. 
There is now good evidence that dislocations have difficulty in cutting 
through each other, e.g. from the experiments of Li, WAsHBURN and 
PARKER mentioned already ;‘**) from the fact that if the stress direction 
in Zn is changed to another slip direction the yield stress increases, pre- 
sumably due to the stress field of the primary dislocations present ;° 
from the general fact that latent slip planes harden at least as much as 
the primary slip planes, and from the experiments of Paxton and 
COTTRELL in which the presence of screw dislocations caused a 
considerable rise of the yield stress." 


IV. Discussion 


1. Summary of Previous Sections 


Experimental studies of unworked crystals have shown that many 
crystals contain dislocations either randomly arranged or in sub- 
boundaries. Dislocation densities in metal crystals varying between 
10 and 10*%sq.cm have been reported. Carefully prepared crystals 
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Fig. 54. Effect of sub-boundaries on shear stress (a) single crystals 
of Zn, (6) single and polycrystals of Cu 
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grown by recrystallization methods apparently contain densities as low 
as 10°/sq. cm. Little is known about the precise distribution of disloca- 
tions in annealed metal crystals, the mechanical properties of which 
have been determined. 

On deforming the crystals more dislocations are introduced into the 
metal. The distribution depends on the type, degree and temperature 
of deformation. Homogeneous shear appears to lead to the formation 
of a dipole lattice; if the deformation is inhomogeneous the dislocations 
are grouped together into boundaries. No explanation has yet been 
proposed for the variation of subgrain size with deformation and 
temperature, and in particular for the so-called limiting particle size at 
large deformations. It is important to know whether this limiting 
particle size is a feature of the process of deformation itself and due 
to the stresses occurring during the deformation, or whether it is a func- 
tion of the distribution of sources. Dislocation densities varying 
between ~ 10° and 10'/sq.cm have been reported for cold-worked 
metals. 

Annealing treatments lead to the removal of many of the disloca- 
tions, presumably by mutual annihilation. Sub-boundaries are very 
stable, but migrate at temperatures depending on the metal, on the 
prior deformation, and on the type of boundary. Very drastic annealing 
treatments may be necessary before most of the sub-boundaries 
disappear. It is not clear whether all traces of sub-boundaries can be 
removed during recrystallization, or whether new boundaries are formed, 
which act as sources in the annealed crystals. 


2. Comparison with Other Data 


Many attempts have been made to explain mechanical properties of 
metals in terms of distributions of dislocations. In particular the yield 
stress of single crystals has been interpreted in some detail. Morr” 
suggests that annealed f.c.c. metals contain a three-dimensional 
network of dislocations the links of which are of length /, and that these 
dislocations act as Frank-Reap sources. He suggests that in the 
absence of internal stresses, the initial yield stress is determined by the 

Gb 


stress necessary to cause a FRANK-READ source to act, Le. ¢d = —, 


where G = shear modulus and 6 = Burger’s vector. Table 23 shows 
results given by Mort, and some additional data. These values depend 
of course on the value assumed for G. On the other hand, SeecEr®®® 
considers the yield stress to be conditioned by the internal strain field 
due to other dislocations and suggests as an approximation the relation 
Gh 
where r is the distance between dislocations the stress 
2n(1 — v)r 

fields of which affect each other, and y is Poisson’s ratio. Clearly r 
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will be smaller than / calculated above by a factor of ~ 4-5, and the 
densities will be considerably larger. It is not yet certain which of 
these assumptions is preferable, but in any case the orders of magni- 
tude of the densities are similar to those obtained from X-ray and other 
data. It should be noted, however, that, on the latter assumption, the 
density of dislocations may be considerably lower for the same yield 
stress if the dislocations are arranged in some special configuration, 
such as for example mosaic walls. 
TABLE 23 


Values of Dislocation Densities from Yield Stress 


Metal Yield Stress Density 


(qm/mm*) (n/jaq. cm) 


(208 


oo 
220 
100 
{20 
160 
sO" 
Mg a0 


Recent theories of strain hardening have also led to the conclusion 
that the length of or spacing between sources is ~ 10~* cm.‘ @") A 
theoretical analysis of logarithmic creep curves has also given the result 
that for various crystals of Al, / lies between 10~* and 10~* cm, and D 
has values between 5 x 10° and 7 « 10°/sq. cm.* An in-erpretation 
of the variation of yield stress with temperature in hexagonal Zn and 
Cd leads to the conclusion that the spacing of dislocations with Burgers 
vector parallel to the ¢ axis is ~ 3 x 10-*cm, and the density is 

From the disappearance of the yield point at low concentrations of 
C in Fe a density of ~ 10*/sq. cm has also been deduced. FrrepEL 
has interpreted the decrease of shear modulus in terms of distributions 
of dislocations; the value of / ~ 10~-* for Cu alloys is rather small 
compared with the value expected from yield stress, and FRIEDEL 
deduces that most of the dislocations are sessile. °° 

All these experiments indicate a density of dislocations of 
10°—10*/sq. cm, in excellent agreement with the values obtained from 
x-ray and other data. It is interesting to note that the recently 
discovered “whisker” crystals*?-**) can support very high elastic 
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strains without yielding plastically, and this indicates that in these 
crystals there are probably no “‘glissile’’“*” dislocations at all. 

With regard to deformed crystals, TayLor’s theory,“”), ‘” which 
assumes that hardening is due to the interaction of dislocations in a 
dipole lattice, indicates that the density of dislocations is ~ 10'*/sq. em. 
The x-ray data suggest that a dipole lattice with this high density of 
dislocations does not exist, but that the dislocations are concentrated 
in local boundary regions, probably in the form of pile-ups. In Mort’s 
theory’ the hardening is considered to be due to the locking of dislo- 
cations at barriers, and to the stress field of the pile-ups at these 
barriers. Although the stress-strain curve predicted on this theory is 
independent of the distance between the barriers, the theory appears 
to be consistent with the evidence for “boundaries” from x-ray data. 
It seems also that the density of dislocations which remain in the metal 
may not be inconsistent with the values determined from x-ray 
measurements. Another theory, in which pile-ups are assumed to occur, 
has already been mentioned (section III, 6‘. 7), In this case the 
density of dislocations in the pile-ups is also of the same order of magni- 
tude as the x-ray values. More recently the strain-hardening curves 
of single crystals have been studied in detail experimentally and 
theoretically; and various hardening mechanisms applicable to 
different parts of the stress-strain curves have been proposed. At 
present, however, the theory is undergoing rapid development, and a 
detailed discussion must wait until some of the controversial issues 
have been settled. 

Other estimates of dislocation densities have been derived from 
experiments on strain ageing of moderately deformed Fe; the densities 
are found to be ~ 10" /sq. (366) 

The stored energy has also been interpreted in terms of disloca- 
tions,“ but recent results indicate that part of the stored energy 
may be due to vacancies.“), 7-9 Further, the energy stored 
appears to depend critically on the purity of the material.@® The 
dislocation density calculated from recent figures for Cu deformed 
an equivalent amount to that of the specimens used for x-ray work is 
~ 1-4 10"/sq. assuming that the dislocations are inde- 
pendent of each other. However, if pile-ups occur the same energy 
will be due to many fewer dislocations” (see section III, 2.2). There 
is considerable evidence that such pile-ups occur in deformed crystals: 
it is therefore not possible at present to obtain a reliable value of 
dislocation density from stored energy measurements, unless the 
configurations of the dislocations are known. 

The experiments of KUHLMANN-WILsporF and WILsporF®”), (279), 
'344) On fine slip have also been used to obtain information on dislocation 
distributions. These workers interpret their results to mean that there 
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are more sources in the metal than can produce the slip lines of the 
elementary structure, the spacing of the latter being determined by 
the stresses between passing dislocations. For very small deformations 
they find that the number of dislocation sources must exceed 
~ 10*°/sq.cm. It is not clear from the experiments from what depth 
of layer the dislocations originate; the authors’ method of estimating 
this laver does not seem consistent with the remainder of their inter 
pretation. If the sources are in the form of a network of spacing and 
length ~ 10-* em, the dislocations would originate from a thickness of 
~ 10~* em inside the crystal. The authors point out that it is still not 
clear whether the fine slip lines are a surface phenomenon or typical 
of the interior of the metal. Morr” considers that the presence of 


parti les sugyvests that slip lines probably have similar spacings in the 


interior of the metal however, the particle boundaries might be slip 
bands, and the misorientations, twists produced by screws on the slip 
bands (section III, 2.5). This, and many other problems of the plastic 
deformation of crystals, will probably not be understood completely 
until more detailed information is available about the distribution of 


dislocations in annealed and deformed crystals. 
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